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A Co-based superalloy (Co-0.20Ni-0.11Al-0.07W-0.04Cr-0.03Ti, mole fraction) was 

synthesized by laser powder-bed fusion of a blend of elemental powders. The as-built alloy 

shows a γ-FCC matrix where the high-melting Ti and Cr powders are fully dissolved, but the 

refractory W particles are only partially melted. Full dissolution of the W particles is achieved 

after homogenization at 1150 °C, resulting in a homogeneous, single-phase γ microstructure. 

Upon aging at 900 ºC, a two-phase γ/γ′ microstructure forms, with a high-volume fraction of 

sub-micron γ' precipitates with cuboidal shape. Compared to a control quaternary alloy without 

Cr and Ti fabricated by the same method, the present alloy has increased γ' fraction and 

microhardness after aging for 300 h, maintaining a strong γ' strengthening effect without 

forming γ'-depleted zone at grain boundaries. Micron-size γ'-precipitates at grain boundaries 

also shift the transition between diffusional and dislocation creep to lower stress levels, by 

inhibiting diffusional creep and grain-boundary sliding. However, overall creep resistance is 

lowered, consistent with a reduction of lattice mismatch due to Cr additions and rafting of γ' 

precipitates. Furthermore, Cr and Ti additions improve oxidation resistance at 900 ºC, due to 

the formation of a continuous Cr-, Ti- and Al-rich oxide layer.  
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1. Introduction 

The Co-Al-W ternary system forms a γ/γ' superalloy microstructure comprising a disordered 

FCC (Face Centered Cubic) γ matrix with ordered-FCC (L12) γ' precipitates [1,2]. Superalloys 

with this γ/γ' microstructure exhibit excellent coarsening- and creep resistance at high 

temperature and stresses, with improved properties as more alloying elements are added (e.g., 

oxidation resistance with Cr additions). As compared to their Ni-based counterparts, Co-based 

γ/γ' superalloys can have higher solidus temperatures and they show a positive γ/γ' lattice misfit 

(difference between lattice parameters of the γ' and γ phases), which provides a more effective 

tensile creep resistance after rafting [3–6]. However,  the γ'-Co3(Al,W) phase in ternary Co-Al-

W alloys exhibits the microstructural metastability [7,8] and a comparatively low γ' solvus 

temperature compared to γ'-Ni3(Al,Ti) [9]. This led to the introduction of additional alloying 

elements such as Ni, Fe, Cr, Ti – and refractory elements such as Ta, V, Nb, Mo and Hf – into 

Co-based superalloys [10–12]. Some of these alloying elements enhance γ' thermal stability 

and high-temperature strength through modification of the morphology, volume fraction and 

solvus temperature of the γ' Co3(Al,W) phase [12–14]. For example, Ti, Ta and Nb partition to 

the γ' phase [15], which contributes to increased γ' volume fraction [12,15]. By contrast, Ni 

remains in solid solution within both γ and γ' phases while increasing the γ' solvus temperature 

[16] and expanding the compositional window for the γ/γ' two-phase region [17]. Of particular 

interest are Ti and Cr, which increase the high-temperature stability of the γ′ precipitates and 

the creep strength of the alloys [4,18]. Ti increases the γ' solvus temperature (for Ti [11,15]), 

Cr strongly enhances oxidation resistance ([19,20]), and both Ti and Cr reduce the alloy density 

([21]). 



 

 

In addition to alloy design, manufacturing techniques have evolved to include laser-powder 

bed fusion (L-PBF), enabling the production of parts with complex geometries, such as turbine 

blades, from alloys with low machinability, and providing refined microstructures due to rapid 

solidification [22–26]. Our previous work [27] demonstrated the fabrication of a simple 

quaternary Co-20Ni-11Al-8W superalloy (here and in the following, all compositions are given 

as mole fraction x 100, equivalent to atomic % (at.%), unless otherwise noted) via L-PBF, 

using blends of elemental powders rather than pre-alloyed powders. Two unique microfeatures 

are present in the as-processed state, i.e., partially-melted W particles and W-deficient regions, 

which directly affect crack nucleation and arrest during the fabrication process. Partially-

melted W particles divert or bridge cracks, providing ductile-phase toughening. By contrast, 

W-deficient regions mainly act as crack nucleation sites due to the presence of brittle B2-NiAl 

and eutectic microconstituents. Upon homogenization, these W-rich and W-deficient features 

fully dissolve into the matrix, forming a homogenous FCC-γ solid solution. Subsequent aging 

leads to a γ/γ’-two-phase microstructure. 

One of the advantages of utilizing elemental powders for L-PBF processing is the ease of 

exploring rapidly and efficiently newly-designed alloy compositions [28–30], without the 

necessity to fabricate pre-alloyed powders. Any alloy composition can be achieved by blending 

elemental powders, enabling rapid experimental alloy adjustment and feedback from/to 

CALPHAD (CALuclation of Phase Diagram; a phase-based method for predicting the 

composition, temperature and pressure dependent properties) calculations. The approach of 

utilizing elemental powders for LPBF has been reported for Ti-based alloys [31,32], multi-

principal element alloys [33,34], Al-based alloys [35,36], and Ni-based superalloys [37]. 

Recently, we demonstrated this blended-elemental-powder approach for a simple quaternary 

Co-based superalloy (Co-Ni-Al-W) with γ/γ' microstructure [27]. Co- and Co-Ni-based 

superalloys, as they require careful compositional optimization through addition of a range of 

minor alloying elements [19,38], benefit from the flexibility and ease of tailoring of the blended 

elemental powder L-PBF route. 

Here, using this approach, we demonstrate the addition of Ti and Cr to our previously-studied, 

quaternary Co-20Ni-11Al-8W superalloy [27] to improve microstructural stability and high-

temperature properties. The resulting hexanary Co-20Ni-11Al-7W-4Cr-3Ti composition is 

developed via CALPHAD-based thermodynamic predictions to achieve an optimal γ/γ' 

microstructure by maximizing the volume fraction of γ' precipitates without forming 

deleterious additional phases. We report microstructural characterization after laser melting 

and heat treatments, examining the as-fused state as well as the evolution of γ' precipitates 

during aging. The effect of Ti and Cr on the thermal stability of γ' precipitates, under thermal 

and creep exposure, and oxidation resistance are investigated; the current hexanary Co-20Ni-

11Al-7W-4Cr-3Ti alloy is found to exhibit improved γ' thermal stability and oxidation 

properties as compared to the prior quaternary Co-20Ni-11Al-8W alloy [27].  

 

2. Alloy design and experimental procedures  

2.1. Alloy composition 

The Ti and Cr alloying addition to the Co-20Ni-11Al-8W (denoted as Base, reported in Ref. 

[27]) were selected to maximize γ' fraction at 900 °C to improve creep resistance [39,40], 

without forming secondary phases such as μ-Co7W6, based on database calculations using the 

CALPHAD-based CHiMaD (Center for Hierarchical Materials Design) -Co thermodynamic 

database [41,42]. The allowable maximum amounts of Ti and Cr, along with adjustments to Al 

and W concentrations, were determined. First, Ti composition was fixed at 0.02 mole fraction 

(Figure S1 (a)), and the stable phases were investigated by varying Cr concentration for the 

Co-20Ni-11Al-8W-2Ti-xCr space. Since increasing Cr composition stabilizes the µ phase, Cr 



 

 

composition was limited to 0.04 mole fraction. As shown in Figure S1 (b), a W composition of 

0.07 mole fraction expands the γ+γ' field, as compared to 0.08 mole fraction (Figure S1(a)); 

thus, the amount of W was restricted to 0.07 mole fraction. Then, the effect of different Ti 

composition from 0 to 0.05 mole fraction on the γ' fraction was investigated while limiting Cr 

composition to 0.04 mole fraction for the Co-20Ni-11Al-7W-4Cr-xTi space (Figure S1 (c)). 

Even though it is desirable to increase Ti composition, this can lead to the formation of the μ 

phase, so Ti was limited to 0.03-0.04 mole fraction. Figure 1 shows the stable phases in the 

20Ni-11Al-7W-3Ti-xCr space as a function of Cr concentration. The blue dotted line represents 

the maximum Cr content (0.04 mole fraction), indicating the single γ region at the 

homogenization temperature (1150 °C) and the γ+γ' region at aging temperature (900 °C). 

Therefore, a composition of Co-20Ni-11Al-7W-4Cr-3Ti (denoted as TiCr) was chosen. 

 

     
Figure 1. Calculated phase diagram for the 20Ni-11Al-7W-3Ti-xCr space. The blue dotted line 

indicates 0.04 mole fraction Cr, corresponding to the Cr content of the investigated TiCr alloy. 

  

2.2. Alloy fabrication and heat treatments 

The Co-20Ni-11Al-7W-4Cr-3Ti alloy was synthesized from elemental powders: Co (99.9%, 

Stanford Advanced Materials *), Ni (99.5%, US Research Nanomaterials), Al (99.7%, US 

Research Nanomaterials), W (99.95%, Global Tungsten & Powders), Ti (99.71%, AP&C 

Powder Metallurgy), and Cr (99.98%, Nanografi Nano Technology). The powders have 

diameters < 45 μm and are near spherical (except for the Cr powder) insuring good 

spreadability in the LPBF instrument; in particular, the two highest-melting powders have finer 

sizes to facilitate dissolution in the melt pool: 10 μm for Cr and < 20 μm for W (achieved by 

sieving of the as-received powders). A high-energy SPEX SamplePrep mill was first used to 

blend Ni, Al and W powders under Ar for 5 min, with two yttria-stabilized zirconia (YSZ) balls 

(6.5 mm and 12 mm in diameter). This was done to minimize separation of the W powder from 

the other powders while filling the powder reservoir and during powder spreading in the L-

PBF instrument and was driven by the much higher density of W [27]. The resulting Ni+Al+W 

powder was mixed with elemental Co, Ti, and Cr powders in a rotational ball mill operated 

under Ar (60 RPM) for 4 h, using YSZ balls with a 1:1 ball-to-powder weight ratio. Most of 

the powders remained elemental, but some powders, including W powders, were partially 

 
* Certain commercial equipment, software or materials are identified in this paper to adequately specify the 

experimental procedures. In no case does the identification imply recommendation or endorsement by NIST, nor 

does it imply that the materials, software or equipment identified are necessarily the best available for the purpose. 



 

 

agglomerated without mechanical alloying, as ascertained from cross-sectional BSE 

(backscattered secondary electron imaging) micrographs after 4 h ball milling (Fig. S2). 

 

The blended elemental powders were fused into cubic samples ((5 × 5 × 5) mm3) using an L-

PBF instrument (Sisma MySint 100, Trumpf) equipped with a 200 W fiber-laser operating at 

1070 nm wavelength and providing a 55 µm spot size. A bidirectional scan strategy (90° 

rotation between layers) was used for each layer at scanning speed of 200 mm/s, 300 mm/s, 

and 400 mm/s, while maintaining a laser power of 200 W, hatch spacing of 105 µm, and a 

powder layer thickness of 30 µm, under Ar shielding gas (O2 < 0.01%). To fabricate cylindrical 

creep specimens with 6.5 mm diameter and 15 mm height, an island-scanning strategy with 

300 mm/s scanning speed was used. The island with a dimension of (4 × 4) mm2 was rotated 

by 90° for the subsequent island scanning and shifted by 1 mm in the x and y directions for 

subsequent layer scanning.  

 

Table 1 shows the average (sample-wide) alloy compositions of as-built TiCr specimens, 

obtained from energy-dispersive spectroscopy (EDS) measurements (Details are presented in 

Section 2.4). The compositions are close to the nominal concentrations, indicating that the 

blending elemental powder approach successfully achieved the desired composition even for 

the lower-concentration elements, Ti and Cr. The samples with variations in the TiCr 

composition, TiCr-2 (enriched in Ti) and TiCr-γ (depleted in W and enriched in Al), were 

additionally assessed by Vickers hardness testing for different aging times and creep tests, 

respectively.  

 

Table 1. Average compositions of samples built at laser scanning speeds of 200 mm/s, 300 

mm/s, and 400 mm/s. Values are given as mole fraction x 100 (equivalent to at. %) and obtained 

from EDS measurements (see 2.4). Error bars represent the standard deviations. 

 Scanning 

speed (mm/s) 
Co Ni Al W Ti Cr 

Nominal - 55.0 20.0 11.0 7.0 3.0 4.0 

TiCr 

200 51.8 ± 0.2 19.7 ± 0.1 11.7 ± 0.1 8.3 ± 0.2 3.8 ± 0 4.8 ± 0 

300 54.5 ± 0.3 20.4 ± 0.2 10.0 ± 0.3 7.7 ± 0.2 3.2 ± 0.1 4.2 ± 0 

400 57.3 ± 1.0 20.0 ± 0.1 9.3 ± 0.4 6.4 ± 0.4 3.1 ± 0.1 3.8 ± 0.3 

TiCr-2 300 55.5 ± 0.2 19.9 ± 0.1 10.5 ± 0.2 6.7 ± 0.0 3.6 ± 0.1 3.8 ± 0.1 

TiCr-γ 300 56.9 ± 1.2 20.3 ± 0.3 11.4 ± 0.6 4.1 ± 0.3 3.1 ± 0.5 4.1 ± 0.1 

 

As-built samples were embedded in a bed of Ni-50Al powder (mass percent, from Sigma-

Aldrich) within a vacuum-sealed quartz tube, homogenized at 1150 °C for 96 h, and water-

quenched. After removal of the sintered Ni-50Al (mass percent) powder bed from their surface 

(and the associated Al-rich diffusion layer), the specimens were aged at 900 °C for 24 h in Ar-

encapsulated tubes with Ti granules (used as an oxidation getter), followed by water quenching. 

 

2.3. Study of aging evolution and oxidation resistance 

The phase transformation temperatures of the aged Base and TiCr alloys were determined by 

differential scanning calorimetry (DSC) measurements using a Mettler Toledo TGA/DSC 3+ 



 

 

instrument. The samples were cut into a disk shape with 4.5 mm diameter and 1.5 mm height 

and their surface was ground to 4000 grit. DSC measurements were carried out in an alumina 

pan, with heating and cooling rates of 10 °C/min under a 50 mL/min Ar flow rate. Aged 

samples were cycled twice in the solvus-liquidus range (from 800 °C to 1500 °C) upon heating 

and cooling, and γ' solvus, solidus and liquidus temperatures were obtained by averaging values 

from two heating cycles. Oxidation behavior of the aged Base and TiCr alloys was determined 

through thermal gravimetric analysis (TGA) measurements using a Mettler Toledo TGA/DSC 

3+ instrument by exposing samples aged for 24 h to dried air at 900 °C. After TGA 

measurements, oxidized disks were cut in half, mounted, and polished for microstructural 

characterization. 

 

To investigate the effects of Ti and Cr addition on microstructural stability and the 

corresponding hardness evolution, the homogenized Base and TiCr alloys were aged at 900 °C 

for times ranging from 0 h (as-homogenized) to 300 h. Vickers hardness testing was performed 

on polished cross-sections with a Wilson VH3100 hardness tester using a 1.96 N applied load 

for 10 s. The average hardness was obtained from 12 measurements for each sample (discarding 

the highest and the lowest values). Microstructural characterization was carried out after 

Vickers testing, for various aging times. 

 

2.4. Microstructural analysis 

The printed TiCr alloy were cut in half parallel to the building direction, hot mounted, ground 

down to 4000 grit and polished using 3 μm and 1 μm diamond suspensions, with the final 

polishing using a 0.04 μm colloidal silica suspension. To observe the γ/γ' microstructure, aged 

samples were etched with Carapella’s reagent (96 ml ethanol, 2 ml HCl, and 5 g FeCl3). 

Microstructural investigations were carried out using a scanning electron microscope (SEM, 

FEI Quanta 650) coupled with backscatter electron (BSE), EDS, and electron backscatter 

diffraction (EBSD) detectors (Oxford Aztec) at an accelerating voltage of 20 kV. Calibration 

of the EDS instrument was carried out using pure cobalt standards. The bulk composition of 

the printed sample (Table 1) was measured by averaging the results obtained from EDS area 

analyses of three equally-divided regions within cross-sectional BSE image with an 

approximate area of (2.4 × 3.5) mm2. EBSD data-processing was performed using TSL OIM 7 

Analysis software. 

 

2.5. Creep tests 

Two cylindrical compressive creep specimens, with 5 mm diameter and 11 mm length, were 

extracted using electric discharge machining from two aged cylinders (6 mm diameter and 13 

mm length). Compressive creep tests were performed at 850 °C ± 3 °C in air under a constant 

dead load (using a lever arm), with an extensometer and a linear variable differential transducer 

recording the sample displacement. After establishing and recording a steady-state strain rate, 

a series of increasing stress levels were tested to an accumulated strain of  10%. Minimum 

creep strain rates were determined from the steady-state displacement rates at each stress level 

(as illustrated in Figure S3). Crept specimens were sectioned perpendicular and parallel to the 

applied load for optical and SEM imaging. 

 

 

3. Results and discussion  

3.1. As-built microstructure 

Figures 2(a-b) show BSE micrographs of TiCr alloys built with laser scanning speeds of 200 

mm/s and 400 mm/s, respectively. Laser scanning speeds of 400 mm/s and 300 mm/s provided 



 

 

much lower crack density compared to 200 mm/s, a trend also observed in the Base alloy. In 

Figures 2(a-b), all TiCr samples show partially-melted W particles with a brighter contrast, and 

W-deficient regions with a darker contrast in the matrix. As expected, these W-deficient 

regions are horizontally elongated, along the direction of horizontal melt pool propagation. 

These two features are also visible in the Co-Ni-Al-W Base alloy [27] and in the TiCr alloy. 

No un-melted Ti and Cr particles are observed, indicating that they dissolve in the melt pool. 

This is consistent with their melting points (Tm=1668 ºC and 1907 ºC, respectively) being 

distinctly higher than Co and Ni (Tm=1495 ºC and 1455 ºC, respectively), but much lower than 

W (3422 ºC). A faster laser scanning speed, leading to a lower volumetric energy density, 

resulted in a higher number density of partially-melted W particles and W-deficient regions. 

The decrease in scanning speed extends the life time of the melt in the melt pool, facilitating 

the dissolution of W and thus reducing the number of partially-melted W particles. 

 

 
Figure 2. BSE images of as-built TiCr alloy, produced with scanning speed of (a) 200 mm/s 

and (b) 400 mm/s. Two features are visible within the matrix: (i) partially-melted W particles 

with brighter contrast, and (ii) W-deficient regions with darker contrast (one example is 

highlighted with a yellow arrow). Building direction is vertical. 

 

The higher melting elements Ti and Cr are well dispersed in the matrix, as shown in Figure S4 

for the as-printed (300 mm/s) TiCr alloy, unlike the highest-melting W for which partially 

melted particles remain, as also observed in the quaternary Base alloy [27]. As shown in 

Figures 2(a-b), partially-melted W particles lead to W-deficient regions; to investigate Ti and 

Cr distributions within these regions, EDS point measurements were performed within these 

regions, as illustrated in Figure 3(a). Out of the twelve points, ten are located within W-

deficient regions. The remaining two points (numbered 4 and 8) were measured on and near 

partially-melted W particle, respectively. Elemental compositions obtained from these EDS 

measurements are shown in the bar graph of Fig. 3(b), with numerical values reported in Table 

S1. The color of the data points in Fig. 3(a-b) reflects the W content, as shown in the colormap 

in Fig. 3(b). The average alloy composition of the TiCr sample is denoted by a gray bar for 

each element. The W compositions of the ten points in Fig. 3(b), excluding points 4 and 8, are 

mostly below the average W concentration, confirming that the measured regions are W-

deficient. Point 4 is located on a small cluster of nearly dissolved W, which results in its W 

content surpassing its nominal value. Point 8, positioned near a partially-melted W particle, 

shows an intermediate level of W concentrations between pure W and the surrounding matrix. 

By contrast, all data points for Al are at, or above, the average Al concentration, confirming 

that W-deficient regions are Al-enriched, as also observed in the Base alloy. The Cr and Ti 

concentrations are near their average values, indicating that Ti and Cr powders fully dissolve 

in the melt despite their melting points (Tm=1668 ºC and 1907 ºC, respectively) being higher 



 

 

than those of Co, Ni and Al, and despite the short life time of the melt leading to partially-

melted W particles and W-depleted regions. This bodes well for the addition of higher-melting 

elements such as V (Tm=1910 ºC) [44], Nb (Tm=2477 ºC) [44,45] and Mo (Tm=2623 ºC) [45,46] 

via this elemental-powder approach in the future to achieve Co-based superalloys with even 

more complex compositions. Tantalum (Tm = 3020 ºC) is also often used in Co-based 

superalloys [46–48], and future experiments will ascertain whether it dissolves, or whether it 

also remains partially melted like tungsten (Tm = 3422 ºC). 

 

 
Figure 3. (a) BSE micrograph of W-deficient regions in the as-built TiCr sample (produced at 

300 mm/s scanning speed), with twelve points labelled where EDS analysis was performed: 

ten points within W-deficient regions, one point (numbered 8) near partially-melted W particle, 

and one point (numbered 4) on a small cluster of nearly dissolved W particle. Building direction 

is vertical. (b) Bar graph representing the element compositions obtained from (a) marked by 

diamonds color-coded based on their W concentration (see colormap). The color of each 

diamond in (b) corresponds to the color assigned to the respective point in (a), and the position 

of each diamond on the x-axis carries no information. The average TiCr alloy composition (Co-

20.4Ni-10.0Al-7.7W-3.2Ti-4.2Cr) is denoted by the gray bar for each element, with estimated 

error bars based on Table 1. 

 

3.2. As-homogenized and aged microstructures  



 

 

Figure 4 shows BSE micrographs of the TiCr alloy (built at 300 mm/s) after homogenization 

at 1150 °C for 96 h (Fig. 4(a)), and subsequent aging at 900 °C for 24 h (Fig. 4(b)). An Al-rich 

layer with μ-Co7W6 and B2-(Co,Ni)Al phases forms at the specimen surface due to Al diffusion 

from the NiAl powders in which the sample was embedded to prevent Al losses during 

homogenization. After removal of this surface layer, the sample exhibits a homogeneous γ 

microstructure with a uniform contrast, demonstrating that partially-melted W particles and W-

deficient regions are fully dissolved during the homogenization treatment. After aging, a two-

phase γ/γ′ microstructure is observed, with γ’ precipitate showing a cuboidal shape. 

  

 
Figure 4. TiCr alloy (300 mm/s scanning speed) after (a) homogenization, with BSE image 

showing a single-phase γ matrix. (b) after subsequent aging at 900 °C for 24 h, showing a fine 

γ/γ′ microstructure. 

 

3.3. γ/γ’ microstructural stability 

Figure 5 shows Vickers microhardness of the Base and TiCr alloys (average composition of 

Co-20.0Ni-9.3Al-6.4W-3.1Ti-3.8Cr, v = 400 mm/s in Table 1) as a function of aging times at 

900 ºC. Additionally, Fig. 5 also shows the microhardness of the TiCr-2 sample which had 

higher Ti and Al concentration after processing (see composition in Table 1). In the as-

homogenized, single-phase state, TiCr-2 alloy is harder than the Base alloy, which is likely due 

to the solid-solution strengthening effect of Ti and Cr. Upon aging for 24 h, the Base alloy has 

reached peak hardness, while the hardness of the TiCr-2 alloy is unchanged, within 

experimental error, indicating a much longer incubation period for the γ’ formation. After 48 

h, the Base alloy shows reduced hardness value from peak hardness, consistent with overaging 

due to γ' coarsening.  



 

 

Figure 6 shows the microstructure of the three alloys (Base, TiCr, and TiCr-2) after aging for 

96 h and 300 h. The γ' precipitates of the Base alloy have clearly coarsened during the aging 

interval, and their cuboidal shape also evolved from sharp-edged (for 24 h aging [27]) to round-

edged (after 96 h and 300 h aging, Fig. 6(a, b)). The deviation of the γ' size and morphology 

from the optimum cuboidal shape and decreased γ' fraction with aging time may explain the 

slight drop in hardness beyond 24 h aging. The grain boundary regions of the Base alloy include 

coarsened γ′ precipitates, γ′-depleted zones (marked by γ) and micron-sized χ-Co3W (D019) 

precipitates with a bright contrast surrounded by γ′-depleted zones (Figure S5). 

After 300 h, the TiCr alloy maintains a somewhat higher hardness than the Base alloy. This is 

attributed to a high fraction of cuboidal γ' precipitates, as shown in Fig. 6 (c, d). Less coarsening 

of γ' precipitates occurs, compared to the Base alloy. By contrast, TiCr-2 shows a markedly 

higher hardness over the full aging range, which is probably due a higher volume fraction of γ' 

precipitates (from a higher concentration of γ' former in the alloy), and possibly also because 

of β-Co2TiAl precipitates formed in γ/γ' regions, as seen in Fig. 6 (e) (EDS measurement results 

are shown in Figure S6). This B2 phase is predicted to be formed at 900 °C according to 

thermodynamic calculations performed using the CHiMaD database as shown in Figure S7. 

This is also consistent with β formation in the γ/γ' microstructure reported in Co-Ni-Al-W-Ti-

Ta alloys with high Al and Ti concentrations [13]. The microstructure of the TiCr-2 alloy after 

aging 300 h is similar to that after 96 h, and the degree of coarsening of β and γ' precipitates 

appears modest. 

 

 
Figure 5. Vickers microhardness of Base (v = 400 mm/s), TiCr (400 mm/s), and TiCr-2 (300 

mm/s) alloys as a function of aging time at 900 °C. The error bars represent the standard 

deviations. The data point at 0 h indicates the as-homogenized state. 

 



 

 

 
Figure 6. SE micrographs showing microstructural evolution upon aging for the Base alloy 

after aging for (a) 96 h and (b) 300 h; for the TiCr alloy after aging for (c) 96 h and (d) 300 h; 

and for the TiCr-2 alloy after aging for (e) 96 h and (f) 300 h. Two micrographs are presented 

for each condition, presenting a low-magnification view encompassing a grain-boundary 

region and a high-magnification view inside a grain, illustrating the γ' precipitates. 

 

3.4. Transformation Temperatures 

Figure 7 shows solvus, solidus, and liquidus temperatures of Base, TiCr, and other Co-based 

alloys reported in Ref. [50–53]. Original DSC curves are given in Fig. S8. The Base alloy 

shows a γ' solvus temperature of 1018 °C, which is slightly higher compared to Co-9.2Al-9W 

(1000 °C [51]). Ti and Cr additions increase the γ' solvus temperature to 1066 °C, which is the 

same as that of Co-32Ni-9.9Al-1.4Ti-1.7Ta-4.6Mo, the alloy with the highest solvus 

temperature in the Co-Al-Mo system [50]. The solvus temperature difference between the Base 

and TiCr alloy is 48 °C, despite a decrease of 0.01 mole fraction W, which is known to reduce 

the solvus temperature by 46 °C in the Co-Ni-Al-W system [54]. This is likely due to the strong 

effect of Ti: a 0.02 mole fraction of Ti addition to the Co-Al-W system strongly increases the 

γ' solvus temperature by 36 °C to 80 °C [11,48]. By contrast, Cr in the Co-Al-W system was 

reported to slightly decrease, or barely affect, the solvus temperature [11,51]. On the other hand, 

solidus temperature decreases from 1398 °C to 1371 °C with Ti and Cr additions, so that the 

processing window (difference between solvus and solidus temperatures) narrows to 305 °C; 

this value is still large when compared to other Co-Ni-based alloys systems such as Co-30Ni-

10Al-2Ti-4Ta-5V (71 °C [50]), Co-30Ni-9Al-1W-12Cr-4Nb (239 °C [52]). The experimental 

solvus, solidus and liquidus temperatures of the Base and TiCr alloy agree reasonably well with 

the thermodynamic predictions of the CHiMaD-Co database, as shown in Figure 7.  

 



 

 

 
Figure 7. Phase transformation temperatures of Base and TiCr alloys obtained by DSC 

measurements (Exp.) and predicted using the CHiMaD database (Cal.), compared to literature 

alloys; Co-30Ni-10Al-2Ti-2Ta-5Mo [50], Co-30Ni-10Al-2Ti-4Ta-5V [53], Co-30Ni-9Al-1W-

12Cr-4Nb [52], Co-7.8Al-7.8W-4.5Cr-2Ta [51], and Co-9.2Al-9W [51]. The γ' solvus, solidus, 

and liquidus temperatures for each alloy are marked from left to right, with °C unit. 

 

3.5. Oxidation behavior 

Figure 8(a) shows mass gain per surface area of Base and TiCr alloys as a function of time 

during oxidation at 900 °C. The TiCr alloy shows lower mass gain compared to the Base alloys, 

as expected from the beneficial effect of Ti and Cr additions on oxidation resistance [55–57]. 

The oxidation kinetics of the alloys follow a parabolic law with time: 

(
∆𝑚

𝐴
)
2
= k𝑡,       [1] 

where Δm is the mass gain, A is the surface area, k is the parabolic rate constant, and t is time 

[58,59]. To obtain values for k, data from Fig. 7(a) were replotted in Fig. 7(b) as per Eq. (1). 

Early data (< 8 h) in the transient oxidation stage [55] are not used for the linear fitting to Eq. 

(1). The Ti and Cr addition reduces the parabolic rate constant from k=0.32 mg2/cm4h to k=0.22 

mg2/cm4h, which indicates a notable improvement in oxidation resistance.  



 

 

 
Figure 8. (a) Mass gain and (b) square of mass gain normalized by initial surface area weight 

gain as a function of time up to 18 h exposed to air at 900 °C of the Base and TiCr alloys. The 

parabolic rate constant, k, is expressed as a slope, with the unit mg2/(cm4h). BSE micrograph 

of mounted cross-section of (c) Base alloy and (d) TiCr alloy oxidized after TGA 

measurements (900 °C/18 h), showing the oxide scale on top of the sample, and its 

corresponding elemental EDS maps. 

 

Figures 8 (c-d) shows representative BSE micrographs of cross-sections of the oxidized alloys 

after TGA measurements, with corresponding EDS composition maps for O, Co, Ni, W, Al, Ti 

and Cr. The Base alloy exhibits three distinct oxide layers: (i) an outermost Co-enriched oxide 

layer (which shows clear signs of spalling), (ii) an intermediate Al- and W-enriched oxide layer, 

and (iii) an inner metallic layer, which is in contact with the underlying metallic alloy. This last 

layer comprises a metallic matrix with precipitated aluminum-rich submicron particles 

(expected to be alumina or a mixed Al-X oxide), consistent with internal oxidation. Ni 

enrichment is observed within this third inner layer, as Ni is rejected from the first two layers 

which are Ni-deficient. The TiCr alloy also shows the same three layers, which are however 

thinner, as expected from the reduced mass gain. Also, the additional elements, Ti and Cr, are 

strongly segregated in the intermediate oxide layer, and are thus expected to be in the form of 

Ti and Cr oxides. Cr was reported to promote the outward diffusion of Al in Co-based alloys 

to form a continuous Al2O3 scale [60,61], which is desirable for improved oxidation resistance. 



 

 

These continuous Al2O3- and Cr2O3-rich protective layers inhibit the inward diffusion of 

oxygen into the alloy and the outward diffusion of metal ions [61], thus reducing the oxidation 

rate. Furthermore, Blacklocks et al. [62] reported that Ti accelerates the formation of Cr-rich 

oxides (Cr2O3 and CoCr2O4) by doping the Cr sub-lattice site within these oxides [56,57]. For 

higher Ti concentration, continuous TiO2 begins to form on top of the Cr-rich oxides, inhibiting 

the outward diffusion of Cr. This process makes Cr oxides more dense and continuous [57].  

  

 

3.6. Creep properties 

Figure 9 shows a double-logarithmic plot of minimum creep strain rate vs. compressive stress, 

as measured at 850 °C, for three alloys aged at 900 ºC for 24 h: Base [27], TiCr and TiCr-γ. 

The latter alloy, with average composition of Co-20.3Ni-11.4Al-4.1W-3.1Ti-4.1Cr (as 

measured via SEM-EDS), is Al-richer and W-poorer than TiCr (v=300 mm/s, Co-20.4Ni-10Al-

7.7W-3.2Ti-4.2Cr) and does not contain γ’ precipitates, as determined via metallography (Fig. 

S9). The creep behavior of the three alloys is consistent with a power-law relationship:  

𝜀̇ = 𝐴 exp (
−𝑄

𝑅𝑇
)𝜎𝑛     [2] 

where A is a geometric pre-factor (given by material properties), Q is the creep activation 

energy, and n is the creep exponent. As reported previously [27], the Base alloy shows two 

creep regimes. First, at lower stress (between 150 MPa and 300 MPa), the stress exponent is 

n1, indicating a diffusional creep regime (within the estimated experimental errors of ±25 % 

for strain rate). The grain size (50 μm to 100 μm before creep and 100 μm to 200 μm after 

creep) is fine enough for diffusional creep. Second, at higher stress (above 300 MPa), the stress 

exponent is n=7.5, consistent with the dislocation creep mechanism in a precipitation-

strengthened microstructure [63–65]. By contrast, the TiCr alloy shows a somewhat higher 

stress exponent (n=8.9, dislocation creep) above 250 MPa with strain rates higher by about one 

order of magnitude, for a given stress in the dislocation creep regime. Also, TiCr shows higher 

diffusional creep rates (by a factor  of approximately 3, consistent with coarsened γ' 

precipitates at grain boundaries), resulting in a transition between creep regimes shifted by  

50 MPa. Finally, the γ'-precipitate-free TiCr-γ alloy is much weaker than the other two 

superalloys, and it exhibits a lower stress exponent (n=5.0) consistent with solid-solution 

strengthening [66]. The higher strain rates (i.e., lower creep resistance) of TiCr-γ confirm that 

the γ' phase contributes significantly to creep resistance of TiCr. The reduction in W 

concentration of TiCr-γ from its nominal values suppress γ' formation, which is metastable in 

the Al-Co-W system. Although the CHiMaD database predicts the stability of the γ' phase for 

this alloy (see Fig. S10), it is likely that aging at 900 °C for 24 h was not sufficient to reach the 

thermodynamic equilibrium. Therefore, the TiCr-γ does not have metastable γ' due to the 

reduction in W content or the stable γ' due to the aging time. 



 

 

 
Figure 9. Double-logarithmic plot of minimum strain rate vs. compressive stress (with stress 

exponent marked next to best-fit lines) measured at 850 °C for TiCr (marked with dots and 

triangles for the specimen corresponding to Fig. S3 (a) and S3 (b), respectively), TiCr-γ (Co-

20.3Ni-11.4Al-4.1W-3.1Ti-4.1Cr, without γ' precipitates), and Base alloys [27] aged at 900 ºC 

for 24 h (melted at a scanning speed of 300 mm/s). The data points of TiCr and Base alloys are 

shown with error bars estimated as ±25 %. Shown for comparison are various Co-based 

superalloys: Co-12Al-8W (DED) [68], Co-9.5Al-7.5W (cast) [69], Co-20Ni-7Al-7W-4Ti (cast) 

[70], and Co-18Ni-9Al-9W-8Cr (cast) [71]. Red dashed lines are guides for the eye, 

corresponding to stress exponent of unity (n=1). 

 

Figure 10 shows the post-crept microstructures of the two alloys. Comparison with the 

microstructure after long-term aging (Fig. 6) can shed light on the difference in creep behavior 

between the two alloys. For the Base alloy, the γ'-depleted zones at grain boundaries expands 

with aging (Fig. 6 (a, b)) and no grain-boundary precipitates form during creep (Fig. 10 (a)), 

so the relatively fine grain size allows for diffusional creep (n  1) to become dominant at low 

stresses. By contrast, TiCr does not have γ'-depletion at grain boundaries; rather, γ' precipitates 

have coarsened at grain boundaries more than within the grains, both during creep (Fig. 10 (d)) 

and during over-aging (Fig. 6 (c, d)). These γ'-decorated grain boundaries can be expected to 

suppress grain-boundary sliding and affect the transition between the two creep regimes. The 

TiCr alloy exhibits a range of grain sizes (10 μm to 100 μm, as measured from SE (secondary 

electron) images similar to the Base alloy, which is sufficiently fine for diffusional creep in 

that alloy. This implies that, for TiCr, the shift in the transition to the dislocation creep regime 

(and thus prevalence of dislocation creep) at lower stress levels ( 250 MPa) is due to the 

presence of coarsened γ' at grain boundaries rather than a larger grain size. 

 



 

 

 
Figure 10. SE micrographs after creep test in air at 850 °C of cross-sections of (a-c) Base alloy 

(total creep time:139 h, total creep strain: 8%) and (d-f) TiCr alloys (total creep time:17 h, total 

creep strain: 9 %). Micrographs show γ/γ' microstructure in (a,d) grain-boundary region and 

(b-c,e-f) grain interior region (at higher magnification). Schematic shows the sections imaged 

and the stress directions. Specimens were cut (a-b,d-e) perpendicular (c,f) parallel to the 

compressive loading direction (vertical in (a,b,d,e) and horizontal in (c,f)). 

 

Despite Ti and Cr additions increasing solvus temperature and enhancing microstructural 

stability during aging, the TiCr alloy shows higher minimum strain rates (i.e., lower creep 

resistance) than the Base alloy over the whole range of stress studied. As illustrated in Fig. 10 

(b), the γ' precipitates in the Base alloy maintain their cuboidal shape without rafting during 

creep in the plane perpendicular to the applied compressive load. In the plane parallel to the 

applied load, as shown in Fig. 10 (c), the γ' precipitates are notably elongated perpendicular to 

the compressive load direction. This indicates n-type rafting behavior for the Base alloy, 

consistent with compressive deformation in an alloy with a positive γ/γ' lattice misfit, and also 

as reported in other Co-based superalloys [6,72,73]. By contrast, in the TiCr alloy after creep 

deformation, some γ' precipitates are organized into rows in the plane perpendicular to the 

applied load, while maintaining their individual cuboidal shape, as shown in Fig. 10 (e) and in 

Fig. S11. In the plane parallel to the load, short rafts are observed in TiCr (Fig. 10 (f)), aligned 

perpendicular to the load direction, similar to the Base alloy. Nonetheless, these rafts 

perpendicular to the load are shorter in TiCr as compared to Base.  

Rafting is driven by a reduction of γ/γ' lattice misfit and loss of coherency during strain 

accumulation [74,75]; thus, the driving force for rafting decreases with a reduction in lattice 

misfit and a rafted microstructure is observed here only in the post-crept specimens and not in 

the overaged one. Povstugar et al. [71] and Ng et al. [19] reported that Cr significantly reduces 

the γ/γ' lattice misfit of Co-Al-W-based alloys. Zhou et al. [76] demonstrated that a 0.03 mole 

fraction Ti addition to a Co-8.1Al-10.3W alloy reduces the γ/γ' misfit by  0.5%. Thus, in the 

present TiCr alloy, the additions of both Ti and Cr can be expected to decrease the lattice misfit 

as compared to the Base alloy. This reduced γ/γ' misfit directly deteriorates the creep resistance 



 

 

by reducing elastic interactions between mobile matrix dislocations and ' precipitates [77–79]. 

Indirectly, the reduced misfit in the TiCr alloy reduces the length of the rafts (Fig. 10 (e, f)), 

which may also reduce the effectiveness of ' rafts to prevent matrix dislocation motion [80,81]. 

This weakening of the TiCr alloy aligns with previous observations of decreased creep 

resistance of Co-9Al-9W and Co-18Ni-9Al-9W alloys upon Cr addition, attributed to the 

decrease in γ/γ' lattice misfit [71]. Thus, in TiCr, the creep resistance appears to be primarily 

governed by the effect of Cr rather than Ti, given that Ti improves creep resistance [64] by 

acting as a strong γ'-partitioning element and γ' stabilizer [47,82]. Nevertheless, TiCr shows 

lower minimum strain rates than cast, aged Co-9.5Al-7.5W [69] (above 210 MPa). Furthermore, 

its stress exponent (n=8.9) is lower than those of a Co-12Al-8W alloy fabricated by directed 

energy deposition (DED, n=10.9) [68] and a cast, aged Co-20Ni-7Al-7W-4Ti alloy (n=11.9) 

[70]. Thus, TiCr is expected to show lower minimum strain rates than the Co-12Al-8W alloy 

[68] beyond  450 MPa.  

 

4. Conclusions 

A hexanary Co-based superalloy, with Co-20Ni-11Al-7W-4Ti-3Cr composition, is fabricated 

via laser powder-bed fusion (L-PBF) of a blend of ball-milled elemental powders. The 

composition is selected based on CALPHAD-based thermodynamic predictions for 

maximizing γ' volume fraction, improved microstructural stability and mechanical properties 

at high temperatures, while avoiding undesirable additional phases. The following results are 

obtained: 

1. In the as-fused state, Ti and Cr concentrations are uniform in the alloy, indicating that 

Ti and Cr powders fully dissolve in the melt pool, despite its short life time and the high 

melting points of Ti and Cr (with respect to Co and Ni). This is unlike W particles 

which are only partially melted, leading to W-rich and W-deficient regions. 

2. Heat-treatment at 1150 ºC for 96 h achieves a fully homogenized γ matrix (with full W 

dissolution) and subsequent aging at 900 ºC for 24 h results in a γ/γ′ microstructure with 

cuboidal-shaped γ′ submicron precipitates. 

3. The Ti- and Cr-added alloy exhibits a longer incubation period for the γ' formation 

compared to the unmodified Co-Ni-Al-W alloy, but shows a high hardness during this 

period, attributed to solid-solution strengthening. The modified alloy reaches higher 

peak hardness after 48 h from the precipitation of cuboidal γ' precipitates and shows a 

lower degree of γ' coarsening after 300 h aging at 900 ºC.  

4. Ti and Cr addition reduces the oxidation rate of the alloy by facilitating formation of a 

protective Cr-, Ti- and Al-rich oxide layer which inhibits the inward diffusion of 

oxygen and the outward diffusion of metal ions.  

5. Under compressive creep deformation at 850 °C, the Ti- and Cr-added alloy exhibits 

dislocation-controlled creep with a stress exponent of n=8.9 above 250 MPa, 

transitioning to diffusional creep below that stress. In both creep regimes, creep 

resistance is decreased by addition of Ti and Cr as compared to the unmodified Co-Ni-

Al-W alloy; this weakening effect in the dislocation creep regime can be explained by 

a decrease of γ/γ' lattice misfit resulting in (i) lower elastic interaction between γ' 

precipitates and dislocations and (ii) less pronounced γ' rafting, also affecting matrix 

dislocation interactions. 
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