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Ball-milled elemental Co, Ni, Al, and W powders were used to fabricate a Co-0.20Ni-0.11Al-

0.08W (mole fraction) alloy via laser powder bed fusion (L-PBF). In the as-fused state, 

microstructural features present within the FCC-γ Co-Ni-Al-W matrix – partially-melted W 

powders, W-deficient regions, and cracks – are investigated with respect to the laser scanning 

speed. Tungsten particles appear to block or deflect internal cracks, thus improving cracking 

resistance due to thermal cycling during laser fusion. However, W-deficient regions, which are 

also enriched with Ni and Al, can act as crack nucleation sites due to the brittleness of the β-

NiAl and eutectic microconstituents. A homogenous FCC-γ Co-0.20Ni-0.11Al-0.08W (mole 

fraction) solid solution is obtained after a solutionizing treatment at 1200 ºC, as W-rich 

particles fully dissolve, and W-deficient regions homogenize, into the matrix. A γ/γ-two-phase 

microstructure forms upon subsequent aging at 900 ºC, whose creep resistance is measured at 

850 °C: below 300 MPa, deformation is dominated by diffusional creep (consistent with a 

relatively fine grain size of 50 μm to 100 μm) while above 300 MPa, it is controlled by 

dislocation creep. Using elemental powder blends is a viable method to create 

microstructurally-sound, creep-resistant Co-based γ/γ superalloys via L-PBF. 
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1. Introduction 

Cobalt-based superalloys are a novel high-temperature alloy family under intense study [1–3] 

since the 2006 rediscovery of a  (disordered FCC (Face Centered Cubic) /ordered L12 FCC 

phases) metastable microstructure in the Co-Al-W ternary system [4,5]. These Co-based 

superalloys present excellent corrosion and creep properties at elevated temperature, due to a 

positive  lattice misfit [6] and the higher melting temperature of Co as compared to Ni (1495 

ºC vs. 1455 ºC). Nickel additions to the Co-Al-W system make the γ/γ region 

thermodynamically stable and significantly expands its compositional width [7,8].  Ni is also  

beneficial to the γ thermal stability and decreases the formation of undesirable, third phases, 

while enabling additional alloying elements such as Cr, Ti, Ta, Mo, V and Nb that further 

increase creep- and coarsening resistance while also raising the solvus temperature of these 

alloys [9,10].  

 

Laser powder bed fusion (L-PBF) is a promising technique for manufacturing components with 

complex geometrics with alloys that have low machinability due to their high hardness, such 

as turbine blades produced from Ni- and Co-based superalloys [11–13]. However, the rapid 

solidification and thermal cycling during powder bed fusion (in L-PBF or in closely related 

directed energy deposition, (DED)) result in unique microstructures with finer length scales 

and defects (e.g., cracking and lack of fusion)[14,15]. Defects including pores and cracks can 



 

 

degrade the mechanical properties and limit the wide-scale industrial adoption of this technique 

to metallic materials. Furthermore, remelting and repeated heating and cooling that occur 

during the build process results in microsegregation that can promote unexpected phases. Thus, 

it is crucial to address these defects and present the methods to minimize cracking susceptibility 

[16,17]. 

 

Pre-alloyed powder availability is also a significant barrier for further development of these 

alloys, which can be bypassed by using blended elemental powders (with or without master 

alloy powders) as done in a few instances for Ni-based superalloys and Ni-containing multi-

principal-element alloys. Ma et al. [18] achieved a homogeneous Fe-15Co-15Ni-10Cr* alloy 

via L-PBF of blended elemental powders, by using re-scanning or high laser energy input. 

Their mechanical properties at 77 K were comparable to the same alloy produced by L-PBF 

with pre-alloyed powder. Chen et al. [19] showed improved elemental homogeneity, including 

Mn, by re-melting during a L-PBF process using 18.8Co-20.1Cr-20.4Fe-21.4Mn-19.3Ni alloy. 

Wang et al. [20] demonstrated higher micro-hardness of an Inconel 625 alloy created via DED 

of blended elemental powders as compared to pre-alloyed powders (339 HV (Hardness Vickers) 

vs. 298 HV, both measurements were made using the same loads and holding times). Dang et 

al. [21] improved the thermal stability of the γ" phase (BCT (Body-Centered Tetragonal) D022 

structure) of Ni-Cr-Al-Ti-Nb alloys by adjusting the concentrations of the γ'- and γ"-forming 

elements including Al, Ti and Nb when blending elemental powders. 

 

To our knowledge, only pre-alloyed powders (i.e., not elemental powders) have been used for 

the additive manufacturing of Co-based superalloys, e.g., Haynes-188 (by L-PBF) [22], Mar-

M-509 (L-PBF) [12,23], Co–32Ni–12Al–4W–3Cr–2Ta (L-PBF) [24], and Co-12Al-8W (DED) 

[13]. The lower powder cost and the greater flexibilities in composition, which is also very 

useful for rapid development of new alloy compositions [14] motivate this work to demonstrate 

the use of blended elemental powders for Co-based alloys. However, especially in Co-

superalloys based on the Co-Al-W system, the high melting point and density of W are 

particularly challenging, as these elements make complete melting/dissolution with lack of 

segregation difficult [25,26].  

 

Here, we demonstrate that a quaternary Co-based superalloy can be fabricated from elemental 

powders via ball milling and L-PBF, achieving a crack-free and fully-dense alloy. A Co-Ni-

Al-W composition was chosen via CALPHAD-based thermodynamic predictions to minimize 

the freezing range and to achieve an optimal γ(FCC)/γ' (L12) microstructure. We perform 

microstructural characterization after laser melting, and investigate the dissolution of the high-

melting W particles during melting and subsequent homogenization heat-treatments, as well as 

the evolution of γ' precipitates on aging, and the corresponding creep resistance of the peak-

aged γ/γ' alloy.  

 

2. Alloy design and experimental procedures  

2.1. Alloy composition 

Using the CALPHAD-based CHiMaD-Co thermodynamic database [27,28], the freezing 

ranges and  phase fractions at 900 °C were calculated for the range of compositions in the 

Co-yNi-xAl-zW space.  A composition of Co-20Ni-11Al-8W was chosen based on (i) 

minimizing the freezing range (the temperature difference between liquidus and solidus 

temperatures) which reduces cracking propensity during processing [17,29] and (ii) 

 
* All compositions are given in mole fractions times 100, unless otherwise noted.   



 

 

maximizing  γ’ phase fraction (which scales with the volume fraction) at the 900 °C aging 

temperature to improve creep resistance [30,31]. Figure 1(a) shows that the freezing range, 

calculated using the Scheil model, increases with increasing Ni and Al compositions. On the 

other hand, the γ  phase fraction in the γ+γ dual-phase region, shown in Fig. 1(b), mainly 

increases with increasing Al and reaches a maximum value of 70 % when Al composition is 

11. An intermediate nickel concentration of 20 is chosen, as Ni increases both the freezing 

range and γ  solvus temperature [32] and widens the compositional window for γ/γ  two-phase 

region in the Co-Ni-Al-W quaternary system [33].  

 
Figure 1. Calculated contour plots of (a) the freezing range, based on Scheil calculations, and 

(b) γ’ phase fraction in γ+γ  two-phase region at 900 °C as functions of the Ni and Al 

compositions for the Co-yNi-xAl-8W space (black dot indicates Ni and Al compositions of the 

investigated alloy). 

  

2.2. Sample fabrication and heat treatments 

Figure S1 shows the scheme for the milling process of elemental powders: Co (99.9 %, 

Stanford Advanced Materials†), Ni (99.5 %, US Research Nanomaterials), Al (99.7 %, US 

Research Nanomaterials), and W (99.95 %, Global Tungsten & Powders) powders. Particle 

diameter ranges for Co, Ni, and Al are <45 m, and W powders, sieved through a 400-mesh 

sieve, are < 20 m. The Ni, Al and W powders were first blended for 5 min in 45 g batches, 

using a high-energy SPEX mill in Ar with two yttria-stabilized zirconia (YSZ) balls (6.5 mm 

and 12 mm in diameter). This was carried out before the ball-milling process to minimize 

inhomogeneous distribution of W powder when mixed with other powders, due to the much 

higher density of W: this short high-energy milling led to W powders attaching to Ni or Al 

powders (Fig. 2(a)) which decreased the overall density of the powder agglomerates as 

compared to pure W powders. The resultant SPEX-milled Ni+Al+W powder was low-energy 

ball-milled for 4 h with Co powder, using YSZ balls (ball to powder ratio of 1:1) at 6.28 rad/s 

(60 RPM) under Ar, resulting in homogeneous mixing of the elemental powders and partial 

mechanical alloying of some W powders with other powders, as shown in Fig. 2(b) and (c). 

 

 
† Certain equipment, instruments, software, or materials are identified in this paper in order to specify the 

experimental procedure adequately. Such identification is not intended to imply recommendation or 

endorsement of any product or service by NIST, nor is it intended to imply that the materials or equipment 

identified are necessarily the best available for the purpose.. 



 

 

The alloys were fabricated from these blended elemental powders using a L-PBF instrument 

(Sisma MySint 100, Trumpf) equipped with a 200 W fiber-laser operating with a 55 µm spot 

size. Cubic specimens with a size of (5 × 5 × 5) mm3 were produced using a bidirectional scan 

strategy (90° rotation between layers) at scanning speed of 100 mm/s, 200 mm/s, 300 mm/s, 

and 400 mm/s. Cylindrical creep specimens (11 mm in diameter and 18 mm in height) were 

produced using an island-scanning strategy at 300 mm/s scanning speed. The XY plane was 

divided into (4 × 4) mm2 islands with a rotation of 90° for the subsequent island scanning and 

a 1 mm shift in both the X and Y directions between layers. All creep samples were built at 

laser power of 200 W, hatch spacing of 105 µm, and a powder layer thickness of 30 µm, under 

Ar shielding gas (O2 < 100 ppm). 

 

The printed samples were embedded in NiAl powder (to reduce Al losses) within a quartz tube, 

which was vacuum-sealed, homogenized at 1200 °C for 96 h (extended to 120 h for creep 

specimens), and water quenched. Specimens were removed from the partially-sintered NiAl 

bed and were then aged at 900 °C for 24 h with a Ti getter-piece in Ar-encapsulated tubes, 

terminated by water quenching. 

 

 
Figure 2. BSE micrographs of powder cross-sections (a) after 5-min SPEX milling (yellow 

arrows point to attachment of W powders to Ni or Al powders) and (b-c) after 4 h ball milling, 

showing clearly-identifiable elemental powders as well as partial alloying of W powder in pure 

Co or Ni powder. 

 

2.3. Microstructural analysis 

To measure crack density and determine where cracks end/start within the samples, a vertical 

section (parallel to the build direction) was obtained from as-deposited samples by half-width 

cutting and metallographic mounting. The other half was sectioned horizontally (perpendicular 

to the building direction) into two quarters. Both vertical and horizontal sections were ground, 

polished (using 3 μm and 1 μm diamond solutions and 0.04 μm colloidal silica suspension), 

and etched with Carapella’s reagent (40 mL ethanol, 40 mL HCl, and 2 g CuCl2) for 10 s. 

From vertical and horizontal sections for each sample, about 30 and 15 optical micrographs, 

respectively, were obtained to measure crack lengths over the whole area. For each image, the 

regions where cracks are located were isolated and then binarized. Crack length measurements 

were carried out using Simple Neurite Tracer (SNT) plugin, an open-source software of the 

ImageJ software. The crack density was obtained by summing crack lengths and then dividing 

by the whole area of the stitched images of the vertical and horizontal sections.  

 

Micro-features, such as partially-melted W particles and W-deficient regions, were 

characterized from back-scattered secondary electron (BSE) micrographs, which were taken 

with a scanning electron microscope (SEM, FEI Quanta 650). The same region imaged via 

optical microscopy was imaged via SEM at a magnification of 200 times with a constant 

contrast and brightness value for the whole sample. The area of partially-melted W particles 



 

 

was obtained by the particle analysis function of ImageJ, using binarized SEM image (size=0-

Infinity, circularity=0 to1.00). The W-deficient regions were identified by the deviation of Z-

contrast in the matrix and their area fraction was obtained from histogram analysis of the BSE 

images using ImageJ. The histograms of W particle-excluded images of all samples were set 

to saturation value of 0.35 % and equalized, and a threshold value of histogram was used to 

differentiate the W-deficient regions from the matrix. For histogram values ranging from 0 to 

225, the threshold values of 50 and 210 for 300 mm/s, 40 and 220 for 200 mm/s, and 40 and 

225 for 100 mm/s were used to define the W-deficient regions. For instance, at a 300 mm/s 

scanning speed, regions with pixels below 50 or exceeding 210 are identified as W-deficient 

regions (including their W-rich halo), while the matrix is taken for pixels between 50 and 210. 

Further microstructural investigations were carried out using a SEM coupled with energy-

dispersive spectroscopy (EDS) and electron backscatter diffraction (EBSD) system (Oxford 

Aztec) at an accelerating voltage of 20 kV. Pure cobalt standards were used to calibrate the 

EDS instrument. The bulk composition of the printed sample was acquired by averaging EDS 

area analyses results from three equally-divided regions of cross-sectional BSE image, each 

about 0.8 mm × 3.5 mm in size. The matrix composition was obtained from averaging EDS 

point analyses results from 10 randomly chosen points. The acquired EBSD data were further 

post-processed using Aztec Crystal and TSL OIM 7 Analysis software. 

 

2.4. Creep tests 

To investigate the mechanical properties at high temperatures, two cylindrical compressive 

creep specimens (8 mm in height, 4 mm in diameter) were electro-discharge machined from 

built cylinders and homogenized and aged under the same conditions as above. Compressive 

creep tests were performed in air at 850 °C ±3 °C, the specimens were subjected to a constant 

load while measuring the sample displacement rate using an extensometer and a linear variable 

differential transducer. After establishing and recording a steady-state strain rate, the stress is 

increased to a higher value and the procedure is repeated to a maximum total strain of 10%. 

Minimum creep strain rate was determined at each stress level after achievement of a steady-

state displacement rate (Figure S2 shows creep strain vs. time curves obtained from creep tests).  

 

3. Experimental results 

3.1. As-built microstructure 

Preliminary tests using blended elemental powders without milling resulted in much lower W 

mole fractions of 3 % to 4 % in as-built samples, which was ascribed to a non-homogeneous 

mixing of powders and W powder settling during powder loading in the L-PBF instrument, 

because of the high density of W powders. As a result, alloys created with milled powders (as 

described in the previous section) are exclusively described in the following. Figures 3(a-d) 

show BSE micrographs of alloys fused with laser scanning speed of 100 mm/s, 200 mm/s, 300 

mm/s, and 400 mm/s. Sub-micron-size pores, indicated by green arrows, are expected to be gas 

pores, owing to their round shapes and small size. A porosity content of  0.1 % was observed 

in the printed samples.    

 



 

 

 
Figure 3. BSE images of as-built alloys, with scanning speed of (a) 100 mm/s, (b) 200 mm/s, 

(c) 300 mm/s, and (d) 400mm/s. White particles are partially-melted W powders, and darker 

regions are W-deficient regions. Green arrows indicate small pores. 

 

 

All samples exhibit partially-melted W particles with a brighter contrast and W-deficient 

regions with a darker contrast than the matrix. The number density of partially-melted W 

particles and W-deficient regions increases with increasing scanning speed, as presented in 

Figure 4(a): at the highest scanning speed of 400 mm/s, the sample shows the highest fraction 

of a W particles (4.1 %) and W-deficient regions (15.0 %), consistent with the lowest 

volumetric energy density of 159 J/mm3. Figure 4(b) shows average diameter and number 

density (per unit area) of W particles as a function of scanning speed.  The average size is 

constant with an average diameter, D, of  7 m, within a wide error reflecting the natural size 

distribution of the particle and their 2D cross-section. The number density however rises 

strongly, from    80 mm-2 to    800 mm-2, as the scanning speed increases from 100 mm/s 

to 400 mm/s. 

 



 

 

 
Figure 4. Evolution with laser scanning speed, in as-built alloys, of: (a) area fractions of 

partially-melted W particles, W-deficient regions (WD), and matrix; (b) average diameter D 

and number density ρ of partially-melted W particles. Lines connect average values for each 

scanning speed. The red dashed line in (a) indicates the area fraction of W particle (10.6 %) 

expected if no W melting/dissolution occurs. 

 

 

The presence of partially-melted W particles in the as-built sample results in W depletion in 

the matrix as compared to the average W composition (Table 1). The average W mole fraction 

measured on cross-sections vary between 7.1 % and 8.3 % which is well within the 

compositional window for the  two-phase region as predicted by the thermodynamic 

database. Table 1 also shows that Co, Ni, and Al concentrations, both on average (sample-wide) 

and within the matrix, are close to the nominal concentrations for all samples.  

 

Table 1. Total and matrix compositions of as-built samples processed at various laser scanning 

speeds, obtained from EDS measurements. Compositions are given mole fraction x100.  

Speed 

Nominal 

400 mm/s 300 mm/s 200 mm/s 100 mm/s 

Region total matrix total matrix total matrix total matrix 

Al 
11 

8.9 ± 0.3 9.8 ± 1.2 10.8 ± 0.4 10.8 ± 0.7 10.6 ± 0.2 10.6 ± 0.6 10.3 ± 0.4 11.0 ± 2.1 

Co 
61 

62.3 ± 0.7 64.5 ± 3.2 61.0 ± 0.2 61.9 ± 1.4 62.1 ± 0.4 62.0 ± 1.0 61.3 ± 0.3 60.8 ± 1.6 

Ni  
20 

20.4 ± 0.1 21.2 ± 2.6 20.5 ± 0.1 20.7 ± 1.3 20.2 ± 0.3 20.7 ± 0.3 20.5 ± 0.2 20.5 ± 0.7 

W  
8 

8.3 ± 0.6 4.5 ± 1.5 7.7 ± 0.4 6.7 ± 0.8 7.1 ± 0.2 6.6 ± 0.3 7.9 ± 0.3 7.7 ± 0.8 

 

Figure 5(a) shows an EBSD micrograph of a partially-melted W particle and its surrounding 

matrix. The W particle exhibits a tail, surrounded with a W-enriched halo, consistent with the 

particle having partially melted and resolidified with incomplete mixing with the surrounding 

melt. As expected, the W particle and matrix exhibit BCC (Body-Centered Cubic) and FCC 

crystal structure, respectively; no other intermetallic phase are observed, despite numerous 

possible W-rich intermetallic phases (e.g., Co3W or Co7W6 for Co-W), which is consistent with 

a rapidly dissolving W particle. In Fig. 5(b), a BSE micrograph and its EDS line-scan of 

elemental distribution profiles across two W particles and the surrounding matrix presents a 

gradually decreasing W concentration from the particle edge to the matrix. The W particles do 

not contain Co, Ni, and Al, confirming that they are un-melted, rather than melted and re-



 

 

solidified. The left particle also shows a bright W-rich halo, as confirmed by the line scan. This 

may represent W in solution in the matrix (similar to Fig. 5(a)) or the signal may originate from 

the W particle itself below the polished surface, if it was sectioned well above its mid-section. 

The strong trend of W particle size increasing with scanning speed, seen in Fig. 4(b), is 

consistent with higher scanning speed reducing the time when liquid Co-Ni-Al is present and 

thus able to dissolve W, thus increasing the size of the remaining, partially-melted W particles. 

Furthermore, Co, Ni and Al compositions in the matrix are quite consistent that a homogenous 

matrix is obtained during melting this alloy, despite incomplete W dissolution.  

 

 
Figure 5. (a) BSE micrograph and EBSD phase map of W particle and the surrounding matrix 

region for as-built sample (300 mm/s scanning speed). (b) BSE micrograph and EDS line-scan 

composition profile across two W particles and the surrounding matrix. 

 

Figs. 6(a-c) shows W-deficient regions from the sample produced at an intermediate scanning 

speed v (v=200 mm/s): these regions exhibit dark and non-uniform contrast, as expected if they 

are deficient in high-Z contrast tungsten, and compositionally inhomogeneous. Ignoring the W 

content from EDS results composition, the normalized local composition of various points in 

Figs. 6(a-c) are marked in the Co-Ni-Al phase diagram (calculated using the CHiMaD-Co 

thermodynamic database, Fig. 6(d)). The W content of each point is shown by the color of the 

symbols in the phase diagram. The star symbol marks the average composition normalized 

from Co-20.2Ni-10.6Al-7.1W to Co-21.7Ni-11.4Al by ignoring the W concentration, for as-

built sample (v=200 mm/s). The black dashed lines drawn from the star parallel to each of the 

sides of the diagram indicate the normalized average concentration of each element. 

Considering the three sections in the phase diagram divided by the black dashed lines in Fig. 

6(d), all points measured in Fig. 6(a-c) are located in a region which is both Co-depleted and 

Al-enriched (except points 2 and 3), while points 2, 3, and 5 are also Ni-enriched. 

Concentrations of W are well below the average alloy concentration (W = 7.1) consistent with 

the absence of other W-containing phases. While the Co concentrations are also lower than the 

average value, increased Al and/or Ni concentrations lead to formation of the β-(Co,Ni)Al B2 

phase, while some region remain in the FCC-γ Co-Ni-Al phase. The β phase is expected to 

have formed during solidification and to be (sub-)micron in size, and thus not resolved in these 

micrographs and sufficiently small to be dissolved during homogenization. Figure 6(c) shows 

a rare instance of a large β-phase region with a eutectic microstructure and a Co-18Ni-22Al 

normalized composition (point 9) and a low W content of 3.3. The ternary composition is in 



 

 

the eutectic monovariant reaction trough of the Co-Ni-Al system (20–25 Al and 0–76 Ni), as 

reported by Ref. [34].  

 

 
Figure 6. (a-c) Micrographs of W-deficient regions in as-built Co-20.2Ni-10.6Al-7.1W alloy 

(produced at 200 mm/s scanning speed), with 9 points labelled where EDS analysis was 

performed. (c) Enlarged view of W-deficient region and corresponding phase map. (d) Co-Ni-

Al phase diagram at 1100 °C with compositions from (a-c) marked by circles color-coded based 

on their W concentration (see colormap); the average alloy composition of Co-21.7Ni-11.4Al 

is marked by a star symbol. All compositions are normalized by removing W. 

 

3.2. Crack analysis 

3.2.1. Cracks and microfeatures 

Figure 7(a) shows W-deficient regions and melt pool boundaries (yellow lines) identified using 

an etched SEM image, indicating that W-deficient regions form inside the melt pool. Figure 

7(b) shows EBSD and BSE images around W-deficient regions and cracks marked by yellow 

arrows. Columnar grains are present, which are often observed in alloys fabricated by additive 

manufacturing [17,35,36]. Cracks are located at high-angle grain boundaries (>15°) which are 

parallel to the build direction, and propagate along the building direction. This is expected, 

cracks are often observed at grain boundaries in various Ni-base superalloys manufactured via 

L-PBF [11,35,37,38]. The location of W-deficient regions correlates with horizontal grain 

boundaries.  

 



 

 

 
 

Figure 7. (a) BSE image of as-built sample (v=200 mm/s) with W-deficient regions areas 

visible, which correlate with the melt pool boundaries shown with yellow lines.  (b) BSE image 

and EBSD inverse pole figure (IPF)-Z map of the FCC phase with high angle grain boundaries 

(> 15°) marked by blue color from a sample built at higher speed, v=300 mm/s. Labels M for 

matrix, W for partially-melted W particle (white contrast), and D for W-deficient regions 

represent each microfeature where cracks end/start. W-deficient regions in both BSE image 

and IPF-Z (Inverse pole figure- Z direction) map are indicated by white dash box. Yellow 

arrows mark cracks (a) which end at W-deficient regions or (b) which possibly originated from 

the tip of W-deficient regions.  

 

Figure 8 shows a BSE micrograph of a crack that is bridged by a partially-melted W particle. 

The crack width below the bridge, where the crack stops, is clearly reduced, consistent with 

effective bridging. The W particle appears plastically deformed by the crack and its interface 

with the matrix is intact, indicating strong adhesion and lack of embrittlement. This illustrates 

that cracks forming during L-PBF may be inhibited by the partially-melted W particles. Similar 

toughening by crack bridging has been reported in NiAl-W [39,40] and (Ti0.5Ta0.5)Al-W [41]. 

 



 

 

 
Figure 8. BSE micrograph of crack bridged by W particle in as-built alloy (v=200 mm/s). 

Matrix shows cellular microstructure, probably due to local composition deviation from the 

nominal value.  

 

Figure 9 presents BSE and EBSD images of cracks in the vicinity of W particles and W-

deficient regions, in a sample produced at a relatively fast 300 mm/s scanning speed. In Fig. 

9(a,c), cracks propagated along the build direction and deflected at grain boundary triple 

junctions, including a horizontal grain boundary. The upper cyan arrow, in particular, indicates 

a W-deficient region located at a horizontal grain boundary. The kernel average misorientation 

(KAM) map suggests that this horizontal grain boundary, where the crack was deflected, shows 

a high strain concentration (cyan arrows, Fig. 9(b)). Many cracks stop near, or at, W particles 

(yellow arrows) and the crack tip region around W particle is plastically deformed (Fig. 9(b)). 

The strain concentrations were observed around most W particles, regardless of interactions 

with cracks. Also, strain concentrations were often observed within W particles (indicating 

plastic deformation), with some exceptions when the W particles are far from cracks. 

 
Figure 9. Microstructure of as-built alloy (rapid scanning speed, v = 300 mm/s) (a) BSE 

micrograph, (b) KAM map (maximum angle of 5°), and (c) EBSD IPF-Z map of the FCC phase 

with high angle grain boundaries (> 15°) marked by the blue color. Arrows indicate regions 

where plastic strain is localized, near horizontal grain boundaries (cyan) and W particles 



 

 

(yellow). The white dashed boxes indicate two W particles without strain concentrations inside. 

In (b), the black pixels at the matrix/particle interfaces are not cracks, but a shading effect of 

the less-deeply etched W particles. 

 

3.2.2. Crack size measurement 

Figure 10 shows that crack areal density, in the horizontal and vertical cross sections, decreases 

significantly with increasing scan speed. This is in accordance with research showing that 

cracking in L-PBF increases with decreasing scan speed, due to large thermal residual stresses 

and large columnar grain sizes [42,43]. The crack density is zero for the highest scan speed of 

400 mm/s, but 20 lack-of-fusion events were recorded over a 21 mm2 area. For 300 mm/s speed, 

the crack density is also very low, but it increases rapidly for the two lower speeds (100 mm/s 

and 200 mm/s). 

 
Figure 10. Dependence on laser scanning speed of crack density measured from vertical and 

horizontal cross-section. Red circles (horizonal cross-section) and black circles (vertical cross-

section) are from the same sample. The lines connect the average density value for each 

scanning speed.  Scale is interrupted and varies above and below 750 mm/mm2. 

 

The numbers of cracks that end/start at each microfeature (W particles, W-deficient regions, 

and matrix) were counted for the horizontal and vertical sections of each specimen produced 

at scanning speed of 100 mm/s, 200 mm/s, and 300 mm/s. Since W-deficient regions show a 

complex microstructure, they were divided into four cases (as illustrated in Figure 11(a)), to 

investigate their effect on crack occurrence and blocking: (1) WD1, for cracks propagating 

along the building direction that terminate at the interface between the matrix and a W-deficient 

region; (2) WD2, for cracks propagating and terminating along the interface between matrix 

and a W-deficient region; (3) WD3, for cracks propagating along the building direction but 

finishing within a W-deficient region; (4) WD4, for cracks propagating along the scanning 

direction and finishing at the interface between matrix and a W-deficient region. 

 

Figure 11(b) addresses the end/start points of the cracks, determining their location in the above 

regions for the three scanning speeds. Cracks ending within the matrix are most prevalent for 

samples produced at the lowest scanning speed of 100 mm/s, but become less so with 

increasing laser scan speed. Furthermore, WD1 cracks are more likely for samples built at 200 

mm/s and 300 mm/s than for the sample built at 100 mm/s. This suggests that cracks in alloys 



 

 

produced at higher scanning speeds are more affected by W particles and W-deficient regions 

than those built at lower speeds. Cracks ending at W particles are generally less represented 

than those that end in the matrix and at WD1. In W-deficient regions, WD1 show the highest 

value and WD2 the second highest (except for vertical cross section at 100 mm/s). In Fig. 11(c), 

these data are normalized by the area fraction of each region. For all specimens, W particles 

and WD1 display higher values, as compared to the matrix and other WDs. This suggests that 

ductile, tough W particles and more brittle W-deficient regions may block and initiate cracks, 

respectively.  

 
Figure 11. (a) categorization of microfeature associated with crack starts/ends at: matrix, W 

particle, and W-deficient regions (WD) (b) Number of cracks which start/end at each region, 

normalized by the total number of crack tips. (c) Fraction of crack that ends at each region, 

normalized by the area fraction of each region. The circle and triangle symbols in (b) and (c) 

correspond to the samples represented by circle and triangle, respectively, in Fig. 10. 

 



 

 

3.2.3. Crack morphology 

Figure 12(a) shows a SE image and the corresponding elemental EDS map of a cracked region 

from the horizontal cross-section of a sample built at the lowest scanning speed (v = 100 mm/s). 

The cracks, as observed in the horizontal cross-sections, are longer than those found in 

specimens built at a faster scanning speed (v=200 mm/s). In Fig. 12(a), the crack follows a W-

enriched region within a matrix with a homogeneous distribution of all elements, due to low 

scanning speed. Figure 12(b) shows an etched BSE image of a horizontal cross-section of an 

as-built sample (v=200 mm/s). Melt tracks aligned along the scanning direction are visible 

(enclosed by blue dashed line) and longitudinal cracks (blue arrows) are observed to be 

confined within single melt tracks. Figure 12(c) presents calculated freezing range results with 

varying W concentration in Co-20Ni-8Al-xW (x=2, 4, 6, and 8). The freezing range increases 

with increasing W concentration in this system. Changes in W concentration in the matrix with 

the changing scanning speed thus affects the freezing range of the matrix, and its propensity 

for cracking. 
 

 
Figure 12. Microstructure of as-built alloys, with (a) SE micrograph and elemental EDS map 

near crack from horizontal cross-section for a slow scanning speed of 100 mm/s. (b) etched 

BSE micrograph from horizontal cross-section for a faster scanning speed of 200 mm/s. Blue 

dashed lines represent melt tracks. Blue arrows show longitudinal cracks. (c) Predicted freezing 

range with W concentration (x) of Co-20Ni-8Al-xW (x=2, 4, 6, and 8) 
 

 

Figure 13(a) shows a micrograph of two cracks (labelled C1 and C2) in a sample created at the 

lowest building speed (v=100 mm/s). The horizontal crack C1 is due to solidification cracking, 

judging from the dendritic morphology at its faces. An EDS line scan across crack C1 (Fig. 

13(c)) shows that the region around the crack is Al-enriched and W-depleted. This may lead to 

solidification cracking since Al enrichment increases the freezing range (Fig. 1(a)). The 



 

 

difference in Al mole fraction between the crack C1 and the matrix region is sizeable ( 4 %), 

as determined from EDS measurements of points A and B in Figure 13(a): Co-21.1Ni-14.8Al-

6.5W and Co-20.2Ni-10.5Al-8.7W, respectively. By contrast, crack C2 (which is perpendicular 

to C1 and parallel to the build direction) does not show dendritic features and is thus probably 

formed in the solid after solidification. This is confirmed by an IPF-X map (Fig. 13(a)) showing 

that the crack C2 formed along a high angle grain boundary. It is possible that crack C1 (which 

formed first during solidification) acted as initiation sites for crack C2 [44] at the intersection 

with the vertical high angle grain boundary.  

 

 
Figure 13. (a) SE image of sample produced at the lowest scanning speed (100 mm/s) showing 

two cracks labelled C1 and C2. (b) IPF-Z map of FCC phase showing that crack C2 follows a 

high-angle grain-boundary and (c) EDS line across crack C1, showing Al enrichment and W 

depletion. 

 

3.3 As-homogenized and aged microstructures  

Figure 14 shows a cross-section of the surface of the as-homogenized sample (built at a 300 

mm/s scanning speed) in which Al (and some Ni) diffused from the NiAl powder pack used 

during the 1200 ºC homogenization (Fig. S4) to stem Al losses by sublimation. The top 

diffusion layer is identified as Al-poor -(Co,Ni)Al, based on a measured composition near the 

surface (in contact with NiAl powders) of Co-20Ni-34Al-2W (B2-CoAl has a very wide Al 

composition range, with a mole fraction as low as 27 % Al at 1200 ºC [45]). Thus, the top layer 

in Figure 14  is equivalent to an oxidation-resistant diffusion coating [46,47]. A 200 μm thick 

diffusion layer between the bulk alloy and the top -(Co,Ni)Al layer is observed, consisting of 

β-(Ni,Co)Al+μ-Co7W6. The μ-Co7W6 phase forms from W rejected as Al in-diffusion forms 

the W-depleted -(Co,Ni)Al layer. Below these two Al-enriched layers, the alloy exhibits a 



 

 

homogenized γ-phase (Fig. S5) indicating that the partially-melted W particles and W-deficient 

regions present after solidification are fully dissolved after the homogenization treatment.   
 

After removing the μ and β phases at the specimen surface, the sample (300 mm/s scanning 

speed) with homogeneous γ microstructure was aged at 900 °C for 24 h, resulting in formation 

of a two-phase γ/γ′ microstructure, with no grain-boundary precipitation (Fig. 15). The size of 

the γ′ precipitates in the grain is 150 nm to 250 nm and their volume fraction is 77 % (as 

determined using ImageJ), which is in reasonable agreement with the calculated predictions of 

70% (Fig. 1). 

 

 
Figure 14. BSE image of homogenized alloy (built at 300 mm/s scanning speed) near sample 

surface which was in contract with NiAl powder (used as Al source during homogenization at 

1200 °C). A W-depleted, Al-enriched β-(Co,Ni)Al region is at the specimen surface (which is 

outside the micrograph field of view). Below it, a W- and Al-enriched β-(Co,Ni)Al+μ-Co7W6 

region exists, which is in contact with the bulk unmodified region (marked γ-Co). 

 

 
Figure 15. SEM image of sample (300 mm/s scanning speed) after homogenizing and aging 

at 900 °C, showing a γ/γ′ microstructure in two grains separated by a grain boundary (GB). 

 

3.4. Creep properties 

Figure 16 shows, for as-homogenized and aged alloys, a double-logarithmic plot of minimum 

creep strain rate 𝜀̇  vs. stress σ, as measured at 850 °C, consistent with a power-law 

relationship:  



 

 

𝜀̇ = 𝐴 exp (
−𝑄

𝑅𝑇
)𝜎𝑛     [1] 

where A is a geometric pre-factor (given by material properties), Q is the creep activation 

energy, and n is the creep exponent.  Both alloys show two creep regimes. At lower stress 

(below 220 MPa and 300 MPa for as-homogenized and as-aged alloys, respectively), the stress 

exponents n of both alloys are near unity, indicating a diffusional creep regime: the red dashed 

line (n=1) is within the estimated experimental errors of ±25 %. The grain size (50 μm to100 

μm, as measured on the aged alloy) is fine enough for diffusional creep, and it increases 

modestly to 100 μm to 200 μm after creep, indicating that dynamic recrystallization is not 

occurring. 

At higher stress, increased stress exponents n=7.5 to n=7.9 are consistent with the dislocation 

creep regime [48–50]. Despite their similar stress exponent, the aged alloy exhibits strain rates 

which are about one order of magnitude lower than homogenized alloy at a given stress; this 

also shifts by ~ 70 MPa the transition between creep regimes (which occurs at 4 x 10-8 s-1). 

This improvement in creep resistance is attributed to the strengthening effect of the γ’ 

precipitates formed during aging. The as-aged alloy also shows lower minimum strain rates 

than a Co-12Al-8W alloy fabricated by DED [13], but significantly higher rates than as-cast 

Co-9Al-9W-0.12B, whose grain boundaries are strengthened with B additions [48]. Finally, 

the stress exponent of cast, aged Co-9Al-9W-0.12B [49] is similar (n=9.6), and the creep rates 

in the dislocation regime are similar to our aged alloy. By contrast, cast, aged Co-9.5Al-7.5W 

[51] shows much faster creep (due to the lower content of γ’ formers), but a similar stress 

exponent.  

 



 

 

Figure 16. Double-logarithmic plot of minimum strain rate vs. compressive stress and stress 

exponent n of homogenized sample (denoted as Co-20Ni-11Al-8W (HG)) and aged sample 

(denoted as Co-20Ni-11Al-8W (AG)) at 850 °C. The open data points are data from references: 

Co-12Al-8W (DED) [13], Co-9.5Al-7.5W (cast) [51], and Co-9Al-9W-0.12B (cast) [49]. Red 

dashed line represents the stress exponent of n=1. The data points of as-aged alloys below 300 

MPa are shown with error bars estimated as ±25 %. Stress exponent n are given next to each 

best fit line.  

 

 

4. Discussion 

4.1. Cracks in horizontal cross-sections 

The sample built at the lowest scanning speed (v=100 mm/s) shows solidification cracking (Fig. 

12(a)) with W segregation at the crack. This is consistent with W being rejected to 

interdendritic regions during solidification and the remaining W-rich liquid film forming 

solidification cracks as it cannot withstand the strain [52]. As a low scanning speed melts most 

of the W particles, the W matrix mole fraction is very close to nominal mole fraction (7.7 % 

W vs. 7.9 % W, Table 1). This high W concentration may lead to an increased freezing range 

and thus a high solidification cracking tendency. Even though the W concentration in the matrix 

increases by only 1% mole fraction as the scanning speed increases from 100 mm/s to 300 

mm/s, the effect is non-linear.  

 

The much higher crack density in horizontal cross-section of samples built with 100 mm/s and 

200 mm/s scanning speeds (Fig. 10) might be associated with the melt track overlap ratio and 

the hatch spacing [53]. The horizontal cross section for v=200 mm/s exhibits longitudinal 

cracks. Some cracks were observed to be confined within single melt track, while others 

propagate further. When considering the melt pool width for v=200 mm/s (120 μm, Fig. 12(b)) 

and a hatch spacing of 105 μm in this work, the overlap ratio is 12.5 %; this may not be 

sufficient to ensure remelting of the previously-deposited adjacent track [54]. Another possible 

reason for the high preponderance of cracks in horizontal cross-section is the anisotropic 

distribution of cracks that are much longer than then the width. Unlike the horizontal cross-

sections, vertical cross-sections may not intersect some of the vertically-oriented cracks form 

at high angle grain boundaries of columnar grains oriented along the building direction. 

 

4.2. Microfeatures in as-deposited microstructures 

The absence of W-rich intermetallic phases (e.g., Co3W, μ-Co7W6, NiW2) at the interface 

between the partially-melted W particles and the surrounding Co- and Ni-rich matrix can be 

explained by the very rapid cooling of the melt in the L-PBF process. Marangoni convection 

drives the rapid movement of the W particles, which dissolve in the super-heated Co-Ni-Al 

melt too rapidly to form intermetallic phases, leaving a W-enriched “tail” visible as bright 

swirls in the as-solidified microstructures (Fig. 5(a)). The time available for homogenization 

of W-rich liquid pockets with the surrounding melt is too short to achieve a homogenous W 

distribution after solidification, so the local composition melt is preserved by the rapid 

solidification [55].  

 

In the as-melted state, Co, Ni, and Al in the melt near partially-melted W particles appear to be 

prevented from mixing completely due to the presence of W particles (see Fig. 6). In fact, 

partially-mixed regions with non-uniform contrast were mainly observed to form near, or 

contain, partially-melted W particle, thus becoming W-deficient due to incomplete melting of 

the W particle. This incompletely homogenized state is preserved by rapid solidification, with 



 

 

distinct areas enriched with Co, Ni, and Al observed within W-deficient region, indicating that 

insufficient time is available for homogeneous liquid mixing. Additionally, columnar grains 

grow along the build direction due to the steep vertical temperature gradient during L-PBF 

process [44]. The temperature gradient ahead of the solidification front can vary due to local 

composition differences, and thus locally changing solidus and liquidus temperatures. This 

local inhomogeneity in composition and temperature gradient may trigger grain nucleation [44], 

whose orientation may differ from the grains growing at the solidification front, thus forming 

a horizontal grain boundary. These horizontal grain boundaries are often observed underneath 

(Fig. S3), or at, W-deficient regions.  

 

These W-deficient regions affect initiation and propagation of cracks via several mechanisms: 

(i) Crack propagation is blocked or its main direction (along the building direction) is deflected 

by W-deficient regions (WD1). The plastic strain concentration at horizontal grain boundaries 

deflects cracks (Fig. 9(b) and Fig. S3). From Fig. 11(b), horizontal cross sections show more 

WD1 instances than the vertical cross sections, which might indicate that vertical cracks are 

more affected by W-deficient region than horizontal cracks. 

(ii) Cracks initiate at the interface of W-deficient regions (WD2). When Al is particularly 

enriched near the edge of a W-deficient region, solidification cracking can occur and cracks 

propagate along the interface with the help of a horizontal grain boundary (as shown in Fig. 

13).  

 (iii) Solidification cracking occurs due to the widened freezing range of Al-enriched region 

(WD3 and WD4, Fig. 13). When the Al composition in W-deficient region is about 12 % to 

17 % mole fraction, it is insufficient for B2 formation but still higher than the matrix value, 

thus delaying termination of solidification in W-deficient region due to widened freezing 

ranges. As seen in Fig. 13(a), this solidification cracking can provoke initiation of new cracks 

in the solid state, by forming W-deficient regions (WD3). 

(iv) Crack initiates from the tip of a brittle B2 region in W-deficient regions (WD3 and WD4). 

The B2 phase formation is attributed to Al enrichment in W-deficient regions (Al > 17 % mole 

fraction). Both solidification and solid-state cracking are feasible from the brittle B2 phase. 

Solid-state cracking can be enhanced by thermal expansion and modulus mismatches, and the 

incoherent interface between the FCC-matrix and the B2 phase during heating and cooling. 

Furthermore, higher enrichment of Al (Al > 20 % mole fraction) can induce an eutectic reaction 

(Fig. 6(c)), with formation of large amounts of the B2 phase. Since this eutectic 

microconstituent has low melting point, liquation cracking is also possible, as well as 

solidification- and solid-state cracking. 

 

4.3. Ductile phase toughening  

The presence of partially-melted W elemental powder may provide ductile phase toughening, 

arresting cracks and increasing the fracture toughness [39,56,57]. The interaction between W 

particles and cracks follow three scenarios in our samples.  First, cracks finish at (near) the 

interfaces of W particles and matrix (yellow arrows in Fig. 9). When normalizing by area, this 

is a high-occurrence event (Fig. 11(c)) indicating that W particles are effective crack arresters. 

Second, cracks penetrate W particles that act as ductile bridges (Fig. 8). A well-bonded 

interface between the particle and the surrounding matrix allow plastic deformation the W 

particles [56]. Finally, cracks are deflected by W particles (Fig. S3), with the high stiffness of 

W retarding crack approach towards W particles [56]. 

Crack blocking (Fig. 9) or deflecting (Fig. S3) is accompanied by strain concentrations around 

W particles (but often within them). The presence of localized strain both out- and inside 

particles without interface fracture suggests that BCC-W is ductile enough to accommodate 



 

 

propagation of cracks by plastic deformation, (Fig. 8) [58], especially if cracking occurs above 

the ductile to brittle transition temperature of tungsten (DBTT = 200 ºC to 250 ºC, [59]). On 

the other hand, W particles without a strain concentration in their volumes were observed to 

block cracks, resulting in strain concentrations in the matrix (the yellow arrow the left below 

of Fig. 9). This suggests that W is elastically deformed and that cracks may be arrested in some 

instance without W plastic deformation (e.g., below their DBTT).  

 

 

5. Conclusions 

A quaternary Co-based superalloy, with Co-20Ni-11Al-8W composition, was chosen for laser 

powder bed fusion (L-PBF) processing, based on CALPHAD-based thermodynamic 

predictions for a moderate freezing range (to minimize cracking) and high γ’ volume fraction 

(for creep resistance). Rather than prealloyed powders, a blend of ball-milled elemental 

powders was used during L-PBF, with the following results obtained: 

1. In the as-fused state, the alloy exhibits a mostly-homogenous composition which 

nevertheless contains partially-melted W particles and W-deficient regions. 

Compositional segregation and more partially-melted W-particles are observed with 

increasing laser scanning speed, consistent with shorter melt lifetimes preventing full 

W dissolution in the melt.  

2. W-deficient regions, which are also Ni- and Al-enriched, nucleate grains with grain 

boundaries perpendicular to the building direction. They may also act as both a crack-

initiating and crack-deflecting sites. An enrichment of Al, in particular, induces 

formation of B2-(Co,Ni)Al, even eutectic microconstituents, further generating cracks. 

3. Partially-melted W particles are effective at arresting or bridging cracks, as illustrated 

by crack density decreasing with increasing laser scanning speed (and thus increasing 

fraction of partially-melted W particles). Thus, W particles may provide ductile phase 

toughening and increase fracture toughness during the L-PBF process. The strain 

concentration around W particles accompanies arresting cracks, indicating that W is 

ductile enough to accommodate propagation of cracks. 

4. These two W-rich and W-deficient features disappear after heat-treatment at 1200 ºC, 

as W diffusion leads to full homogenization of the alloy. Subsequent aging at 900 ºC 

leads to a γ/γ’ microstructure with a 77 % volume fraction of γ’ precipitates, in general 

agreement with thermodynamic predictions. 

5. Under compressive creep deformation at 850 °C, homogenized alloys, with and without 

aging to achieve the γ/γ’ microstructure, exhibit dislocation-controlled creep at high 

stresses and diffusional creep at low stresses (consistent with their relatively fine grain 

size of 50 μm to100 μm). A substantial decrease in minimum creep strain rate in the 

dislocation creep regime is ascribed to the precipitation strengthening effect of the γ’ 

phase. 
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