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ABSTRACT: We present nanocomposite materials formed
by using glassy star-shaped polymers as nanofillers and
dispersing them in soft matrices. The resulting “architectur-
ally engineered” polymer nanocomposites structurally reside
between the linear homopolymer blends and the conven-
tional polymer nanocomposites with inorganic fillers,
inducing reinforcement, which can be as strong as that of
solid nanoparticles, or softening depending on the compact-
ness and concentration of the nanoparticles. Such behavior
can be traced back to the dynamical features at the local
segmental and the chain level, which we investigated using
neutron scattering over a wide range of time and length
scales in the glassy and melt states of the nanocomposites.
The local and segmental dynamics as well as the degree of chain−chain entanglements are all modified by the star-shaped
fillers. The presented approach to tuning the physical properties of all-polymer-based nanocomposites is readily adaptable
to other polymer architectures with immediate applications in numerous areas including gas separation membranes, tissue
engineering, drug delivery, and functional coatings.
KEYWORDS: polymer architecture, soft nanoparticles, nanocomposites, polymer blends, neutron scattering, rheology

In the search for soft materials with exceptional properties
and functionalities, polymer−nanoparticle systems offer
great potential.1−3 In conventional polymer nanocompo-

sites (PNCs), the unusual viscoelastic behavior results from a
number of interconnecting factors, such as particle size,4−6

shape,7,8 dispersion state,9,10 attraction between polymer and
particles,11 and, more importantly, topological interactions
(entanglements) between the polymer chains in the bulk and
the chains interfacing the nanoparticles.12 Modifying the
dynamics within this “interphase” layer can potentially result
in advanced responsive materials suitable for changing environ-
ments in living and synthetic systems.13−17 With conventional
choice of rigid nanoparticles and homopolymer, however, this is
an extremely challenging task because the dynamics is often
determined by the surface−polymer interaction and the particle
dispersion states that are hardly altered in solvent-free melt and
glassy states. Since the entanglements strongly depend on
conformation, engineering the topology within the interphases
of nanocomposites could be an alternative route, which we
present in this Article.

The advances in synthetic chemistry have now made it
possible to precisely control the topology of polymers, which
determines many of their physical properties.18,19 Rings, stars,
combs, bottlebrushes, and hyperbranched polymers have
emerged with distinct properties due to their distinct structural
and relaxation behavior compared to simple linear poly-
mers.20−23 Among them, the star-shaped polymers, in which
many linear chains share a common center, are particularly
interesting in the present context as the monomer density
toward the center increases dramatically at high functionalities,
making that part (if not all) of a star macromolecule dense and
impenetrable. Depending on the number and the length of arms,
they can exhibit both soft/interpenetrable and hard/compact
sphere character21,24 (see Figure 1, left). We hypothesized that
using high-Tg star-shaped polymers as nanofillers and dispersing
them in miscible low-Tg linear matrices would create a type of
polymer nanocomposite in which the interphases, and therefore
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the bulk rheological properties, can be systematically varied
through macromolecular architecture. As the structural proper-
ties of stars vary from soft to hard colloids, the resulting
nanocomposites transition from the well-known simple linear
blends to hard sphere−polymer nanocomposites (see sche-
matics in Figure 1). In this work, we investigate this scenario
through a series of elastic modulus measurements in this
transition regime on various samples differing in the molecular
weight and functionality of the dispersed high-Tg polymer.
Moreover, static and quasielastic neutron scattering measure-
ments allow exploring the nanoscopic structural and dynamical
features within the nanocomposites. The nanoscopic dynamical
features manifest at the macroscopic level by causing marginal
viscosity increases in composites with loose stars or linear
blends, whereas the compact, “nanoparticle”-like star polymers
cause a decrease in viscosity at low volume fractions while
reinforcing the nanocomposites at high concentrations as
strongly as can be achieved using silica nanoparticles at the
same volume fraction. The demonstrated influence of filler
architecture on the rheological properties can be used for tuning
nanocomposite properties via architectural engineering of
polymeric fillers.

RESULTS AND DISCUSSIONS
To create the nanocomposites, we primarily used polystyrene
(PS, Tg,PS,bulk ≈ 373 K) as fillers and poly(vinyl methyl ether)
(PVME, Tg,PVME,bulk ≈ 245 K) as matrix (detailed sample
preparation protocols are given in the Methods section). This
system is known to be miscible up to at least 423 K,25,26 and the
components exhibit a very large difference inTgs; therefore, their

linear mixtures have been commonly referred as “dynamically
asymmetric”.27−29 While the star−linear blends of the same
chemistry (exhibiting similar dynamical behaviors) have been
studied previously,30,31 the structure and relaxation of
dynamically asymmetric star−linear blends are not known.

Nanostructure. We first studied the conformation and
dispersion of PS fillers (20% by mass) in the PVME matrices
using small-angle neutron scattering (SANS) (the detailed
specifications of the PS linear and star polymers are given in
Table 1). We use a deuterated PS (dPS) and hydrogenated
PVME (hPVME, 22 kg/mol) matrix to get a coherent intensity
in SANS (Figure 2a). At short length scales (Q ≳ 0.2 Å−1), all

profiles display I ∼ Q−2 scaling, typical for a Gaussian
conformation described by the Debye form factor. The filler
architecture is manifest in the intermediate length scales where
the Q-dependence of the intensity in the star composites shows
well-defined peaks in the Kratky plots, IQ2 vs Q (Figure 2b). This
is a clear structural indication of the compact“nanoparticle-
like”nature of the star polymers.32,33 The peaks get narrower
and move to larger length scales with increasing number of arms
due to denser core regions. Such intrastar peaks are not observed
in the linear dPS particles in hPVME (the insets of Figure 2b),
suggesting the loose structure of linear PS is retained in the
blends. The low-Q upturn in the sample with linear 80 kg/mol
PS is due to interpenetrating linear chains at 20 vol %, resulting
in a Lorentz contribution to the overall scattering at low-Q. Such
an upturn is not seen in the star-polymer fillers, signifying good
dispersion of the PS particles in the PVME matrix. Detailed

Figure 1. Transition from linear blends to conventional polymer
nanoparticle composites. Schematic representation of the architec-
tural engineering of polymer nanocomposites. Increasing function-
ality of stars leads to a denser core region that is impenetrable to the
matrix chains and gives rise to a more particle-like nature.

Table 1. Molar Masses, Arm Radius of Gyration in PVME (Obtained from SANS), Hydrodynamic Size in Toluene (Obtained
from DLS), and Calorimetric Glass Transition Temperatures of PS Particles

polymer Mw, total (kg/mol) Dtotal Mw, arm (kg/mol) Darm ⟨Rg⟩arm(nm) ⟨Rh⟩ (nm) Tg,DSC (K)

dPS linear-S 3.5 1.05 1.75 1.05 1.69 ± 0.13 NA 353.9 ± 2.6
dPS linear-L 80 1.05 40 1.05 2.62 ± 0.13 7.79 ± 0.11 375.9 ± 3.0
dPS 7 arms 19 1.23 2.6 1.25 1.36 ± 0.19 2.74 ± 0.35 354.3 ± 3.5
dPS 18 arms-S 46.5 1.99 2.6 1.73 3.06 ± 0.17 7.26 ± 0.69 364.3 ± 6.9
dPS 18 arms-L 88 1.10 4.8 1.15 3.26 ± 0.04 5.43 ± 0.08 364.9 ± 2.9

Figure 2. Conformation of PS in the PVME matrix. (a) Small-angle
neutron scattering on dPS in the hPVME matrix shows the
nanoscale structural differences between linear and star dPS in
hPVME. The intensities are shifted vertically for ease of comparison.
(b) Kratky plots (i.e., IQ2 vs Q) after subtracting the incoherent
background reveal strong intrachain correlation peaks in the star
dPS, a feature absent for linear dPS, which instead shows the usual
Gaussian conformation. The lines represent the best fits using
random phase approximation with the star polymer (for f = 7 and f =
18) form factors with the excluded volume parameter and Debye
form factor of linear PVME matrix chains (see Supporting
Information for details). The same legend of plot (a) applies to
plot (b), as well.
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analysis of the SANS profiles reveals the conformation and sizes
of the star polymers in the matrix (see Supporting Information
and Table 1).
The linear PS−linear PVME system is known to be an LCST

type, miscible below 423 K;25,26 however, the phase behavior of
the star PS−linear PVME system has not been explored. We,
therefore, performed SANS experiments on the composites with
the highest functionality star (18-arm dPS (80 kg/mol) in
hPVME at elevated temperatures up to 423 K) to confirm the
miscibility of the star PS−PVME (see Supporting Information),
where we performed neutron scattering experiments.
Thermal and Rheological Properties. The structure of

star polymers with uneven monomer density and chain ends
along the radial direction34 greatly influences their glass
transition. We first look at the neat dPS fillers in the absence
of a PVME matrix; their DSC traces are displayed in Figure S3,
and the obtained Tg values are listed in Table 1.
Blending the PS fillers with the low-Tg PVME matrix at the

fixed PS volume fraction of 20% causes elevated yet highly
broadened Tg (Figure 3b and Table S1) due to the presence of
dynamical heterogeneities inherent to the system. For
dynamically asymmetric polymer blends, the Tg of the soft
component (in this case PVME) is less affected by blending with
the high-Tg component due to connectivity of the chains that
leads to a self-concentration effect shown by Lodge and

McLeish.35 In our composites, the Tg shifts remain within 10
K, consistent with the earlier reports on the linear PS−PVME
blends,29,36−38 and are seemingly independent of filler
architecture within the uncertainties of the measurements (see
Supporting Information for the values and additional
discussion).
Despite marginal effects of filler architecture on the composite

glass transition, the consequences on the macroscopic rheology
are significant. Figure 3b compares the linear elastic moduli (see
Supporting Information for viscous component) of the hPVME
composites with 18-arm star (88 kg/mol total), seven-arm star
(19 kg/mol total), and linear (80 and 3 kg/mol) dPS fillers. The
linear, entangling, PS increased the elastic moduli of the
composites (at low frequency) about 3 orders of magnitude
relative to the neat matrix due to its loose interpenetrating
structure that forms its own rigid network in the soft matrix. On
the other hand, the reinforcing effect of 18-arm star PS was 2
orders of magnitude smaller due to its highly compact,
impenetrable nature. Being less compact, however, seven-arm
PS caused an increase in elastic modulus of about 2 orders of
magnitude (similar to that caused by short PS chains), which is
located between that of linear entangling and 18-arm PS stars.
In the conventional nanocomposites with inorganic fillers, the

mechanical reinforcement is often explained in terms of
concentration- and dispersion-dependent nanoparticle percola-
tion,9,10 change in polymer mobility due to attractive polymer−
nanoparticle interactions,11 and entanglements within the
interphases of polymer and the nanoparticles.12 Since the PS
particles in each of our nanocomposite samples were 20%, that
is, below the percolation threshold of hard spheres (31 vol %),39

and the particles are well-dispersed, the variation of the elastic
moduli over a range of 3 orders of magnitude at the same particle
concentration is clearly a consequence of the filler architecture.
Such an effect on the rheology is intriguing, as it offers an

original way to engineer nanocomposites for desired/optimized
properties; however, a thorough understanding of the micro-
scopic mechanisms is essential and will be the focus next. High-
resolution neutron spectroscopy on isotopically labeled
components in nanocomposites allows directly observing the
chain motions at the nanoscale by simultaneously accessing a
broad range of time scales (from sub-nanoseconds to a hundred
nanoseconds) and length scales (from monomer size to
entanglement mesh sizes). Specifically important for polymers
are the localized fast dynamics on the sub-monomer level, the
segmental dynamics at the monomer level, and the entangled/
collective dynamics at larger scales. Since the nanocomposite
properties are predominantly determined by the dynamics of the
matrix chains and also the PS fillers are essentially frozen in the
time scale of the neutron experiments (see also Supporting
Information for details), we exclusively focus on the dynamics of
the PVME matrix chains for the microscopic dynamics
described below.

Localized Sub-Tg Dynamics. We first studied the nano-
scale dynamics of hPVME linear chains in the presence of dPS
with different architectures using a high-flux neutron back-
scattering instrument (HFBS). The scattering intensity is
dominated by the self-motion of H atoms in the PVME at
time scales ranging from 100 ps to ∼1 ns and the momentum
exchanged wavevector (Q) range relevant to segmental motions
above Tg. The temperature scan of the elastic scattered intensity
gives a general picture of the motions and dynamic transitions
taking place in the samples. Within the instrumental resolution,
only the dynamics slower than ∼1 ns contribute to the elastic

Figure 3. Bulk thermal behavior and rheology of the nano-
composites. (a) Differential scanning calorimetry (DSC) traces
showing the glass transition temperature (Tg) of the composites
with hPVME and the blends of 80% hPVME matrix and 20% dPS
fillers. (b) Linear elastic moduli for the neat PVME, PVME−PS
linear (3 and 80 kg/mol), and PVME−PS star (18 arms, 88 kg/mol,
and 7 arms, 19 kg/mol) composite samples at the same 20% loading
show the variation over 3 orders of magnitude with less reinforcing
effect of the compact highly functionalized star particle. The same
legend of plot (a) applies to plot (b), as well.
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intensity, while faster processes cause a decrease in the elastic
intensity. The elastic intensities were normalized to those
obtained at the lowest temperature (Iel(Q,T)/Iel(Q,T = 15 K) to
eliminate specimen size dependence of the scattering and allow a
meaningful comparison between the samples. Elastic neutron
scan measurements can probe the mean square displacement of
hydrogen atoms even below the glass transition temperature.40

Above the glass transition, the observed motions can be related
to the Rouse segmental dynamics of the polymer; below the
glass transition local motions of the hydrogen atoms trapped in a
harmonic or soft potential are probed. These latter dynamical
processes can be relaxational or vibrational in character and are
distinct from the Rouse segmental dynamics probed above the
glass transition.
Figure 4a displays the normalized elastic intensities summed

over all Q (0.25 to 1.75 Å−1) for the neat hPVME and hPVME
blends with linear dPS and 18-arm-star dPS of similar total
molecular weights (∼80 kg/mol) (see Supporting Information
for other PS particles). All data superimpose up to 50 K, where
the first stepwise decrease of the intensity is observed due to the
methyl group rotation41 dynamics exiting the ∼1 ns dynamic
window. At T ≈ 250 K, all samples experience a major intensity
drop associated with the onset of faster segmental motions of the
PVME chains. Note that this temperature is close to the
calorimetric Tg of the blend measured in differential scanning
calorimetry (DSC) and somewhat independent of the PS
architecture.
The neat hPVME and the hPVME with linear PS follow a

similar continuous decay up to around 250K, suggesting that the
localized sub-Tg motions are not much affected by blending with
linear chains, consistent with previous results.37 At temperatures
above Tg, however, the elastic intensity is higher in the presence
of linear dPS compared to the neat form, due to slower
segmental motions of PVME in the presence of the less mobile
linear PS, as observed in binary blends of linear chains.32,37

Interestingly, for PVME in the presence of star-PS, the elastic
intensity exhibits a larger decrease as the temperature is
increased around and below Tg, indicating accelerated dynamics
(with respect to pure PVME) of H atoms in the glassy regime.
This is clearly due to the PS architecture and different from
linear blends, in which the localized sub-Tg processes remain
unaltered. Different dynamical processes might be underlying
the observed phenomenon; hence, we performed additional

experiments to better understand the underlying mechanism.
The motion of H atoms on PVME consist of fast vibrational
motions, methyl group rotations, and translational dynamics due
to segmental movements. The segmental motions are effective
only at T >Tg; therefore, they cannot be associated with the sub-
Tg dynamics. To differentiate between the methyl group
contribution and the localized segmental motions, we used
mixtures of methyl group deuterated PVME and a fully
deuterated PVME matrix filled with the same linear and 18-
arm dPS particles at the same 20% bymass. In these samples, the
contribution from the methyl groups on PVME is eliminated
and the elastic intensity is due only to the localized motions of
the H atoms in the PVME backbone. Figure 4b shows the
temperature scan of the elastic scattering intensity for these
samples. Clearly, the stepwise decrease at T ≈ 50 K seen in the
samples with hPVME (Figure 4a) is now eliminated; yet, the
faster sub-Tg decay in the star-PS-blended PVME endures. It is,
therefore, likely that the fast, localized motions of PVME
segments are accelerated by the presence of highly compact star-
PS molecules.
More quantitatively, theQ-dependence of the elastic intensity

can be related to the mean-square displacements, ⟨u2⟩, by the
equation Iel(Q,T)/Iel(Q,T→ 0) = exp(−Q2⟨u2⟩/3) (Figure 4c).
At the same T = 150 K, the mean square displacement of PVME
in blend with star dPS is ∼0.4 Å2, which is nearly 2 times larger
than that in the neat form and in the linear blend. The previous
dielectric relaxation studies clearly showed that the low-Tg
chains can locally relax faster in blends with linear high-Tg
polymers compared to their neat form due to the dynamic
confinement effect of the frozen high-Tg chains. This was
attributed to enhanced free volume introduced by blending with
linear chains.27,29 It is possible that the high-Tg star polymers
with a large number of free ends provide even more free volume
for the low-Tg component to locally relax faster below the Tg.
This is also consistent with the recent dielectric spectroscopy
results by Holt et al.,42 where they reported faster sub-Tg
dynamics in nanocomposites with polymer-grafted nano-
particles (akin to highly functionalized star-shaped polymers)
compared to the nanocomposites with nanoparticles physically
adsorbing polymers due to enhanced free volume within the
graft layer.
A direct consequence of such behavior of the local dynamics

can be clearly observed on the dynamic fragility, m, which

Figure 4. Elastic intensity temperature scans. Normalized scattered elastic intensities of PVME in neat forms and in composites with 20% linear
(80 kg/mol) and 18-arm (88 kg/mol) deuterated PS. Motions faster than ∼1 ns are not detected and, therefore, cause a decrease of the elastic
intensity. The PVME in (a) is fully hydrogenated, whereas in (b) the methyl groups of PVME are deuterated and, therefore, made invisible to
the scattering (also shown in the insets). (c) Mean-square displacements of H atoms on partially deuterated PVME chains in the
nanocomposites; notice the enhanced glassy dynamics along with a clear broadening of the segmental dynamics activation near Tg in the
samples with dispersed PS stars.
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quantifies how far the temperature dependence of the relaxation
time of a glass former deviates from the Arrhenius behavior as
the Tg is approached from above.43 Qualitatively, the stronger
glasses exhibit broader and smoother glass transition. A close
look at the elastic intensities around Tg of PVME in Figure 4a
and b clearly shows extremely broad transition of PVME in
composite with the star PS, suggesting that PVME forms
stronger glasses in the presence of stars, in conjunction with an
enhanced sub-Tg relaxation. For the composite samples, DSC is
conveniently used to determine the dynamic fragility index from
the cooling rate dependence of the thermodynamic fictive
temperature (see Supporting Information). The dynamic
fragility indices were found to be very close for the neat
PVME (mPVME = 110 ± 8) and PVME−linear PS blend
(mPVME−PSlinear = 88± 11) within the experimental uncertainties,
whereas the fragility of the PVME−star PS composite
(mPVME−PSstar = 70 ± 3) diverges to the strong glass regime.
In short, the filler architecture has a pronounced effect on the

fast, localized motions of the matrix chains even in the glassy
state. Such architectural influence on the sub-Tg relaxation
processes offers a way to optimize the glassy properties of the
polymers, such as their fragility and aging.
Segmental Motions. Particularly important for the bulk

flow of polymers is the segmental motion that dominates the
mobility above Tg. Since the localized motions of PVME
segments contribute to the elastic intensity decays at high
temperatures as well, the absolute values of ⟨u2⟩ (or the elastic
intensities above Tg in Figure 4) may not be used to directly
compare the segmental dynamics.
A more precise comparison was made possible by performing

quasielastic neutron scattering (QENS) measurements in a
dynamic range of ±11 μeV (with a resolution of 0.8 μeV). At
relatively low Q and long times, the molecular details of the
chain backbone become unimportant, and the fast, localized
motions are not captured. The incoherent dynamic structure
factor, Sincoh(Q,ω), was obtained for samples with hPVME
matrices with dPS fillers at 363 K (representative profiles are in
Figure 5a) and at 393 K (see Supporting Information). The
quasielastic broadening at low Q is, therefore, directly related to
the slow, Rouse motion of the chain segments. By Fourier
transform and deconvoluting the instrument resolution from the
dynamic structure factor, we obtain the self-intermediate
scattering function, which is, within the Gaussian approxima-

tion, related to the mean-square displacement of the polymer
segments,44

S Q t Q r t( , ) exp /6 ( )self
2 2= [− ⟨ ⟩] (1)

In the Rouse model, the mean square displacements (MSD),
⟨r2(t)⟩ , is related to the elementary Rouse rate, Wl4, by

r t Wl t( ) 4 /2 4 π⟨ ⟩ = where W = 3kT/(ζl2) with ζ being the
monomeric friction coefficient and l being the segment length.
Figure 5b shows the MSD against t1/2 for the neat PVME

(black squares) and the PS−PVME composites at Q = 3.6 nm−1

at 363 K. The linear dependence validates the application of the
Rouse model up to 1 ns for this length scale. The slopes of the
fitted lines are directly related to the Rouse rates. The obtained
numbers ofWl4 forQ = 3.6 and 4.7 nm−1 are compared in Figure
5c. We have also performed experiments at 393 K on the neat
hPVME and the hPVME composites with 18-arm star dPS (80
kg/mol) and linear dPS (80 kg/mol); similar trends were found
(see Supporting Information). The segmental dynamics of
PVME is clearly slowed down in the presence of PS. The nearly
4-fold decrease of the Rouse parameter of PVME in the
composites (at 363 K) compared to its neat form is practically
independent of the chain architecture. Such behavior can be
attributed to the friction imposed by the PS chains; in fact, at 393
K, above the PS glass transition with lower friction, the PVME
Rouse rates decreased only by half upon blending with linear and
star PS (the trend is similar within the experimental
uncertainties) (see Supporting Information). A previous work
by Arbe et al.45 on a PEO−PMMA blend (ΔTg ≈ 200 K)
showed that the Rouse dynamics of PEO slowed down in a
similar way in its blends with linear and internally cross-linked
PMMA at same volume fraction. Our work on the PS−PVME
system with various PS architectures put this observation in a
more general context: At the segmental level, the entropy-driven
Rouse dynamics of the low-Tg component in the polymer blends
is tuned by the friction imposed by the essentially frozen high-Tg
component, regardless of its molecular architecture. In other
words, the monomeric friction coefficient is mainly determined
by chemistry rather than the shape of themacromolecules. Thus,
the segmental Rouse dynamics is clearly affected by the star
architecture in a different way than the localized dynamics is.

Collective Dynamics. In the intermediate time scales, the
chains feel the presence of other chains in the melt, and their
motion is constrained by entanglements. Such phenomenon
directly affects the viscous flow of the system, as the rubbery

Figure 5. Architectural effects on the segmental dynamics. (a) Normalized dynamic structure factors at 363 K and at representative values ofQ,
namely, 3.6 and 13.6 nm−1 for the neat hPVME, hPVME in 20% linear PS (80 kg/mol), and hPVMEwith 20% star PS (18 arms, 88 kg/mol). The
lines represent the instrumental resolutions determined at T = 15 K, where all motions are practically frozen. (b) Mean-square displacements
(shown atQ = 3.6 nm−1) determined from the inverse Fourier transformation of the dynamic structure factors into time domain and displayed
as a function of t1/2 (Rouse scaling). The slopes are directly related to the Rouse parameter, Wl,4 and the obtained values for all samples are
displayed in (c). The legend of plot (c) applies to plot (b), as well.
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plateau modulus is inversely proportional to the square of the
entanglement distance. To investigate how the presence of the
PS fillers affects the PVME chain dynamics and their
entanglements, we used a mixture of a fully deuterated (70%)
and a methyl-deuterated (30%) PVME matrix with dPS linear
(80 kg/mol) and 18-arm dPS star (88 kg/mol) fillers at the same
concentration used for the QENS experiments. By doing this,
the scattering intensity at low Q originates from the scattering
contrast between the labeled PVME chains and the deuterated
matrix, allowing the study of the single-chain dynamics of PVME
in the samples. We used neutron spin−echo (NSE), which
provides the longest time resolution accessible by any neutron
scattering technique, to measure, in the time domain, the
normalized intermediate scattering function (ISF), S(Q,t)/
S(Q,0), of PVME chains up to 100 ns (at T = 393 K).
Figure 6a compares the normalized ISFs using a Q4t scaling,

showing the deviation from the Rouse prediction (shown as

dashed lines; also see Supporting Information) above 500 ns/
nm4 corresponding to Q = 2 nm−1 and t > 30 ns as shown in
Figure 4b. It is clearly seen that the neat PVME decays faster in
the initial Rouse region, while it is slowed down by the PS fillers,
as also observed using QENS. At longer times, a plateau starts to
develop associated with the confined motion of PVME chains

due to entanglements. The PVME in the neat form and in
composites with star PS have similar plateau levels, while the
linear PS shows a significantly enhanced confining effect. The
actual values of the confinement tube diameter can be
determined by fitting the data to the reptation model formulated
by de Gennes:46
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where S Q t t t( , ) exp( / )erfc( / )o
local

oτ τ= describes the local
dynamics within the tube with characteristic time scale τo = 36/
(Wl4Q4). Sesc(Q,t) represents the long-time escaping process of
the chain out of its original tube and is not observed in the time
scale probed by NSE, and therefore, Sesc(Q,t) = 1. The long-time
plateau level is determined by exp(−Q2d2/36), d being the
reptation tube diameter. Since the model does not apply for the
unrestricted Rouse regimes and we only observe the plateau atQ
= 2 nm−1, we fit the de Gennes equation for this Q value and t >
50 ns. We use Wl4 values obtained from the fitting to the
unrestricted Rouse model of the data shown in Figure 6b (see
Supporting Information) and determined the reptation tube
diameters in the samples as dPVME‑neat = 5.63 ± 0.92 nm,
dPVME‑dPSstar = 4.99 ± 0.35 nm, and dPVME‑dPSlinear = 3.45 ± 0.16
nm. Clearly, the star particles do not much alter the apparent
tube size of PVME, whereas blending with linear chains reduces
the tube diameter by∼40%. The nanoparticle-like star PS fillers,
therefore, allow linear PVME chains to move more freely
compared to the case of linear blends. This is, indeed, in parallel
with our recent observation that the nanoparticles smaller than
the entanglement mesh sizes can induce disentanglements of
matrix chains by dilating the reptation tube.5 The star particles
we use in NSE have sizes comparable to themesh size of the neat
PVME; therefore, it is likely that the apparent increase of tube
size due to star PS relative to the linear PS is a result of
competing effects of geometric confinement, which tends to
contract the tube,47 and dilation effect of small nanoparticles.
The latter is lacking in the case of linear blends; therefore, the
tube size decreases.
Let us summarize the dynamical effects of filler compactness

and architecture on the matrix chains:

• When the chain segments are considered to be frozen
(glassy) at the nanoscopic time scales, the fast, vibration-
type localized motions on the chain backbone are greatly
accelerated in the presence of compact fillers but remain
unaltered in the linear blends or less compact starts.

• In the melt state, the segmental motions are significantly
slowed down by addition of high-Tg fillers, but we did not
find any effect of filler architecture on the Rouse
dynamics, suggesting that the average friction coefficient
in nanocomposites is not significantly influenced by the
shape of the fillers.

• The collective motion of the linear matrix chains in the
presence of nanoparticle-like compact fillers is faster than
that of linear blends, as evidenced by the changes in the
reptation tube diameters.

Effect of Nanoparticle Concentration. In light of the
observed microscopic dynamics, we look into the rheological
behavior in more detail. The increase of the effective friction

Figure 6. Single-chain dynamics measured by neutron spin−echo.
Normalized intermediate scattering functions at Q = 1.1, 1.5, and 2
nm−1 and T = 393 K of a mixture of deuterated and methyl-
hydrogenated PVME (h/d: 15/85), neat, with 20% linear dPS (80
kg/mol), and with 20% star dPS (18 arms, 88 kg/mol). (a) Data
shown using a Q4t Rouse scaling variable. The dashed lines are the
decays predicted by unrestricted Rouse motion; the deviations at
long times are indicative of confined motion of PVME due to
entanglements. (b) Normalized intermediate scattering function at
Q = 2 nm−1 displaying changes in the long-time plateau behavior.
The lines are fit to de Gennes formulation for a reptation motion of
linear polymers within confining tubes (see the text).
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coefficient, as well as the entangling effect induced by the linear
PS chains onto the PVME matrix, and the entanglement
between fillers and the matrix chains are all expected to induce
significant reinforcing of the composite. On the other hand, star
fillers whose sizes are smaller than the reptation tube diameter
are expected to disentangle the matrix, therefore inducing a
softening effect.5 The rheological behavior displayed in Figure
3b on the same filler concentration (20% by volume) clearly
shows such competing trends. Since the architecture of the
particles had no effect on segmental dynamics, the variation of
the elastic moduli comes from the entanglements of the filler
macromolecules with the matrix as well as, eventually, with
themselves. The most compact filler has the least reinforcement
effect, as it behaves like a small nanoparticle5 with less ability to
entangle with the matrix chains, and allows chains to move more
freely.
The reinforcing trends of the different architectures are better

seen at different concentrations. Figure 7a shows the effects of

additional PS-star polymers, namely, 30 arms (30 kg/mol), 8
arms (40 kg/mol), and 8 arms (390 kg/mol) dispersed in PVME
matrices at different concentrations (the details of these samples
are given in the Supporting Information), on the viscosities of
the samples calculated at a deformation frequency of ω = 0.1
rad/s. Eight-arm PS with a total molar mass of 390 kg/mol
monotonically increased the viscosity of the composite relative
to the neat PVME, similar to the effect of a linear long PS chain.
Having a more compact structure with enhanced core region,
the 8-arm PS with 10-fold shorter arms exhibited a non-
monotonic reinforcing effect. Below 5% loading, the viscosity of
this composite sample was remarkably lower than the neat
matrix, but became higher upon further increasing the particle
loading. Using even higher star functionality (30 arms) with very
short arm length, the particle is highly compact and the viscosity
of the composite remained lower than the neat matrix up to 10%
loading with no indication for mechanical reinforcement. These
results suggest that the compactness of the polymeric nano-
particles, which depends on both number of arms and the length
of the arms, may be a parameter for controlling rheological
properties of the nanocomposites.
To validate our findings beyond the PVME/PS system, we

have also studied the architecture effect of poly(methyl
methacrylate) (PMMA) on the resulting composites with long

poly(ethylene oxide) (PEO) matrix chains (100 kg/mol) (see
Supporting Information for the polymer specifications and
sample preparation). This system is known to be miscible up to
around 500 K.48,49 The role of the PMMA architecture on the
bulk rheology is shown in Figure 7b. In the investigated
concentration range, linear PMMA only marginally affects the
viscosity with monotonic increase with respect to the neat PEO.
Star PMMA (16 arms, 320 kg/mol total Mw), however, softens
the system at low concentration with an order of magnitude
decrease of viscosity as observed in nanocomposites with small
gold nanoparticles dispersed in PEO.5 Larger viscosity reduction
in this system compared to PS−PVME is expected due to a
negligibly small enthalpic interaction between PEO and PMMA
compared to the small attraction between PS and PVME.
Nevertheless, by further increasing the concentration of star
PMMA particles, the composite is reinforced over 3 orders of
magnitude relative to the neat matrix. The reversing trend after a
softening is understood by the overlapping impenetrable glassy
PMMA stars at higher loadings, which results in a percolated stiff
network within the soft PEO matrix. A similar gel-like transition
in star polymer solutions was observed by Loppinet et al.50 and
attributed to jamming of overlapping star polymers; our
nanocomposites expand such observation to solvent-free high-
modulus systems. While highly compact star macromolecules
behave similarly to hard-sphere colloids, the free ends of the
stars can still interact with the other star fillers,50 either direct
arm−arm contact or through the entanglements with the matrix
chains; the resulting network formation is highly dependent on
the chain architecture. Also, the gradual increase of the viscosity
by addition of linear chains suggests that chain interpenetration
is not sufficient to observe nanoparticle-like reinforcement; the
impenetrable and tunable core region plays a significant role.
Finally, we also prepared bare silica (13 nm diameter) filled

PEO composites to make a comparison between architecturally
engineered composites to the conventional nanocomposites
(Figure 7b). As expected, the hard silica nanoparticles cause a
monotonic and 4-fold increase in the viscosity with no softening
effect with concentration. The star PMMA−PEO composite
shows a similar strong reinforcing trend following strong
softening, whereas the linear blend of PMMA and PEO has a
marginal effect on the viscosity. This is clearly the result of the
nanoparticle-like nature of the star polymers that can be finely
tuned by the length and number of arms (Figure 1). It is also
noteworthy that the glassy polymer nanoparticles soften at high
temperatures above their Tg. To extend the operating temper-
atures of these nanocomposites, physical and/or chemical cross-
linking of the soft nanoparticles may be employed alongside
engineering their topology.

CONCLUSIONS
By varying the topology of high-Tg polymers from linear to
highly functionalized star polymers and dispersing them in linear
soft low-Tg polymer matrices, we presented an approach to
designing all-polymer-based nanocomposites where the size and
“softness” of the dispersed component are highly tunable.
Whereas the chemical nature of the polymers and their
interaction affect significantly the segmental mobility through
the friction coefficient, the architecture of the high-Tg polymer
influences the free volume and hence the fragility of the
composite on approaching the glass transition. On the other
hand, in conjunction with the dynamic asymmetry,16 the size of
the dispersed particles51 alters the entanglement of the matrix as
well as determines at what concentration the percolation of the

Figure 7. Effect of nanoparticle concentration (% of volume
fraction) on the bulk rheology. (a) Viscosities of the star PS−
PVME composites with 30 arms, 30 kg/mol (red circles), 8 arms, 40
kg/mol (blue inverted triangles), and 8 arms, 390 kg/mol (green
triangles) relative to the viscosity of the neat matrix at 303 K. (b)
Comparison of the reinforcing effects of 16-arm PMMA (310 kg/
mol), linear PMMA (320 kg/mol), and silica nanoparticles (13 nm
diameter) dispersed in a PEO matrix (100 kg/mol) at 393 K. The
viscosity numbers are the complex viscosities at ω = 0.1 rad/s.
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“soft nanoparticles” takes place, which dictates the viscoelastic
behavior of the composite at high loadings. In general, these
systems show distinct rheological properties compared to
conventional polymer−inorganic nanoparticle mixtures and
polymer blends. For example, the compact, “nanoparticle”-like
star polymers with a large number of short arms exhibit a large
viscosity reduction in nanocomposites at low concentrations
while also reinforcing the composites at high concentrations, as
strongly as inorganic nanoparticles can achieve. This dual effect
(softening and stiffening) of filler topology on the rheological
properties of these nanocomposites is lacking in the previously
explored linear polymer blends and polymer−inorganic nano-
particle mixtures. The presented approach to architectural
engineering in nanocomposites can be immediately applied to
other polymer shapes, such as dendrimers, bottlebrushes, and
rings, to rationally design soft materials with desired properties.
Moreover, as the star arms can be synthesized to be of different
chemistry and end groups, the demonstrated effect of chain
architecture on the viscoelasticity can be readily combined with
multifunctionality of star polymers already shown in, for
example, nanoelectronics, tissue engineering, drug-targeted
delivery, batteries, imaging, antibacterial coatings, and catal-
ysis.52,53

METHODS
Sample Preparation. Fully hydrogenated poly(vinyl methyl ether)

(hPVME, 22 kg/mol, D = 1.09), methyl deuterated PVME (d3-PVME,
16 kg/mol D = 1.14), fully deuterated PVME (d6-PVME, 14 kg/mol D
= 1.15), and fully deuterated poly(styrene) (dPS, see Table 1 for
specifics) were purchased from Polymer Source Inc. hPVME was
further dried at 80 °C under vacuum for 2 days and stored at room
temperature under vacuum. Toluene (reagent, ACS grade) was
supplied from Tylor Scientific and used as received. hPVME and dPS
(20% weight fraction in the dry films) were codissolved in toluene at 30
mg/mL by mechanically stirring for 6 h. The solutions were then cast
onto aluminum foils with dimensions of approximately 10 cm (L) × 3
cm (W)× 3 cm (H) and dried under a fume hood. The dried films were
then annealed at 80 °C for 4 days in a vacuum oven and then brought to
room temperature and stored in a vacuum until used. Blend samples
with the matrix of d3-PVME and dPVME (15/85 ratio) were prepared
using the same protocol described. PMMA (Polymer Source Inc.) and
silica (Nissan Chemicals America) composites with PEO (Sigma-
Aldrich) were prepared using a similar protocol but with chloroform
(for PMMA−PEO) and acetonitrile (silica−PEO). The samples were
dried and annealed subsequently at 90 °C for 2 days and at 120 °C for
12 h to remove the residual solvents.
Small-Angle Neutron Scattering. SANS was performed on

NGB30 at the NIST Center for Neutron Research (NCNR,
Gaithersburg, MD, USA). Samples were placed between quartz
windows. The measurements were performed at three configurations
with sample-to-detector distances of 1, 4, and 13 m and with a neutron
wavelength of λ = 6 Å to cover a Q-range from ∼0.004 to 0.5 Å−1. All
scattering profiles were corrected for background, empty cell, and
sample transmission to get 1D isotropic scattering patterns using Igor-
based SANS packages54 developed by NCNR.
Neutron Backscattering. The fixed window elastic scans and

QENS experiments were performed using the NG2-high-flux back-
scattering spectrometer55 at the NCNR. The fixed window elastic scans
were run between 15 and 353 K at a heating rate of 1 K/min. The
intensity was collected across 16 detectors in a Q-range of 0.25 to 1.75
Å−1, corresponding to length scales of ∼25.1 to ∼3.59 Å. The detailed
protocol for the QENS experiments was given previously.16 Briefly, a
dynamic range of ±11 μeV (with a resolution of 0.8 μeV full width at
half-maximum) was obtained with Doppler-shifted neutrons at a
frequency of 15 Hz with incident wavelength of 6.27 Å. Samples were
cast on Al foils to obtain a uniform thickness of ∼100 μm with ∼90%
transmission. An annular shape of 3 cm diameter and 3 cm height films

were sealed into an Al can in a He environment. Background
subtraction was based on an empty cell, and the detector efficiency
was corrected using vanadium data. Resolution for each sample was first
obtained at 15 K, and the samples were heated to desired temperature
followed by a 1 h thermal equilibration.

Neutron Spin−Echo Spectroscopy.We used a mixture of methyl
group deuterated PVME with fully deuterated PVME (at a ratio d3-
PVME/d-PVME = 15/85) as a matrix and dPS as the fillers to study
single-chain PVME dynamics using the NGA NSE spectrometer at
NCNR. The measurements were performed at 393 K using a
wavelength of λ = 8 and 11 Å (Δλ/λ ≈ 0.17) for Fourier times up to
100 ns and a wave vector range from Q = 0.11 to 0.2 Å−1. The samples
were sealed in Al cans in a helium environment. Charcoal was used to
obtain theNSE instrumental resolution. BothHFBS andNSE data were
reduced and analyzed using the software package DAVE.56

Thermal Characterizations. The heat capacities of the samples
were measured using a DSC (TA Instruments Q 2000). The samples
were first heated to 363 K at a 10 K/min rate and maintained there for 5
min. The samples were then cooled to 203 K at a cooling rate of 10 K/
min and equilibrated there for 5 min. Finally, the samples were heated
to 433 K at a rate of 10 K/min. The glass transition temperatures were
identified using the inflection point on the heat flow curve from the last
heating ramp.

Mechanical Spectroscopy. Rheology experiments were con-
ducted on a strain-controlled ARES-G2 rheometer (TA Instruments)
equipped with 8 mm parallel plates. The frequency sweep measure-
ments were performed in the linear viscoelastic regime at 303 K for PS−
PVME and 353 K for PEO−PMMA systems.
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