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ABSTRACT
Storing information in magnetic recording technologies requires careful optimization of the recording media’s magnetic properties. For
example, heat-assisted magnetic recording (HAMR) relies on a prerecording heating step that momentarily lowers the coercivity of the ferro-
magnetic recording media, and thereby decreases the energy expenditure for each writing operation. However, this process currently requires
local temperature increases of several hundred Kelvins, which in turn can cause heat spreading, damage the write head, and limit recording
rates. Here, we describe a general mechanism for dramatically tuning the coercivity of ferromagnetic films over small temperature ranges, by
coupling them to an adjacent layer that undergoes a structural phase transition with large volume changes. The method is demonstrated in
Ni/FeRh bilayers where the Ni layer was deposited at 300 K and 523 K, above and below the FeRh metamagnetic transition at 370 K. When
the Ni layer is grown at high temperatures, the 1% FeRh lattice expansion relative to room temperature alters the Ni’s crystallographic texture
during growth and leads to a 500% increase in coercivity upon cooling through the FeRh’s metamagnetic transition. Our analysis suggests this
effect is related to domain wall pinning across grain boundaries with different orientations and strain states. This work highlights the promise
of thermally tuning the coercivity of ferromagnetic materials through structural coupling to underlying films that could enable simplified
heatsink designs and expand the selection of materials compatible with HAMR.

© 2019 Author(s). All article content, except where otherwise noted, is licensed under a Creative Commons Attribution (CC BY) license
(http://creativecommons.org/licenses/by/4.0/). https://doi.org/10.1063/1.5118893., s

INTRODUCTION

Engineering the coercivity of magnetic materials is critical
to improving the stability and efficiency of magnetic recording
media.1–4 A central trade-off is that while larger coercive fields
provide increased protection of information against thermal fluc-
tuations and demagnetizing fields, they also increase the energy
required to switch a bit. One rapidly developing alternative to this
coercivity compromise is known as heat assisted magnetic record-
ing (HAMR), in which the magnetic media undergoes local heating
to briefly lower the coercivity immediately prior to each writing
operation.5–7 However, reducing the coercivity of common magnetic
storage media can require local temperature increases of several
hundred Kelvins.6,7 In turn, these large heat loads create problems
confining the heat laterally to enable high areal bit density, removing
the heat quickly to achieve a rapid thermal response and recording

rate, and protecting the write head from thermal degradation over
time.8–10 While it is possible to address these issues individually
through improved heatsink designs or better barrier coatings, find-
ing new ways to modify magnetic coercivity and lower switching
fields can circumvent these problems altogether.11,12 Particularly
attractive are methods to increase a material’s thermal coercivity
response [i.e., HC(T)], which can reduce the heat load required
and directly address the source of HAMR’s heat management
issue.

In this work, we demonstrate a thin film engineering approach
to tune the coercivity of Ni/FeRh bilayers by 500% over just a 50 K
temperature range. To accomplish this, we coupled the Ni layers
to metamagnetic FeRh films. FeRh near its equiatomic composi-
tion crystallizes in the B2 CsCl-type structure and displays a peculiar
first-order metamagnetic phase transition near 370 K.13–18 Below the
metamagnetic transition, FeRh is a G-type antiferromagnet (AFM)
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with a 3.2 μB Fe moment.19,20 Above the transition, FeRh becomes
ferromagnetic (FM) and acquires a Rh moment of 1 μB.20,21 In addi-
tion, the magnetic transition is accompanied by a 1% isotropic lattice
expansion,22,23 along with large changes in resistivity,13,24 magne-
toresistance,25,26 and entropy.27 We leverage this lattice expansion
during the FeRh transition to modify the coercivity in Ni layers
grown at temperatures above and below the metamagnetic transi-
tion. Our analysis suggests that this coercivity enhancement is a gen-
eral phenomenon of FM films structurally coupled to materials with
first-order phase transitions, and therefore may provide an oppor-
tunity to tailor the properties of numerous technologically relevant
magnetic materials.

EXPERIMENTAL METHODS

Our samples were grown by depositing 70 nm of FeRh on top
of MgO (001) substrates using DC sputtering from a target compo-
sition of Fe50Rh50. The deposition temperature was fixed at 573 K
(300 ○C), and the base pressure of the chamber was 1 × 10−10 bars
(1 × 10−7 Torr). During the sputtering process, a 20 W power and
an Ar pressure of 5 × 10−3 mbar (4 mTorr) were used. After FeRh
deposition, the sample was annealed in situ at 1073 K (800 ○C)
for 2 h to promote the ordering of the B2 phase. Subsequently,
a 15 nm Ni film was deposited on top of the FeRh layer at two
different temperatures: 300 K (room temperature, RT) and 523 K
(high temperature, HT). Finally, a 7 nm capping layer of tungsten
was added at room temperature to prevent the oxidization of the
Ni film.

X-ray diffraction (XRD) measurements were done in ambient
conditions with a Rigaku SmartLab X-ray diffractometer equipped
with a Cu Kα source.28 Magnetic measurements were performed on
a Quantum Design Vibrating Sample Magnetometer (VSM). The
following protocol was used for all magnetometry measurements:
first the samples were heated to 450 K, then a magnetic field of
μ0H = 1 T was applied to fully saturate the sample, and finally
the data were recorded. Magnetization vs temperature measure-
ments were collected under a 100 mT applied field by first cooling
then heating the samples at 1 K/min rate. Magnetization vs field
hysteresis loops were collected consecutively upon cooling from
the high temperature FM phase (i.e., without reheating between
loops).

Specular polarized neutron reflectometry (PNR) measurements
were performed at the NIST Center for Neutron Research on the
polarized beam reflectometer instrument using a monochromatic
(4.75 Å) and polarized neutron beam.29 For direct comparison with
the VSM measurements, the sample was heated in zero field to 450 K,
saturated under a μ0H = 700 mT in-plane field, then the field was
reduced to 100 mT, and the temperature brought down to 350 K. An
initial PNR scan was collected at +100 mT, then the field was cycled
through negative saturation (−700 mT) and back to +25 mT. The
PNR data were reduced using the online reductus package and ana-
lyzed in the Refl1d package.30,31 A single nuclear scattering length
density (SLD) model was corefined along with two magnetic SLD
models to the 100 mT and 25 mT datasets. This ensures the physi-
cal requirement that the two refined magnetic depth profiles corre-
spond to the same chemical sample structure (see the supplementary
material).

RESULTS

Figure 1 compares the growth, crystallinity, and chemical and
magnetic order parameters of the two samples. Considering first the
FeRh films, the XRD shown in Fig. 1(a) indicates that both films
grew along the [00L] direction, parallel to MgO [00L], as expected
given the growth conditions used.15–17 Crystalline quality of the
FeRh films was analyzed using the FeRh (001) full-width half max-
imum where both samples had a near identical value of 0.318(1)○.
From the position of the FeRh (00L) reflections, we determine the
c-axis lattice constant of both samples to be 3.000(1) Å, in excel-
lent agreement with prior values reported for thin films.15–17 Fur-
thermore, as the magnetic anisotropy of FeRh films is largely con-
trolled by the c/a ratio, the shared lattice constants also indicate
nearly identical magnetic anisotropy.17 Finally, by comparing the
area of the FeRh (001) and (002) reflections, the chemical order-
ing of the FeRh B2 phase can be described by an order parame-
ter, S, calculated as S ≈ [(A001/A002)/1.07]1/2.24 Here, we see a slight

FIG. 1. (a) Out-of-plane Cu Kα X-ray diffraction pattern collected at room tem-
perature, comparing the RT Ni sample (top, blue) to the HT Ni sample (bottom,
red). Asterisks mark an Al powder line from the sample holder. (b) In-plane
magnetization as a function of temperature under a 100 mT applied field.
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difference between the two films, with the FeRh in the HT sample
possessing slightly a higher order, SHT = 0.866(1), than the FeRh in
the RT sample, SRT = 0.810(1). This may reflect a slight difference
in FeRh stoichiometry or annealing as is discussed in more detail
below.17,24

Magnetically, the FeRh layers are also quite similar to one
another as shown in Fig. 1(b), which plots the in-plane magneti-
zation behavior of the FeRh bilayers as a function of temperature.
Given the relative thicknesses of the FeRh and Ni layers (≈5:1), it is
the FeRh magnetic transition from the high temperature FM phase
to the low temperature AFM phase that dominates the observed
magnetization. Below 360 K, the magnetization is primarily that of
the Ni film. We define the metamagnetic transition temperature (TT)
as the temperature at which the magnetization value is half of its sat-
urated value (MS), and determine it to be 374 K for both samples.
As with its lattice parameters, TT of FeRh is highly dependent on
film stoichiometry,16–18 and thus, the shared transition temperature
for both films once again suggests very similar FeRh films in the two
samples.

There is however a notable difference (12%) in the MS between
the two samples, namely, MS (400 K, cooling) = 1105 kA/m (RT) and
MS = 978 kA/m (HT). This difference in MS, along with the small
difference in B2 chemical ordering, can best be explained by a slight
composition difference between the two films, on the order of 1%
or less, which on the Rh-rich side of the phase diagram can reduce
MS without notably altering the transition temperature.32 Note that
a difference in FeRh thickness could, in principle, lead to the differ-
ence in MS; however, X-ray reflectivity measurements determined
the FeRh layers to be the same thickness to within 1% (<6 Å), not
enough to explain a 12% difference in MS, which scales linearly with
thickness (see the supplementary material).

In short, the FeRh layers are chemically and magnetically as
near identical as possible in this extremely sensitive material system,
which should be expected given their identical deposition condi-
tions. On the other hand, changing the deposition temperature of

the Ni layer has a dramatic effect on its crystallographic texture,
as well as that of the W capping layer. XRD in Fig. 1(a) shows
that when Ni was deposited at RT, it grew with a solely (002) tex-
ture, but when Ni was deposited at HT, the (002) orientation was
partially suppressed in favor of a (022) texture. Similarly, W grew
with a (002) texture on the HT Ni but showed a dominant (011)
texture on top of the RT Ni. We attribute these texture changes
of the Ni and W layers to the FeRh lattice expansion across the
metamagnetic transition. Specifically, a closer look at the HT sam-
ple’s Ni (022)/W (002) texture reveals that these planes, which are
parallel to the FeRh film, possess lower areal atomic density, and
in the case of W, larger interatomic distances than the RT ori-
entations that appear energetically favored by the expanded FeRh
lattice.

The different Ni deposition temperatures also change the field-
dependent magnetization as shown in Fig. 2. Hysteresis loops at
selected temperatures are shown in Figs. 2(b)–2(d). The values of
the coercivity at different temperatures are extracted from the hys-
teresis loops and plotted in Fig. 2(a). Above 400 K, the values of the
coercivity for both bilayers are controlled by the FeRh film and are
almost identical in value near 5 mT. Upon cooling through TT, the
magnetic behavior of the bilayers diverges. For the RT Ni sample,
the coercivity increases, reaches a peak of 19 mT at 375 K, before
decreasing back to 10 mT below the transition. The coercivity of the
HT Ni sample closely tracks the RT Ni sample through 375 K, dis-
plays a small peak at approximately the same temperature as the RT
Ni sample, but then plateaus to a value of 26 mT at 365 K. Note that
while the data in Fig. 2 compares just two samples, additional sam-
ples grown under the same conditions replicate this behavior (see
the supplementary material).

The switching behavior observed in the hysteresis loops is
also affected by Ni deposition temperature. Above the transition, at
430 K, the FeRh dominates the magnetic behavior of the system, and
a single switching in the hysteresis indicates that the Ni layer, regard-
less of deposition temperature, is exchange coupled to the FeRh film.

FIG. 2. (a) Evolution of magnetic coercivity with temperature, extracted from Figs. 2(b) to 2(d). In-plane magnetization for FeRh/Ni bilayers at (b) 430 K, (c) 370 K, and (d)
350 K for RT Ni (blue triangles) and HT Ni (red squares). (e) Schematic illustrating how strain and crystal texture differences of the Ni film (coindicated by differing shades of
orange) lead to enhanced coercivity in the HT sample but not the RT sample. Here, greater coercivity is depicted by the weaker magnetic alignment between the Ni grains
arising from a combination of domain wall pinning and magnetic anisotropy differences between differently oriented Ni grains.
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As the temperature decreases, a larger magnetic field must be applied
for both RT and HT samples to close the loops [Fig. 2(c)], indicat-
ing a modified in-plane anisotropy below TT. In addition, a differ-
ence between the switching behavior of the RT and HT Ni samples
emerges, as the sample cools through the magnetic transition. Begin-
ning at 375 K, the HT Ni sample displays two-step switching that is
not observed in the RT Ni samples. Examples are shown at 370 K
and 350 K in Figs. 2(c) and 2(d), respectively. This behavior indi-
cates that when the Ni is deposited on top of FeRh at HT (in the FM
state), both layers are magnetically coupled above TT, but then act
independently below TT, giving rise to the two-step switching event.
Note that no exchange bias was observed in the bilayers, nor was it
expected, given the compensated spin structure of the FeRh (001)
planes at the Ni/FeRh interface.33

To better understand the double switching behavior in the HT
sample, we performed PNR to resolve the layer-by-layer magnetic
depth profile. Plotted in Fig. 3(a) is the 350 K spin asymmetry (SA),
defined as the difference between up-up and down-down PNR chan-
nels, normalized by their sum, which highlights the magnetic contri-
bution from scattering. For a completely nonmagnetic sample, the
spin asymmetry would be zero. Our two PNR datasets essentially
mirror one another across this SA = 0 divider, which indicates that
some prominent feature of the magnetic depth profile has flipped
sign.

The sample was modeled as three magnetic slabs: bulk FeRh,
interfacial FeRh, and Ni. At 100 mT, all three slabs are aligned posi-
tive with respect to the field direction. At 25 mT, the bulk of the FeRh
layer has followed the applied field and has a small, positive magne-
tization of 4.1 kA/m (95% confidence interval = 0.3–10.7 kA/m) as

FIG. 3. (a) Spin asymmetry data (points) and fits (lines) from PNR collected at
350 K on the HT Ni sample at 100 mT and 25 mT, the latter after cycling through
negative saturation. Error bars are 1σ. (b) Magnetic and nuclear depth profiles
corresponding to the fits in (a). (c) Enlarged area of the magnetic depth profile
corresponding to gray box in (b) that highlights the independent switching of the
bulk FeRh and Ni in the HT sample by showing that the bulk of the FeRh layer has
a small, positive magnetization while Ni is still negatively polarized at 25 mT.

shown in Fig. 3(c). While FeRh is nominally AFM at 350 K, it is not
uncommon to observe weak residual magnetization under applied
field.34 Surprisingly, the Ni layer remains negatively polarized at +25
mT. It is this large, negative Ni magnetization that is responsible for
the sign of the PNR spin asymmetry. Note that flipping the sign of
the FeRh magnetization does not flip the spin asymmetry trend, and
therefore these data unambiguously prove that it is the Ni layer in
the HT Ni sample that has enhanced coercivity and switches second
upon reversal.

In addition to the weak magnetization of the bulk FeRh, there
is an interfacial FeRh layer about 3 nm thick that possesses stronger
magnetism than the bulk of the layer below TT. The stabilization of
the FM phase near interfaces is an extremely common behavior in
the FeRh system and has been reported previously and attributed to a
variety of origins.35–37 In our case, the common thickness of the
interfacial magnetism seen in both the RT and HT samples and the
different nuclear SLD structures we refine at those interfaces (see
the supplementary material) suggests that the origin is not interdif-
fusion of Ni into the FeRh. However, Ni and Fe have very similar
X-ray and neutron scattering lengths, which mean that interdiffu-
sion of these species at the 1% level, a level sufficient to induce
the observed increase in magnetization at the interface, is below
our ability to confidently detect and, therefore, cannot be ruled out
completely. Nevertheless, the precise origin of this interfacial mag-
netism does not impact our PNR analysis. Indeed, models with-
out this interfacial FM region still capture the sign change of the
SA in Fig. 3(a), which is only controlled by the sign of the Ni
magnetization.

DISCUSSION

Clearly, the Ni deposition temperature has a dramatic effect on
the Ni coercivity at and below the FeRh transition. To understand
why, we begin by considering the coercivity behavior of both sam-
ples at and above the midpoint of the FeRh magnetic transition. Well
above TT, the thicker FM FeRh with larger MS dominates the mag-
netic behavior of the whole system and the samples show similar
coercivity values. Upon cooling, the coercivity of both RT and HT
Ni samples peak at the midpoint of the FeRh magnetic transition [cf.
Fig. 2(a)].A nearly identical behavior was observed in Ni/V2O3 bilay-
ers upon crossing the V2O3 metal-to-insulator transition (MIT),
which coincides with a first-order structural phase transition and
a change in unit cell volume.38 In Ni/V2O3, it was concluded that
the coexistence of metallic and insulating V2O3 phases with different
in-plane lattice constants during the MIT creates magnetic domains
with different strain states in the overlying Ni layer. Boundaries
between these differently strained Ni regions act as pinning sites that
inhibit domain wall motion during magnetic reversal and increase
coercivity. The peak in coercivity at the midpoint of the transition
corresponds to a maximum in the phase coexistence, when both
metallic and insulating phases exist in equal populations and the
phase boundary area is maximized. Given the similar shape of the
coercivity behavior, and the direct analogy between the V2O3 MIT
and FeRh metamagnetic transition, both accompanied by abrupt
volume changes, we argue that the coercivity of the Ni/FeRh bilayers
originates from precisely the same domain wall pinning mechanism
due to the magnetic and structural phase coexistence within the Ni
layer, during the first-order FeRh transition.
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In contrast, below TT, the coercivity of the HT Ni/FeRh bilayer
below TT is 250% larger than the RT Ni value at the same temper-
ature. We argue a similar link between structure and magnetization
in the Ni layer is responsible. Specifically, when Ni is deposited at
HT, the FeRh has a larger lattice parameter than it does at RT. As
shown above, this creates a Ni film with multiple crystallographic
orientations, which then become locked into different strain states
when they cool below TT. Within this picture, schematically shown
in Fig. 2(e), the enhanced coercivity could be explained by strain
anisotropy and/or domain wall pinning between grains with differ-
ent strain and orientation.39,40 However, our estimates of the strain
induced anisotropy coming from magnetocrystalline and magnetoe-
lastic terms suggest that these effects account for less than half of the
coercivity change in our samples and instead point toward domain
wall pinning as the dominant mechanism (see the supplementary
material). Following from this argument, we would expect the oppo-
site behavior for the Ni in the RT sample. Specifically, when Ni is
grown at RT, it will be strained at higher temperatures and we would
expect increased coercivity above TT. However, this effect is negated
by the thicker FM FeRh that dominates the magnetic behavior
above TT.

It is important to note that magnetic coupling between the
FeRh and Ni is not the main driver of the coercivity enhancements
we observe. Instead, the coercivity changes come about primarily
from the crystallographic coupling of the FM film with a mate-
rial that undergoes a structural phase transformation with a large
change in unit cell volume and modifies the structure of the neigh-
boring FM layer. Thus, the ability to lock-in large coercivities we
have shown here should be generally applicable to a wide range of
material systems. Of particular interest are materials with high mag-
netic anisotropy (e.g., FePt and CoPt), which are not only critical
media for current perpendicular magnetic recording technologies
but also have thinner domain walls that are more susceptible to
pinning, and therefore, may exhibit even larger coercivity changes
with this methodology. Previous work on FeRh/FePt bilayers has
shown similar tunability of the coercivity via the metamagnetic FeRh
transition11 but considered only the effect due to direct exchange
coupling. FePt has a magnetostrictive coefficient comparable to Ni
and is often deposited at an elevated temperature (748 K) to ensure
a high-quality film, which would correspond to a compressive strain
as in our HT samples. An enhanced effect can also be expected in
giant magnetostrictive materials such as Terfenol-D (TbxDy1−xFe2,
x ≈ 0.3). While these materials have magnetic anisotropies sim-
ilar to FePt, their magnetostrictive coefficients are orders of
magnitude larger potentially leading to magnetoelastic energies
comparable to the magnetic anisotropy and exchange coupling
energies.41

CONCLUSIONS

In conclusion, we have demonstrated that the coercivity of fer-
romagnetic Ni films can be thermally tuned by a factor of 5 over
a 50 K temperature window by strain coupling to metamagnetic
FeRh layers. Depositing the Ni layer at a temperature above the FeRh
metamagnetic transition, where the FeRh has a larger unit cell vol-
ume relative to room temperature, alters the Ni crystallographic tex-
ture. Upon cooling through the metamagnetic transition, the FeRh
lattice shrinks and strains the overlying Ni film. The weakly textured

nature of the Ni film creates inhomogeneous strain gradients across
grain boundaries of different orientations that pin domain walls and
lead to the increased coercivity we measure. This effect relies on
the structural coupling of a FM to a material with a large volume-
change structural phase transition, and therefore provides a gen-
eral mechanism for thermally modifying the coercivity of magnetic
materials.

SUPPLEMENTARY MATERIAL

See the supplementary material for the replication of coercivity
trends, reflectivity modeling, nickel film texture analysis, and strain
induced magnetic anisotropy calculations.
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