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Abstract

In the current work we investigate the room temperature tensile properties of a medium-
Mn twinning- and transformation-induced plasticity (TWIP-TRIP) steel from quasi-static to low-
dynamic strain rates (¢ = 10 s! to £ = 10? s'!). The multi-phase microstructure consists of coarse-
grained recovered a' -martensite (inherited from the cold-rolled microstructure), multiple
morphologies of ultrafine-grained (UFG) austenite (equiaxed, rod-like and plate-like), and
equiaxed UFG ferrite. The multi-phase material exhibits a positive strain-rate sensitivity for yield
and ultimate tensile strengths. Thermal imaging and digital image correlation allow for in situ
measurements of temperature and local strain in the gauge length during tensile testing, but Liiders
bands and Portevin Le Chatelier bands are not observed. A finite-element model uses empirical
evidence from electron backscatter diffraction (EBSD) and transmission electron microscopy
(TEM), plus constitutive equations to dissect the microstructural influences of grain size,
dislocation density and TWIP-TRIP driving forces on tensile properties. Calibration of tensile
properties not only captures the strain rate sensitivity of the multi-phase TWIP-TRIP steel, but also
provides opportunity for a complete parametric analysis by changing one variable at a time (phase
fraction, grain size, strain-induced twin fraction and strain-induced e-martensite fraction). An
equivalent set of high-rate mechanical properties can be matched by changing either the austenite
phase fraction or the ratio of twinning vs. transformation to e-martensite. This experimental-
computational framework enables the prediction of mechanical properties in multi-phase steels
beyond the experimental regime by tuning variables that are relevant to the alloy design process.
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1. Introduction

Medium-Mn steels balance cost (alloy content and processing) with desired mechanical
properties [1,2]. Third-generation advanced high-strength steels (AHSS) consist of an alloying
content with a mass fraction of 17 % or less and a multi-phase microstructure (o' -
martensite/ferrite/austenite). An achievable set of mechanical properties for third-generation steels
consists of yield strengths greater than 0.5 GPa, ultimate tensile strengths greater than 1 GPa, and
uniform elongations equal to or greater than 30 % [1,3—6]. The types of third-generation steels
capable of achieving these desired properties are medium-Mn steels, lightweight steels, and
quenched and partitioned steels [1,2].

Medium-Mn steels usually contain reverted ultrafine-grained (UFG) austenite, which is
formed during intercritical annealing. The partitioning of Mn and C during intercritical annealing
(in the ¥+ « phase field) controls the amount, size, and stacking fault energy of the UFG reverted
y [7,8]. Increasing the intercritical annealing temperature decreases the Mn and C content in
austenite and therefore decreases the stacking fault energy (SFE) of the austenite [9,10]. The SFE
is important for controlling twinning- and transformation-induced plasticity (TWIP and TRIP)
effects in the austenite during deformation [11-16]. Although the primary mode of deformation in
austenite is dislocation glide, the predicted SFE of 20 mJ/m? has been shown to promote secondary
mechanisms (mechanical twinning and/or a transformation to hexagonal e-martensite) in coarse-
grained austenitic steels [17-25]. Recent work [26] provides more detailed characterization of the
microstructural evolution before and after inter-critical annealing for this particular steel
composition. Notably, the measured compositions match the equilibrium Thermo-Calc®
simulations for austenite and ferrite [27], which predict a room temperature austenite stacking fault
energy of 21 mJ/m? [26]. Further, the coarse-grained recovered martensite does not completely
recrystallize (to form UFG ferrite) and thus partially resembles the cold-rolled state. The small
fraction of recovered martensite that recrystallizes does form UFG ferrite, which depends on
location within the microstructure (likely near heterogeneous regions of higher dislocation density)
and boundary mobility (hindered by Mn decoration of defects and martensite recovery).

Deeper understanding of high strain rate deformation in multi-phase TWIP-TRIP steels is
needed to understand the behavior experienced during automotive crashes and during forming
operations of complex automotive parts [28]. In a crash, automotive components experience strain
rates in the range of ¢ = 102 s! to £ = 103 s! [29]. The present work investigates the effects of
strain rate (from & = 10 s to ¢ = 10? s”') on mechanical properties and deformation mechanisms
of an ultra-low-C medium-Mn steel. Further, strain rate, temperature, microstructure, composition,
and dislocation mobility affect static and dynamic strain-aging in medium-Mn steels [30—40],
which can lead to plastic instabilities during deformation and affect strain rate sensitivities of the
material. Liiders bands and Portevin-Le Chatelier (PLC) bands, referred to as static and dynamic
strain aging effects, are respectively manifested by yield point elongations and serrations in
engineering stress-strain curves. Thermal imaging and digital image correlation can be used to
reveal the heterogeneous and localized deformation behavior in the gauge sections of tensile
specimens [34,41], which can lead to abnormally thin regions in formed automotive parts. The



cold-rolled and annealed medium-Mn steel in this work does not exhibit Liiders banding, mainly
due to the grain size and low fraction of UFG ferrite. Another new contribution to the literature is
the positive strain rate sensitivity of the ultimate tensile strength for a medium-Mn TWIP-TRIP
steel, due in part to the absence of PLC bands, limited elongation, and minimal adiabatic heating.

Multi-scale modeling of medium-Mn steels is an important aspect in alloy design of next-
generation multi-phase AHSS. Matlock et al. [1] and Gibbs et al. [42] predicted areas of
opportunity in mechanical properties for third-generation steels by applying Mileiko’s composite
model [43] to the phase fractions of austenite and a’-martensite, while Ma and Hartmaier [44]
included a martensite nucleation parameter (based on plastic deformation of austenite) to
differentiate between the anisotropy of stress-assisted and strain-induced martensitic
transformations. A recent trend in advanced high-strength steel design is to employ finite-element
modeling to predict deformation and failure mechanisms in multi-phase steels. The finite-element
results from a study [45] on a low-C medium-Mn TWIP-TRIP steel revealed an alternating
behavior of strain localization. The authors stated that a microstructure-based model helps explain
the strain-hardening behavior of medium-Mn TWIP-TRIP steel better than models that don’t
include initial microstructural inputs. Moreover, microstructure-based finite-element models may
ultimately provide answers that sufficiently explain the complex strain-hardening behavior of
multi-phase steels and will assist in the design of next-generation advanced high-strength steels
[46].

In the present work, a crystal-plasticity finite-element (CPFE) model incorporates a set of
constitutive equations to capture the plasticity-enhancing mechanisms in the multi-phase steel
including mechanical twinning, phase transformation, forest dislocations, and debris dislocations.
A single set of parameters captures the strain rate sensitivity. The experimentally determined
microstructural parameters (phase fraction, size, orientation, and deformation mechanisms) are
based on EBSD and TEM measurements. A new fundamental contribution to the literature is that
the CPFE model enables a systematic parametric investigation of processing-structure-property
relationships of the medium-Mn steel beyond the experimental regime by changing a single
microstructural variable at a time (phase fraction, grain size, and the ratio of deformation twinning
vs. transformation to e-martensite). In alloy design, changing only one experimental variable
(intercritical annealing temperature) affects multiple microstructural variables (the phase fraction,
grain size, transformation rates, and even grain morphology) [2,47—49].

The remainder of this manuscript continues with section 2, which outlines experimental
and numerical methods. Section 3 details the experimental and numerical results (including a direct
comparison). Section 4 provides discussion relevant to strain rate sensitivity of the multi-phase
steel, unique influences of the microstructure on the homogeneous macro-scale deformation, and
a parametric analysis for future AHSS design. Section 5 summarizes and concludes.

2. Methods
2.1 Material

An ingot of the Fe-based alloy (with mass fractions of 12 % Mn, 3 % Al and 0.05 % C)
was hot-rolled at 900 °C to 3.4 mm thickness, homogenized in an Ar atmosphere at 1100 °C for 2
h, water-quenched to room temperature, (below the Ms temperature), and cold-rolled to 1.7 mm,
(a 50 % reduction in thickness), to produce a deformed martensitic microstructure. The average
Vickers micro-hardness value was 390 HV after cold-rolling, (average of 7 indents measured with
a load of 2 kg). Dilatometer measurements were carried out under vacuum (specimen dimensions



of 9 mm x 4 mm x 1.7 mm) using a Bihr Dil805 model, equipped with induction heating at 32
kHz. A supply of He was used for the cooling medium. Acl and Ac3 temperatures (514 °C and
853 °C) were determined with dilatometer specimens that were heated to 950 °C at 10 °C/s, held
for 60 s and cooled at 10 °C/s. The cold-rolled sheets of medium-Mn steel were annealed at 585
°C for 8 h, using a heating rate of 100 °C/s and a cooling rate of 100 °C/s. Following intercritical
annealing of the deformed martensitic microstructure at 585 °C, Thermo-Calc® ! simulations
(database: TCFE7) predict a room temperature equilibrium austenite volume fraction of 0.44 and
a room-temperature austenite SFE of 21 mJ/m?. Since the local microstructure may be strongly
influenced by Mn segregation, EDS mapping was performed at low magnification in the SEM on
a bulk cold-rolled specimen annealed for 8h at 585 °C, but no Mn-banding or other large-scale
segregation was observed. Such phenomena have been observed in hot-rolled medium-Mn steels
[50].

2.2 Mechanical testing, digital image correlation and thermal imaging

Table 1: Summary of mechanical testing and digital image correlation setup

Rate Testing DIC Hardware DIC parameters Stress
machine measurement
¢=10*s! | Conventional | Lighting: LED Pattern: White/rolled black | Conventional
¢=102 s | 100 kN servo | Camera: 4MP ink load cell
hydraulic CMOS Speckle diameter: 15 pixels
Lens: 35mm f11 | Scale: 20 pixels/mm
Subset: (27 to 33) pixels
Step size: (5 to 7) pixels
¢=10's'! | High-rate servo | Lighting: halogen | Pattern: White/ rolled black | Piezoelectric
hydraulic with | Camera: IMP ink load cell
slack adapter Photron SAS5 Scale: 20 pixels/mm
(256x1024) Subset: (29) pixels
pixels Step size: (5) pixels
Lens: 105mm f8
¢=10%s! | High-rate servo | Lighting: LED Pattern: White/black Strain gages
hydraulic with | Camera: 1MP overspray on specimen
slack adapter Photron SAS5 Scale: 15 pixels/mm head load
(256x1024) Subset: (23 to 33) pixels cell
pixels Step size: (1) pixels
Lens: 105mm f8

Table 1 summarizes the testing and optical imaging conditions for the different nominal
strain rates. Strain measurement used digital image correlation (DIC) and Correlated Solution Vic-
3d software. Each specimen used a nominally G=19.8 mm virtual extensometer centered on the
specimen. Forces in the highest rate tests were measured using two strain gages mounted on

! Certain commercial software, equipment, instruments, or materials are identified in this paper in order to specify
the experimental procedure adequately. Such identification is not intended to imply recommendation or endorsement
by the National Institute of Standards and Technology, nor is it intended to imply that the equipment or materials
identified are necessarily the best available for the purpose.



opposite sides of the upper head of the specimens. These gages were calibrated in situ before the
test against the piezoelectric load cell in the testing machine.

Figure S 1 provided in the supplementary material shows the machined tensile specimen
used in the servo-hydraulic tests. Specimens used in low-rate tests on the Instron 8502 did not have
pin-grip holes. Specimens were water-jet cut from the original steel sheets. Pin-loading holes were
milled with a carbide tool while clamped in the vise of a milling machine.

The use of non-contact methods with sufficient data acquisition rates is recommended [51]
and allows for in situ measurements of macro-scale strain localizations during tensile testing. Non-
contact temperature measurements were collected during tensile testing with an infrared thermal
camera (FLIR® A655sc) and ResearchIR™ software. The recording frame rate was varied between
60 Hz (640 pixels x 240 pixels) and 30 Hz (640 pixels x 480 pixels). The calibration range of this
device is -40 °C to 150 °C, and within this range the overall accuracy of absolute temperature
measurement is +3 °C. The maximum reading that could be displayed outside this calibrated range
was 160.2 °C. To ensure consistent temperature measurements, the side of the gauge length
without a strain gage was coated with black spray paint (emissivity approximately equal to 1).

2.3 Microstructural characterization

EBSD is used to measure grain size distribution, grain morphology, phase fraction and
texture evolution before and after deformation. Sections of the material were mounted in
conductive Bakelite, and the rolling direction was noted for EBSD sample preparation. These
samples were successively ground, auto-polished, etched for 5 s with 5 % Nital to chemically
remove mechanical polishing effects, (5 % HNO3 in 95 % CH30OH by volume), and hand-polished
using a 50 nm oxide polishing suspension of colloidal silica before being rinsed and blown dry.
EBSD measurements were completed using a JEOL JSM-6500F field-emission scanning electron
microscope (SEM) with the following parameters: 15 kV accelerating voltage, 12 nA probe
current, 18 mm working distance, and a 30 nm step size. Data cleanup with TSL OIM 7 software
involved a grain confidence index standardization, and data points with a confidence index lower
than 0.1 were omitted from all figures.

Bright-field and dark-field transmission electron microscopy (BF/DF-TEM), convergent
beam electron diffraction (CBED), and selected area electron diffraction (SAED) was used to
further characterize the UFG structure and deformation mechanisms. TEM-based experiments
were performed using an FEI Tecnai Osiris operated at 200 kV. The 3-mm electro-discharge-
machined discs were successively ground to 100 pm thin and electropolished to electron
transparency with a Struers twin-jet system (5 % HClOs, 35 % [CH3(CH2)3]-O-C2H4OH, 60 %
CH30H by volume, -30 °C, 15 V).

2.4 Crystal plasticity finite-element model
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Figure 1: a) Finite-element mesh and boundary conditions of the tensile sample using 30,000 finite-
elements (trilinear 8-noded hexagonal elements). b) The generalized plasticity model is
summarized for each integration point, which contains 500 multi-phase grains. A comparison of
the pole figure orientations measured by EBSD and orientations represented by 300 finite-elements
near the center of the gauge length are shown for c) ferrite and the coarse-grained recovered o'
martensite, plus the d) austenite. A general explanation of the e) state of the multi-phase grain after
deformation is also provided.

In this work, the crystal plasticity model is implemented in a Taylor-based finite-strain
framework to efficiently capture the most relevant physical parameters in a given phase and
simulate the stress-strain response of the multi-phase material. This framework is simulated within
the Abaqus software user material subroutine (UMAT) capabilities. The uniaxial tensile specimen
was discretized using 30,000 finite-elements to provide a comparison with empirical DIC
measurements of the entire tension test, including necking. Each tensile specimen simulation
harnessed 32 CPUs and took approximately 6 h to complete.

Each finite-element is a tri-linear hexahedral element with 8 integration points (Figure 1a).
At each integration point, 500 multi-phase grains were considered in the context of the Taylor iso-
strain local boundary condition approach [52], such that grain morphology and grain interactions
are not considered. The iso-strain approach provides a satisfactory homogenized response with
known and reasonable over prediction [53] and has been used to model the tensile specimen size-
scale for various multiphase alloys [54,55]. As illustrated in Figure 1b, an initial multi-phase grain
is simply a coarse-sized recovered o'-martensite grain that contains an ultrafine austenite grain and
an ultrafine ferrite grain. Each of the phases within the multi-phase grain was idealized using a
single orientation and grain size. Since there were 500 multi-phase grains per integration point, the
orientations, grain sizes, and phase fractions are assigned to match the respective statistical
distributions acquired from the EBSD data (Figure 1c/d). Based on the empirical evidence
presented later, dislocation density, mechanical twinning, and strain-induced phase



transformations are incorporated into the model (Figure le). The constitutive formulae are
presented in numerical order, based on the sequence of hierarchy in the general crystal plasticity
model.

2.5 Microstructure evolution model

In the undeformed microstructure, each multi-phase grain begins with the same initial
fraction of UFG austenite (fi,; = 0.35), UFG ferrite (fi5; ¢ = 0.10), and coarse-grained recovered

a'-martensite ( fiffillc = 0.55), where the summation of volume fractions of all phases in each multi-
phase grain is set to 1.

A(k) a (k) a'(k) _
fini + fini,f + fmlc -
Equation 1

The subscript ‘ini’ indicates the initial state; ¢ and f represent grain size (coarse and fine); & is a
counter for each multi-phase grain and N (k = 1, ..., N) is the number of all multi-phase grains.
As deformation takes place (see Figure 1d) the initial fraction of austenite (f4;) decomposes into
epsilon martensite (f€), twinned austenite (f*V), a strain-induced transformation to o'-martensite

( fs‘{‘t’ ), and the remaining austenite (f) that has only deformed by slip.

fA00 = pe®(t) 4 W) + £ ) + FAO(L) = constant

ni

Equation 2

Substituting Equation 2 into Equation 1 yields Equation 3.

AW + 2O + YOO + DO+ fd + Sl =
Equation 3

The initial ferrite and a-martensite do not transform since the grains only deform by slip (the
volume fraction does not change), whereas the austenite can both slip and transform. In order to
obtain physically meaningful material parameters, the volume fraction constraints are applied at
the beginning of each time increment. Any variable evolving with time is identified with a (¢) field
in the respective equation.

TEM analysis in the present work shows that mechanical twins are observed as early as 8
% engineering strain (s = 0.08) and the assumption is that the austenite does not transform before
s = 0.08. EBSD results in the present work show that f3, = 0.352 is reduced to f4,, = 0.182 in
a tensile specimen deformed to failure at the engineering strain of 25 % (s = 0.25). The evolution
of austenite volume fraction inside multi-phase grain is defined in Equation 4.

fini = 0.352 s =0.08
FAO() = S fA — Felo(e) — fwi()- f9® ) 5 €(0.08,0.25) ,
A, =0.182 s =025

Equation 4



When the austenite fraction in the entire specimen reaches 0.182 transformation is halted. This
means that some austenite grains will completely transform, while others will not.
The volume-averaged stress in a given integration point and thus in the & multi-phase
grain is detailed in Equation 5.
_ N o 6]
5(t) = z o ® ()2 such that:
k=1 6]

o®(t) = (fA(k)(t) + ftw(k)(t)) a2 (t) + (ff(k)(t)) o= (t) + (figi(,?))ff“(k)(t)
Equation 5

The total volume of the representative volume element (RVE) is 8 and 6 is the volume of the k'
multi-phase grain. & and 0 are the volume average Cauchy stress over the RVE and the k™
grain.

In what follows (Equations 6-28), the plasticity-enhancing mechanisms were incorporated
in every multi-phase grain. For clarity, the (k) counter and volume average equations are omitted
in Equations 6-28. When considering the plasticity-enhancing mechanisms, work by Bouaziz et
al. [56] described the kinetics of twinning by a phenomenological law where a®¥ = 3 and m = 2
are dimensionless parameters extrapolated from the literature, f;i%, = 0.2 is the saturation fraction
of twinning and y,.; is the total shear strain [45,57,58].

@) = A0 fdx (1 — exp (—a™ Yot = YoIN™
Equation 6

A deformation twin forms (f* increases) when the total shear strain (y.o;) is greater than a
critical value (y,), otherwise f*% = 0 (when y;,; < ¥.). Also, ¥ linearly depends in grain size.
Twin fraction increases with strain (after a given strain value) even though the local fraction can
decrease near a twin-twin intersection that creates o’-martensite [9,13,45,59].

There is debate in the literature as to what exact mechanism controls mechanical twinning
and the formation of epsilon martensite [60—73]. The assumption used in this constitutive model
is that the mechanisms share a relationship through the movement of 1/6<112> type partial
dislocations. Therefore, the epsilon martensite kinetics are described by a similar law as compared
to the twinning mechanism and shown in Equation 7.

£2@®) = fAO) fihax (@ — exp (—a®(Vior — Y™

Equation 7

For transformation kinetics from austenite to a'-martensite through twinning intersections,
a modified Olson-Cohen model [74] was employed where fs‘{‘t’, tw 18 the volume fraction of strain-
induced o'-martensite from twin intersections [9].

fE&aw@® = FA) (1 — exp(—B¥ F ()™

Equation 8



Similar to the work by Lee and De Cooman [75] on a Fe-10Mn-3Al-2Si-0.3C steel, the f2(t) term
is included in Equation 8 because the austenite in this material does not completely transform. The
a'-martensite evolution in this equation depends on the twinning activity rather than shear-banding
[74]. B “isa parameter related to the probability that twin intersections nucleate a’-martensite.
The exponent 7 is a fixed term that relates to the number of intersections in the austenite based on
the morphology and orientation distribution of the austenite [75][76].

For austenitic steels with a lower SFE [77,78], the strain-induced a'-martensite usually
depends on the volume fraction of e-martensite. The Olson-Cohen model is typically employed for
epsilon-epsilon intersections, though other models exist [74,79-87]. Here, the phase
transformation from austenite to e-martensite is considered in Equation 9 where p€ stands for the
critical value of the transformation driving force [88].

: f£., tanh (l . pt_—pc) if pt > p° ' N
fr) = {/max voope felee(®) = X2 f°
0 otherwise
Equation 9

pt= bt (F¢ 0 F-0)-mt~ po -t (6~ 6r)
Equation 10

In Equation 9, f{,, is the maximum transformation rate, v is the viscosity-like parameter and pt
is the athermal transformation driving force (transformation shear stress). The resulting strain-

. . . . . . ! . .
induced transformation to a’-martensite from intersection of e-martensite (fg; .) is counted in

Equation 9. pt is defined in Equation 10 where bt - m! is the phase transformation system, p, is
mass density, Ay is the latent heat, and @ is the transformation temperature.

Table S 1 in the supplementary material provides a description of variables listed in this section,
as well the corresponding origin of a given value (experimental, literature, and calibration of the
CPFE model).

2.6 Deformation model

The total deformation gradient (F)) decomposes into three components: elastic (F¢),
plastic (FP) and transformation (F*"). Variables listed in the deformation gradient evolve with
time. For simplicity, the time dependence () is omitted in Equations 11-28. The deformation
components act as deformation gradients for each multi-phase grain in the computational domain
[88].

Fe { FeFPFY austenite }
FEeFP, ferrite and o’ — martensite
Equation 11



Ferrite and recovered a’-martensite phases do not include a transformation gradient term, so the
transformation term is reserved for only austenite grains where f¢ is the volume fraction of phase
transformation in the t™ transformation system [89].

N; rans N; rans
Ftr =1+ Ztil ftbgrans ® mgrans =1+ Zt;1 ftPttrans
Equation 12

Nirans i the number of phase transformation systems from austenite to e-martensite. b, is the
average transformation direction and mf,,, is the habit plane normal [90]. P{.,,¢ is the Schmid
tensor for the t™ transformation system. I represents the two-dimensional identity matrix.

The elastic constitutive relationship is defined in Equation 13 where the Green strain
(E®) and the 2nd Piola-Kirchhoff stress (T ®) are respectively defined in Equation 14 and Equation
15 [91].

T®=C:E*®
Equation 13

E¢ =~ (F<T-Fe—1)
Equation 14

Te = Fe~'[det (F®) - o]Fe"
Equation 15

The material derivative of plastic deformation gradient (FP) results in the plastic
velocity gradient LP [88].

( Nslip Ntwin
fA z Y Pgip + [ z vPPE. . austenite
IP = Fp.Fp~1 — ) °‘=11VS“p p=1
\ ™ z Y*Pglip, ferrite and o’ — martensite
oa=1

Equation 16

Dislocation slip and twinning are both considered in the austenite phase, whereas for the ferrite
and martensite phases, FP is described only by dislocation slip. Ngjip, and Niyin are the number of
slip and twin systems, respectively. y*(a € [1, Ng;;,]) and Y8 (B € [1, Nyyin]) are the shear strain

rate on slip and twin systems, respectively. Pgj;, and Pt/jvm are the Schmid tensors for the
dislocation slip and twin systems, such that the unidirectional nature of twinning [92] was
considered in the model [68,93]. fA is the volume fraction of austenite and f™ is the volume
fractions of ferrite and a’-martensite phases.

Thermal activation is included in the model to consider the effect of strain rate. The shear
strain rate of dislocation slip, or twinning is affected by the SFE. In this study, the thermally

activated shear strain is defined in Equation 17 where AF is the Helmholtz free energy, or the

10



effective activation energy barrier for dislocation glide, p,, is the average mobile dislocation
density, v;4 is the dislocation vibration frequency, b is the magnitude of the Burgers vector, kj is
the Boltzmann constant, 9 is temperature and AV is the thermal activation volume [94,95]. At high
strain rates, heat diffusion is typically slower than the rate of heat generated due to plastic
dissipative heating, leading to a local rise in temperature. In such cases, adiabatic assumption is
typically used and a fraction of plastic work is converted to heat using the Taylor-Quinney
coefficient, which remains local at a material point [96]. However, this coefficient also depends
on stress state [97] and is typically used to describe steels containing austenite that readily
transforms to martensite [98]. As to be discussed in Section 3.2, the average temperature rise in
the current study is moderate until the initiation of necking in the tensile specimen, after which the
specimen fails quickly. Hence the dissipative heating is taken to have a relatively small effect on
the material behavior in the majority of the loading history and is neglected in the simulations. In
regard to the model, it should be noted that the slip rate y in the o' slip system is activated when
the resolved shear stress (RSS) t¢ is higher than its critical value s (dislocation resistance or
critical resolved shear stress), otherwise y* = 0.

e = 2 ey () (280
Equation 17

A similar formula describes the mechanism of mechanical twinning in Equation 18 where, ¢ and
s# represent the resolved shear stress and the twin resistance on the Sth twin system, respectively.

v = —pmvizdbﬁ xp( AF) exp (—(TB;:Z)AV) if T8 > sB

0 otherwise
Equation 18

The critical twinning stress is known to be significantly influenced by grain size for grains smaller
than 0.5 pm [61]. The stress constraints indicate that the twinning deformation is directional. The
sum of the twinned volumes does not exceed the grain volume, and the twinned region must stay
as such unless a transformation occurs.

The shear resistance is decomposed into four terms including the initial temperature
associated s§ , Hall-Petch-associated sfip, forest dislocation density related sf,. and debris
dislocation density related sd,, [99].

s* =s§ + sfip + Sfor + SSeb
Equation 19

a a b<
Syp = MHP az

Equation 20

Stor = b X1t/ Pfor
Equation 21

11



1
Sdeb = Kaebb®/Pgenln <—
b%,/ pdeb

Equation 22

Here ¥ is the dislocation interaction constant, taken to be 0.31 for Fe-Mn-C steel. The elastic shear
modulus (u) evolves linearly with temperature. pg, represents the forest dislocation density in a
single grain. Here only the self-hardening is considered and the latent hardening is neglected. Stage
IV hardening is represented by substructure hardening (sg,,) and kgep is @ material-independent
constant set to 0.1 for both face-centered cubic (FCC) and body-centered cubic (BCC) crystal
structures and as 0.086 for hexagonal close-packed (HCP) crystals [100], and finally pgep 1s the
total debris dislocation density for one grain. HP* is the Hall-Petch-associated coefficient and dg
is the grain size of each corresponding phase.

The twinning propagation resistance st/f,v for fth twin system consists of two components
[99] as shown in Equation 23 and Equation 24.
B _ B B
Stw = So T Sup
Equation 23

MTF

Equation 24

The effect of dislocation slip on twinning is already considered in the volume fraction evolution
(see Equation 6) and the plastic deformation gradient (see Equation 16), so the interaction between

mechanical twins and forest dislocations is neglected [99]. 55 is the initial propagation resistance
and sgp is the Hall-Petch-like strength related to the twin boundaries. dﬁTF denotes the width of
the mean free dislocation path, which is approximated as the grain size of newly transformed a'-
martensite. The forest dislocation density evolution is related to the storage rate and recovery rate
in the form of a Kocks-Mecking ansatz [99].

The evolution of forest dislocation density is shown in Equation 25 and Equation 26.

ap%r _ 3P§en dpfec _ a . a
aye — aye - aye klvpfor_kZ(yrﬁ)pfor

Equation 25

. b*x k9 ry
k,(y,9) =k, ra [1 - ﬁln (%)]
Equation 26

k, is an adjustable coefficient related to the generation of statistically stored dislocations due to
forest trapping of mobile dislocations and k,is the rate-sensitive coefficient for dynamic recovery.
g% is the normalized stress-independent activation energy, ¥, is the reference strain rate, and D is
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the drag-stress [99,101].

The debris dislocation density evolution (Apgep) 1S defined as the sum of effects from
multiple slip systems for one grain where g is a rate coefficient [99] related to the thermal-
activated energy and volume, describing how point defects can grow into debris by local thermal
activation.

9pde /e
A,Ddeb Za pd b dya = Za qab pdebkg(y ﬁ)pfor
Equation 27

Table S 2 in the supplementary material provides a description of variables listed in this
section, as well the corresponding origin of a given value (experimental, literature, and calibration
of the CPFE model).

3. Results
3.1 Characterization of the as-received material
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Figure 2: Grain size area distributions measured with EB SD (x axis plotted in log scale), separated
by phase with corresponding unique-grain maps (color has no quantitative meaning, but rather
designates the location of an individual grain) for a/c) a’-martensite and FG ferrite, plus b/d) UFG
austenite. CG = coarse-grained, FG = fine-grained, and UFG = ultrafine-grained. Area fraction is
relative to the area encompassed by each phase of Fe identified with EBSD (i.e. total cumulative
area fraction of all austenite grains sums to 1). 200 kV CBED patterns identify e) equiaxed ferrite
(@) and austenite () grains, as well as f) elongated rod-like or plate-like austenite grains, as shown
in the BF-TEM images.

EBSD and TEM were used to differentiate between the microstructural constituents. Figure
2a-d shows binned diagrams for plotting purposes, but all raw data from EBSD is used in the CPFE
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model. Figure 2 shows grain size area, rather than grain size diameter, because diameter is a better
representation of equiaxed grains, but not for rod-like or plate-like grains. After intercritical
annealing, a sharp peak in Figure 2a indicates a grain size area of 79 um? (recovered o/'-martensite),
but a smaller peak at 3.6 um? reveals the presence of FG ferrite, (consistent with the grain structure
observed in Figure 2¢). The average austenite grain size area was 0.46 um? (Figure 2b) and the
percentage of UFG austenite in the multi-phase steel was 35 %. Convergent beam electron
diffraction (CBED) analysis (Figure 2e), confirmed the presence of equiaxed UFG ferrite in close
proximity to equiaxed UFG austenite. CBED also confirmed a rod-shaped austenite grain ( Figure
21), which is consistent with EBSD measurements (Figure 2d).

3.2 Mechanical properties and non-contact thermal measurements
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Figure 3: a) Engineering stress-strain curves. Servo-hydraulic tensile tests were performed at
nominal strain rates from £ = 2x10% s to £ = 2x10% s!. An interrupted test deformed at £ = 2x10
4 sl is shown as a dotted line. b) Ultimate tensile strength (UTS) and 0.2% offset yield strength
(YS) values are shown as a function of strain rate (log scale used to measure strain rate
sensitivity).c) The product of UTS and % uniform elongation (% UE) are shown as a function of
strain rate.

Figure 3a shows all engineering stress-strain curves measured. The Young’s modulus
measured during quasi-static strain rates was 180 GPa. Nominal intended strain rates and strain
rate sensitivities of relevant tensile properties are shown in Figure 3a-c, which use the actual
achieved engineering strain rates. Equation 28 describes the calculation of strain rate sensitivity
(m) [102]. The strain-rate sensitivities of both the YS and ultimate tensile strength (UTS) are
respectively m = 0.0106 and m = 0.0114 for the range of strain rates investigated (Figure 3b). The
0.2% offset yield strength (YS) of the £ = 2x10? s™! test was not computed because quite few data
points make up the stress-strain curve.
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__(0log(o)
m= (alog(é))g
Equation 28
The product of UTS and % UE decreased slightly from £ = 2x10* s! to £ = 2x1072 s°!

(Figure 3c) due to a slight reduction in UE and minimal increase in UTS (Figure 3a), then
continually increased through strain rates up to £ = 2x10% 1.
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Figure 4: a) Thermal images captured during a tensile test at £ = 2x10 s’!. b) Non-contact
temperature measurements using a line drawn across the centerline of the gauge length are shown
as profile plots for various time steps. ¢) The maximum, mean, and minimum temperatures across
the centerline of the gauge length are plotted as functions of time for the test at £ = 2x102 51, d)
Average surface temperatures of areas in the reduced section of the gauge length are measured at

various strain rates.

Thermal images of a specimen deformed at & = 2x102 s (Figure 4a) show that localized
deformation does not occur until after UTS (at 0.171 engineering strain). Up until the point of
necking, the dissipative heating was moderate since the average temperature of the gauge length
increased by only 20 °C (see Figure 4d). Localized heat was generated at the center of the gauge
length at 0.229 engineering strain (see Figure 4a), near the eventual necked region. No evidence
of Liiders bands or PLC bands were observed in any of the tension tests. The large temperature
rise (Figure 4b-c) remained local to the necked region and the specimen failed quickly thereafter.
The fracture surface of the specimen deformed at ¢ = 2x102 s! (Figure 4a) showed extensive
evidence of ductile failure from micro-void coalescence. Ductile failure by micro-void coalescence
was also observed for samples deformed at strain rates from & = 2x10* s! to £ = 2x10' s7!. Just
before fracture, the area of the necked region has a higher temperature (max temperature of 129
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°C), indicating that more strain has been accommodated in the neck, which is consistent with
strain-mapping (DIC results shown later).

The ResearchIR™ software was used to record the average surface temperature across the
entire area of the reduced gauge length, excluding the necked region and fracture surface.
Representative temperature plots as a function of engineering strain for strain rates from &€ = 2x10-
4 51 to &€ = 2x10! s! are shown in Figure 4d. The average temperature in Figure 4c (average
temperature across the centerline just before fracture is 58 °C) is higher than the average
temperature of the reduced gauge length before fracture (48 °C), even though these data are from
the same test. Clearly, incorporating the temperature of the necked region in the computation
increases the average temperature and thus accounts for the 10 °C temperature difference. In the
case of the &€ = 2x10' s! tests, the initial tensile-specimen temperature was higher because of the
high intensity of the halogen lights (necessary for illumination during DIC measurements), which
were turned on 30 s before the test. Nevertheless, the final average temperature in the area of the
reduced gauge length after deformation at & = 2x10' s! is only 30 °C greater than at the quasi-
static strain rates.

3.3 Deformation mechanisms

Phase of Fe Inverse pole figure Kernel average
Ferrite/a’-martensite 1 , misorientation
(a/a’-Fe) A a/afy-Fe

. 1 0° 5°
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e-martensite (e-Fe) A—
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5um rﬂk 5um = Sum

Figure 5: EBSD cofnparisc;n of a) as-received specimen and b) specimen deformed to failure at
quasi-static strain rates. c-¢) BF-TEM images of deformation accommodated by the coarse-grained
recovered (CG) a’-martensite, UFG ferrite (a), and UFG austenite ().

A key characteristic of hot- and/or cold-rolled medium-Mn steels is the UFG
microstructure produced during intercritical annealing. Through a Hall-Petch relationship, the
ultrafine grain size is one of the main contributors to the high YS. EBSD results of the as-received
and deformed microstructures (Figure 5) indicate that the austenite volume fraction decreased
(from 35 to 18 %) after deformation to failure at quasi-static strain rates and also revealed a small
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volume fraction of e-martensite (4 %) within the austenite grains. A comparison between as-
received and pulled-to-failure microstructures (Figure 5a-b) showed an increase in the average
Kernel average misorientation (KAM) (a 67 % increase in austenite and a 77 % increase in
ferrite/recovered a'-martensite). The martensitic matrix, ultrafine ferrite, and ultrafine austenite in
the deformed material (Figure 5c-¢) respectively contain dislocation tangles and planar defects that
were not present in the undeformed material (Figure 2e-f). Much of the austenite remained un-
transformed after deformation to failure (consistent with EBSD results).

Figure 6: a/d) BF-TEM and c/f) DF-TEM images of planar defects visible in austenite grains from
specimens deformed to failure at & = 2x10 s7/. b/e) Selected area electron diffraction results
indicate two types of planar defects present in the ultrafine-grained austenite that has not
completely transformed: mechanical twinning and hexagonal e-martensite.

f 4 > i : toiny, &8 50nm
Figure 7: BF-TEM images of a sample interrupted at €eng. = 0.08 (tested at & = 2x10** s77). a) UF

ferrite grains shows signs of deformation with dislocation tangles and b) UF austenite grains have
already begun to develop planar defects (stacking faults and e-martensite).
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Dark-field TEM results from samples deformed to failure at ¢ = 2x10* s! (Figure 6) and &
=2x10! s'! confirm the presence of mechanical twins and hexagonal e-martensite in the ultrafine
austenite grains that have not completely transformed (consistent with SFE predictions). In Figure
7b-c, BF-TEM and DF-TEM images show strain-induced planar defects in the austenite of a
sample deformed at € = 2x10* s and interrupted at &,,,, = 0.08. Figure 7a provides evidence that
UF ferrite grains have also begun to deform.

3.4 Model calibration

Table 2: Elastic properties from [72,103] used in the appropriate constitutive equations

Phase C11 (GPa) C12 (GPa) Cs4 (GPa) C13 (GPa) Cs3 (GPa)
Austenite (y) 174 85 99
Martensite (o) 169 82 96
Ferrite (a) 175 82 97
Martensite () 420 30 320 120 570

Table 3: Parameters most sensitive to the calibration process and used to determine plastic
roperties from tensile data at various strain rates.

Parameters BCC(a,0") HCP (¢) FCC (y)
AF (J) 4.45x1072° 5.36x10%° 6.39x107%!
AV* (m?) 7.68x10%° 4.19x102% 6.25x10728
b* (pm) 2.50x10* 2.48x10* 2.56x10*
50" (MPa) 247 550 168
5o’ (MPa) N/A N/A 209
HP*% (MPa) 130 120 134
ki (m!) 4.29x107 1.08x101° 3.51x108
g’ 1.21x1072 3.44x102 4.52x1072

Anisotropic elastic properties used in the CPFE model are shown in Table 2, while relative
orientations of the as-received microstructure are based on EBSD measurements. Calibration of
the physical parameters in the CPFE model was completed by minimizing the difference between
the experimental stress-strain data sets and the stress-strain data generated by the CPFE model.
The optimization was deemed completed when the average error between experimental and model
data points was less than 3%. The most sensitive plastic variables that provided the greatest

influence on the optimization of experimental and model data for all strain rates are shown in Table
3.
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Figure 8: a) Evolution of austenite volume fraction as a function of engineering strain constrained
by EBSD results from the as-received and pulled-to-failure microstructures. b) Resulting tensile
properties from the CPFE model are compared to the experimental results (strain rates from & =
2x10*% s/ to & = 2x10" s/, c-¢) CPFE-based logarithmic strain and DIC logarithmic strain are
compared for a test deformed at £ = 2x10™* 57/,

Figure 8a shows the evolution of the austenite volume fraction. A comparison of the
calibrated CPFE simulation and experimental mechanical properties (Figure 8b) is provided for
samples deformed at nominal strain rates of € = 2x10% s!, £ = 2x102 s°!, and ¢ = 2x10! s!. The
strain-rate sensitivity of this material was captured in the thermal activation volume and thermal
activation energy barrier of FCC and BCC crystals. Consequently, one single set of physical
parameters was identified to capture the mechanical behavior at different strain rates. Results in
Table 3 show that the thermal activation energy barrier (AF in Joules) is higher for BCC than for
FCC. Calibration results were consistent with the prediction that short-range barriers in BCC
(Peierls barriers) play a larger role in the positive strain rate sensitivity of yield strength as the
majority of the microstructure is BCC-based. The effectiveness of forest dislocations on inhibiting
mobile dislocation motion in FCC is greater than BCC in this study (see 41 in Table 3) and indicates
the UFG austenite may also contribute to the positive strain rate sensitivity of this material.

Figure 8c-¢ provides DIC images for a tensile specimen deformed at &€ = 2x10* s,
plus a comparison of logarithmic strain generated with the Taylor model is shown side-by-side
with identical scales of logarithmic strain. The CPFE-based logarithmic strain images show
necking in the middle of the tensile bar (due to boundary-condition imposed constraints). However,
the experimental DIC images show necking occurring slightly off center (due to the natural effect
of microstructural variation along the gauge length). Good agreement is noted between the
experimental DIC images and CPFE-based logarithmic strain images in terms of the magnitude
and gradient of logarithmic strain, but an exact match is generally not possible since the entire
tensile bar was not completely characterized.
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4. Discussion
4.1 Influences of microstructural constituents on plastic instabilities of multi-phase steel

The unique microstructure of the current multi-phase material contains recovered
a'-martensite, UFG ferrite, and 35 % UFG austenite with multiple morphologies (equiaxed, rod-
like and plate-like). This cold-rolled and annealed medium-Mn does not contain colonies of
lamellar UFG austenite, but rather a mix of morphologies and relatively random crystallographic
orientations (no fiber textures or complete colonies of lamellar austenite), consistent with previous
work on similar steel compositions [49,104,105]. The mixed morphology of the multi-phase
microstructure may wash out effects from grain morphology in the context of the entire tensile bar
since there is a relatively equal likelihood of observing equiaxed and non-equiaxed austenite
grains. Recent work [106] completed on a similar steel shows how hot rolled and cold rolled steels
can both exhibit continuous yielding, but the differences in grain morphology, spatial alignment
of grains and crystallographic orientation of UFG austenite influence the yielding and strain
hardening behavior.

Liiders bands and PLC bands are not observed in the current work. The absence of
discontinuous yielding (Liiders banding) is attributed to the recovery of the cold-rolled martensite
(rather than a complete recrystallization), the morphology of the recovered microstructure, plus
the relatively small grain size and volume fraction of the UFG ferrite [10,39,49,107—112]. Further,
the annealing temperature in the current work is well below the predicted T, _yax, meaning that
the austenite is relatively mechanically stable and does not transform to athermal martensite during
quenching from the intercritical annealing step [48,111]. The absence of PLC bands has been
attributed by others [30,31,33] to both the morphology of all micro-constituents and the ultra-low
carbon content. Work on a similar steel composition by Haupt et al. [104] showed no evidence of
Liiders band formation (described as discontinuous yielding and manifested by heterogeneous
deformation) and no evidence of PLC bands (serrations in the stress-strain curve) during tensile
deformation with samples annealed at 555 °C for 1 h, 5 h and 15 h. by Ma et al. [49] observed a
similar microstructure and mechanical response for the 555 °C annealing temperature, but then
measured discontinuous yielding and observed an equiaxed microstructure in samples annealed at
600 °C and 650 °C.

4.2 Influences of strain rate on the mechanical properties of multi-phase steel

The strain-rate sensitivities of the yield and ultimate tensile strengths are positive,
which indicates that thermally activated and time-dependent short-range barriers dominate the
flow stress [102,113,114]. For BCC metals, the primary short-range dislocation barrier is the
frictional-based Peierls-Nabarro stress, while for FCC metals, the primary short-range dislocation
barriers are dislocation forests and solute atoms [76,115]. Notably, when only crystal structure is
considered, the Peierls barrier (in energy per unit length [116]) is more difficult to overcome in
the BCC lattice as compared to short-range barriers in the FCC lattice [113]. This indicates that
the predominant strain-rate sensitivity effect on flow stress in this material is related to the ferritic
and martensitic microstructural constituents, which is especially true since the initial austenite
content is only 35 %.

No change in dominating deformation mechanism is assumed for the investigated
range of strain rates. This assumption is used in the CPFE model because DF-TEM observations
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indicate that both mechanical twinning and e-martensite are active in samples deformed to failure
at ¢ = 2x10* s! through ¢ = 2x10! s”.. To obtain more details along this line, further investigation
of the microstructure evolution at high strain rates would require interrupted tests [117] and would
allow for a more concrete comparison of microstructure effects on UTS as well as initiation of
twinning and transformation.

Measuring temperature evolution provides insight into operable deformation
mechanisms. The average temperature measured in the gauge length indicates that the specimen
heating falls somewhat short of what is predicted for adiabatic heating conditions at £ = 2x102 s-
I, Under adiabatic heating conditions, the temperature generated is proportional to the total plastic
work [69,118]. The expected temperature rise under completely adiabatic conditions was
calculated using an accepted formula [61,72,118] for estimating temperature rise during measured
plastic work. Relevant parameters include a 90 % efficiency in conversion of mechanical energy
to heat energy, a heat capacity of 0.46 kJ/(kg K), and a mass density of 7.4 g/cm?. As expected,
quasi-static strain rates (¢ = 2x10** s'!) showed no signs of tensile specimen heating (except after
fracture). The predicted rise in specimen temperature for a € = 2x102 57! test is AT = 40 °C and for
the £ = 2x10! s7! test is AT = 48 °C (based on adiabatic conditions and the numerically integrated
engineering stress-strain curve). Given the comparison with these predicted temperature rises and
results in Figure 4d, the heating conditions are still short of adiabatic by 15 °C. Thus, it is likely
that adiabatic conditions may actually be satisfied at £ = 2x10 s’!. Further, thermodynamic
calculations [25] show that an increase in temperature from 24 °C to 54 °C (AT = 30 °C) should
not raise the SFE of the austenite by more than 4 mJ/m?. The pioneering work by Frommeyer et
al. [119] shows that in coarse-grained austenitic steels, adiabatic heating generated from high-rate
deformation stabilizes austenite and raises the SFE, which increased the strain hardening rate and
uniform elongation in TRIP steels, and decreased the twinning rate and drawability of TWIP steels.
Similar observations were made on the role of dissipative heating on the interplay of twinning and
dislocation activity in another coarse-grained steel (alloyed with a mass fraction of 3 % Si) [120].
Given the large ductility (80% elongation) in those steels [119], the role of adiabatic heating plays
a key role. However, most third generation AHSS do not elongate nearly as much as second
generation AHSS. Thus, the influence of strain rate is more complex for third generation AHSS
since austenite is not the major microstructural constituent by volume and the austenite is ultrafine
in size.

The medium-Mn steel in this work does not show evidence of PLC bands, the uniform and
total elongations (UE and TE) do not exhibit strain rate sensitivity, the UTS has a positive strain
rate sensitivity, and similar deformation mechanisms are observed at low and high strain rates.
Based on this evidence, it is assumed that the specimen heating does not strongly influence the
deformation mechanisms in this specific multi-phase steel. However, the UTS strain rate
sensitivity of other UFG medium-Mn TRIP steels [76,121-123] is negative. In those cases
[76,121-123] the austenite completely transforms to a'-martensite at quasi-static strain rates before
failure. The austenite to martensite transformation rate in advanced high-strength sheet steel can
be reduced [76] at high strain rates if the transformation occurs at large levels of strain because the
heat builds up in the tensile specimen and stabilizes the austenite by increasing the SFE. In the
case of the 7Mn-TRIP steel in Poling’s work [76], the ultimate tensile strength, ductility, work
hardening rate and transformation rate all decreased with an increase in strain rate. However, these
UFG medium-Mn TRIP steels [76,121-123] also showed evidence of PLC bands during tensile
deformation, which was similarly associated with a negative strain rate sensitivity of the UTS due
to a strong dependence on the adiabatic heating. In most studies on UFG medium-Mn TRIP steels
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[76,121-123] and even in the case of coarse-grained high-Mn TWIP steels [124], the PLC bands
disappear at high strain rates, which leads to negative strain rate sensitivities of the UTS.

4.3 Crystal plasticity finite element modeling and parametric investigations

The CPFE simulation incorporates tensile properties using the Taylor model [125] and
focuses on the driving forces of plasticity within the multi-phase material, but does not consider
grain morphology or grain interactions. The advantage of combining a range of empirical
measurements (high-rate tensile tests, DIC, thermal imaging, DF-TEM, and EBSD) with a CPFE
model is a detailed understanding of the mechanical behavior and microstructural influences for a
given material condition. For example, the strain-rate sensitivity of this material is captured in the
thermal activation [volume and energy barriers] of FCC and BCC crystals [94][126]. The use of
constitutive equations in the CPFE model enables a user to calibrate the high strain-rate behavior
of the multi-phase TWIP-TRIP steel and allows for a parametric analysis of the calibrated
variables. As AHSS forming operations and automotive crash settings experience strain rates in
the range of £ = 102 s to &£ = 10° s7! [28,29], strain rate sensitivity of a given material should be
incorporated during alloy design of next-generation automotive steels. AHSS design strategies
typically employ thermodynamic simulations, ab initio simulations, and composite models to
predict areas of opportunity [1,42,43,127]. Based on results from the current work, a parametric
analysis allows for prediction of tensile properties outside the experimental regime by using a
microstructure-based CPFE model and tuning one variable at a time. In comparison, changing the
intercritical annealing temperature for medium-Mn steels affects multiple variables at once such
as phase fraction, grain size, grain morphology, recovery or recrystallization of martensite,
austenite thermal stability, austenite composition (C and Mn content) and stacking fault energy,
austenite transformation rate, and thus mechanical properties.
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Figure 9: Parametric analysis using calibrated parameters from the present work deformed at & =
2x10! s! (a single circle). The CPFE model in this work is used to predict mechanical properties
outside the experimental regime using variations in austenite fraction (squares), austenite grain
size (diamonds are linked to respective austenite fractions with arrows) and ratio of twinning vs.
transformation to e-martensite (5, 4, 3, 2, 1, 0.5 indicated by X’s and +’s).

The parametric analysis completed for this work is plotted in terms of UTS and UE on a
linear scale (see Figure 9) to highlight contributions to the literature. The product of UTS and total
elongation is typically reported in literature [2,3]. A parameter relevant to this work is the product
of UTS in engineering stress and % UE in engineering strain because uniform elongation does not
consider the necking behavior. As such, UE and UTS can be accurately represented by a single
RVE. In many cases, the use of a single RVE is used in the modeling community to simulate
uniaxial tension of a given microstructure [46].

Physical parameters relevant for AHSS alloy design are varied in Figure 9. Manipulating
phase fraction in multi-phase steels typically has as a composite effect on mechanical properties
[3]. Phase fraction in medium-Mn steels can be controlled by both annealing temperature and
annealing time [11]. The circle in Figure 9 denotes the UTS and % UE (using engineering stress-
strain values) of the cold-rolled and annealed multi-phase medium-Mn TWIP-TRIP steel deformed
at ¢ = 2x10! s'!. The squares in Figure 9 provide a range of initial austenite % from 15 % to 100
%. Generally, increasing the initial fraction of austenite increases the uniform engineering strain
and decreases the ultimate tensile strength. For example, increasing the amount of initial UFG
austenite from 23 % (UTS = 1032 MPa, UE = 0.115) to 55 % (UTS = 770 MPa, UE = .254)
increases the product of UTS and % UE from 1.18x10* MPa% to 1.96x10* MPa% due to the higher
strain hardening capacity of austenite. Notably, the parametric study predicts only a minimal
decrease in % UE when the amount of initial UFG austenite changes from 27 % to 15 %.

Austenite grain size can be controlled experimentally by annealing temperature and time
as the reverted austenite grows [33]. The size of the UF austenite grains influences the strength of
this multi-phase material through a Hall-Petch effect [99]. In the current model, the smaller grain
size of polycrystalline austenite requires more dislocation activation to achieve a given magnitude
of plastic strain. Reducing the austenite grain size increases resistance to deformation and thus
strength. The diamonds in Figure 9 represent the predicted mechanical properties of the multi-
phase material if the austenite grain size is halved. The arrows between the squares and diamonds
correspond to the same initial phase fraction of austenite. In the case of 92 % initial UFG austenite
(UTS =660 MPa, UE = 0.563), halving the grain size of the already UFG austenite results in slight
reduction in UE (0.539) and a marginal increase in UTS (691 MPa). The largest increase in UTS
from simply halving the grain size of UFG austenite occurs when the initial amount of austenite
(prior to deformation) is 43 % (UTS changes from 830 MPa to 890 MPa).

Generally, more twinning (a greater ratio of twinning vs. transformation to e-martensite)
leads to greater amounts of uniform elongation. The difference in the amount of strain-induced
mechanical twinning vs. the amount of strain-induced e-martensite (both are planar defects) is
typically characterized by a change in austenite stacking fault energy and can be tuned by varying
composition and intercritical annealing temperature [17,116]. For the predicted material condition
containing 75 % initial austenite, a change in the ratio of twinning vs. transformation to €-
martensite from 5 (more twinning) to 0.5 (more e-martensite) results in an increase in UTS from
678 MPa to 720 MPa and a decrease in UE from 0.433 to 0.356 (see X’s in Figure 9). With
reference to the measured mechanical properties (initial austenite fraction of 35 %), a decrease in
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initial austenite fraction from 35 to 31% (see the square to the right of the circle in Figure 9) results
in the same predicted mechanical properties (UTS = 939 MPa, UE = 0.139) as a decrease in the
ratio of twinning vs. transformation to e-martensite from 3 to 0.5.

By coupling CPFE models with experimental measurements (such as EBSD and TEM) a
desired set of high strain rate mechanical properties in medium-Mn steels may be achieved more
efficiently by including a parametric study during alloy design, rather exploring results from
multiple processing steps. Future parametric studies could also include in situ measurements of
twin fraction evolution and austenite transformation rates (as opposed to post mortem
measurements) to better inform the constitutive model [13,128—130].

5. Conclusions

1. The unique multi-phase microstructure (comprised of many sizes and morphologies) and
low C content of a cold-rolled and annealed medium-Mn TWIP-TRIP steel suppresses
static and dynamic strain aging effects, which results in a positive strain rate sensitivity of
both the yield strength and ultimate tensile strength (from &€ = 2x10% s7! to £ = 2x10% s7).
As automotive parts become more complex, next generation steel design strategies will
continue to advance when localized plastic instabilities are subdued.

2. By coupling advanced empirical measurements and state-of-the-art computational
approaches, mechanical properties of complex materials can be calibrated with high
fidelity across a large range of strain rates. Our parametric analysis provides insight into
how high strain rate mechanical properties can be tuned (outside the experimental regime)
by manipulating a specific set of microstructural parameters that are most relevant to
conventional alloy design practices.
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