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Abstract 

This paper presents a review of recent experimental evidence and simulation results 

enumerating the development of the hydrogen-enhanced localized plasticity (HELP) mechanism 

as a viable hydrogen embrittlement mechanism for structural materials. A wide range of 

structural materials, including ferritic, martensitic, and austenitic steels, iron, and nickel are 

covered by the studies reviewed here, as are a variety of mechanical loading conditions and 

hydrogen charging conditions, supporting the concept that, despite differences in failure mode, 

there is a universality to the HELP mechanism.  

 

Keywords: Hydrogen embrittlement; HELP; Steel; Failure; Continuum and atomistic simulations 

1. Introduction 

The premature failure of metallic components due to hydrogen embrittlement continues to 

plague industry, despite our knowing for over a century that hydrogen is the cause.  Hydrogen 

embrittlement continues to be a controversial scientific topic that is subject to a considerable 

number of studies, as the primary mechanism by which it operates is still under debate.  The 

vitality of this field was evident at the recent International Hydrogen Conference in Jackson 

Hole, USA (September 11-14, 2016) [1].  The conference revealed a great deal of new data and 

interpretations, but also highlighted what still remains to be done to consolidate the field to a 

common understanding of the mechanism(s), and the best way to apply it to material selection 

and design for hydrogen compatibility. 

Since the discovery of hydrogen embrittlement in 1874 [2], many mechanisms have been 

proposed and discarded as new evidence has been uncovered (see e.g. [3,4] for an overview).  

One of the primary disputes between different camps is the role of plasticity in hydrogen 

embrittlement.  As the name suggests, hydrogen embrittlement results in a loss in ductility, and 

often includes a transition to a brittle fracture mode, such as intergranular failure.  On such 

macroscopic scales, the phenomenon seems aptly named as embrittlement.  However, more 

recently, new evidence suggests that there is a notable amount of plasticity associated with these 
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failures, though not always evident outside of the microscale.  The current argument rests on the 

importance of this plasticity: whether it is crucial to the embrittlement process or simply a 

minimal and secondary result of the hydrogen-induced failure.  This review focuses on a 

mechanism predicated on plasticity being crucial to the embrittlement process: Hydrogen 

Enhanced Localized Plasticity (HELP), with emphasis on recent results which address how this 

enhanced local plasticity may lead to macroscopically brittle behavior. 

2. HELP mechanism 

The concept of hydrogen enhanced plasticity was first proposed by Beachem in 1972 [5], and 

has been expanded by the work of Birnbaum and coworkers [6–10].  The premise of the 

mechanism is that hydrogen assists the deformation processes, but only locally where hydrogen 

is present in sufficient concentrations, leading to fracture which is macroscopically brittle in 

appearance and behavior. 

Hydrogen is strongly bound to dislocation cores, most likely due to vacancy-like defects at 

the core [11,12], as well as the attraction to the elastic field surrounding the dislocation.  This 

results in the formation of an atmosphere of hydrogen, which can resemble Cottrell carbon 

atmospheres [13–16].  In a very specific material-dependent temperature and strain-rate range 

[13,14,17], the hydrogen atmospheres have a unique effect on the dislocation behavior:  

dislocation motion is found to be accelerated in the presence of hydrogen.  Hydrogen-enhanced 

dislocation motion has been observed directly though in-situ transmission electron microscopy 

(TEM) observations [7,18–20], and indirectly through stress relaxation tests [21,22] and uniaxial 

tensile tests [23–26].  The temperature and strain-rate range for this acceleration of dislocation 

motion tends to correspond to the range of conditions at which the materials are susceptible to 

hydrogen embrittlement [13].  Outside of this temperature and strain-rate range, pinning and 

serrated yielding behavior due to the presence of hydrogen have been reported [27–29], as 

expected due to solute drag behavior similar to the effect of other interstitial solutes, such as 

carbon. 

It is important to note that the presence of hydrogen around the dislocations will result in 

several important changes in dislocation behavior.  The mobility of the dislocations is usually 

increased, with 2-10 fold increases having been recorded, depending upon the material [17,30], 
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and with the effect being more pronounced in solute strengthened materials.  Additionally, the 

dislocations will tend to pack closer together [9], particularly in pile-ups.  Furthermore, as the 

atmospheres primarily form due to the tension field of edge dislocations, they stabilize the edge 

components, thereby reducing the tendency for cross-slip [19,31]; an effect possibly 

compounded by a reduction in stacking fault energy due to the presence of hydrogen [19,32].  

Two reasons are proposed for this increased dislocation mobility.  The first applies more to 

edge dislocations:  the hydrogen atmosphere surrounding the dislocation core alters the stress 

field of the dislocation, affecting its motion by creating a shielding effect and changing the 

interaction energy between dislocations and obstacles [7,13,20,31], such as secondary phases, 

solute atoms, and other dislocations.  It is this reduction in interaction energy which increases the 

mobility, by allowing dislocation motion at lower stresses.  The second, advanced by Kirchheim 

and co-workers, is based upon thermodynamic considerations which would apply to all 

dislocations:  hydrogen segregated to dislocations lowers their formation energy [33–36].  One 

consequence of this reduction in formation energy will be an enhancement in the nucleation rates 

of dislocation kink-pairs [23,37–42].  If kink-pair formation is considered as the rate-limiting 

step for dislocation motion, higher nucleation rates would result in increased dislocation mobility 

[34].  

The question has been how this hydrogen-influenced dislocation behavior leads to 

accelerated brittle-like failure, and, until recently, this question has remained unanswered.  This 

review summarizes recent experimental evidence, focusing on results from new fractographic 

analysis techniques, as well as related simulations, and discusses the viability of the HELP 

mechanism as an explanation for hydrogen-enhanced failure in structural materials. 

3. HELP and microstructure 

As described above, solute hydrogen impacts the mobility of dislocations in most metals, but, 

unlike other interstitial atoms which create solute drag, hydrogen can cause an increase in 

dislocation mobility [13,14,19,22,43].  The expected result would be a difference in the 

developing microstructure during mechanical loading.  The increased mobility of dislocations 

with hydrogen would be predicted to result in higher dislocation densities than in its absence at 

equivalent strains, which would also be more easily accommodated by the closer packing 
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encouraged by the presence of hydrogen.  Indeed, this is the case observed in cold-rolled 

palladium [33,44], where multiple techniques confirmed the higher dislocation density at the 

same strain in samples cold-rolled in the presence of hydrogen compared to samples cold-rolled 

in its absence.  Examination of the microstructure revealed tighter packing of the dislocations in 

the presence of hydrogen.  Under the conditions in which clear cell structures were observed 

both in the absence and presence of hydrogen, the cell walls in the Pd-H samples were clearly 

thicker and tighter packed, resulting in a greater degree of crystal rotation between the cells, and 

the cells themselves appeared smaller in size [44].  Similar results were found in nickel samples 

subjected to high-pressure torsion processing, both in the presence and absence of hydrogen [45].  

Increased dislocation activity was also observed in vanadium micropillars compressed in the 

presence of hydrogen [46]. 

As hydrogen also impacts other aspects of the behavior of dislocations than simply mobility, 

such as reducing the tendency for cross-slip [19,20,31], it would also be expected that there 

could be differences in the microstructural evolution with strain.  Delafosse [47] observed that, in 

single crystal nickel after 0.75 plastic shear strain, the microstructure was indicative of the stage 

III regime (equiaxed dislocation cell structures), while it was still only indicative of stage II 

(planar structures) in the presence of hydrogen.  This difference in microstructural evolution was 

also reflected in the differences in the stress-strain behavior. It is possible that the influence of 

hydrogen on the dislocation behavior can also result in the stabilization of certain dislocation 

geometries, resulting in a delay in the transition between different stages of dislocation structure 

evolution [48], but this requires further study. 

The first suggestion of a plasticity based mechanism for hydrogen embrittlement was based 

on the examination of fracture surfaces [5], and was firmly established through dislocation-based 

studies [19,20].  However, the difficulty has always been in linking these two length scales, and 

explaining how increased dislocation activity can result in brittle-appearing fracture features.  

Focused ion beam (FIB) fabrication of site-specific transmission electron microscopy (TEM) 

samples allows correlation of dislocation/microstructural features and fracture surface topology, 

from which inferences into the fracture processes can be made.  In the following sections, several 

case studies of hydrogen embrittlement failures by different modes in different materials are 

discussed, and it will be shown that a common thread unites them, with strong support for HELP 

being active. 
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3.1. “Quasi-cleavage” failure in iron and ferritic steels 

Iron and ferritic steels tend to transition from a ductile microvoid coalescence fracture mode 

to a “brittle”-appearing transgranular “quasi-cleavage” mode in the presence of hydrogen.  This 

has often been associated with a similar phenomenon of the ductile-to-brittle transition that 

occurs at low temperature [49].  The very application of the term “quasi-cleavage” suggests a 

cleavage-like process, but not occurring along a cleavage plane.  For example, an initial 

examination of the fracture surfaces in a ferritic high strength low alloy steel (Fig. 1) suggests 

features that are macroscopically flat.  However, high magnification scanning electron 

microscopy (SEM) of the features shows that they are not flat.  The surface is curved, almost 

undulating, such that no fracture plane can be assigned.  On top of this curvature, very fine (100 

nm) features exist, suggestive of either mounds or dimples on the surface (Fig. 1b).  Underneath 

this surface, an extremely high density of dislocations exists (Fig. 1c).  This evenly dense set of 

dislocations is complicated, with a spacing on the same order as the size of the fine features on 

the fracture surface, and extends for at least 10 micrometers (extent of the TEM sample), from 

the fracture surface and through grain boundaries without variation, suggesting it extends even 

deeper [50].  The extent of the plasticity negates the idea that either this plasticity is purely 

surface related, or that it is due to a particularly small constrained plastic zone.  It suggests that 

many slip systems were active over an extensive area, with hydrogen enhancing the dislocation 

motion.  With continuing dislocation motion, hydrogen accumulated in the grain, until the 

weakest path through the grain failed.  The evidence suggests that the term “quasi-cleavage” is a 

misnomer, suggesting a brittle-type fracture process which did not occur. 
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Figure 1. Hydrogen-induced fracture features in ferritic pipeline steel.  Compact tension 
specimens underwent fracture toughness testing in a high pressure hydrogen gas 
environment.  a) SEM micrograph of “Flat” fracture feature typical in this material.  b) 
Higher magnification image of feature tilted at 70° showing the surface curvature and fine 
features.  c) TEM micrograph showing microstructure immediately beneath the fracture 
surface (marked with arrows) consisting of a high density of dislocations.  Adapted from 
[50]. 

 

Additional pieces of information as to which phenomena are active can be garnered by 

examining other features, such as carbides, in the material.  In this particular case, it was found 

that carbides had little impact on the fracture path, with carbides being found within tens of 

nanometers of the fracture surface, with no visible perturbation on the fracture surface [50].  

Additionally, the interfaces of the carbide were found to be intact, with no evidence of void 

nucleation, vacancy accumulation, or interface cracking, which would be expected if any of 

those mechanisms were dominant or even significant to the fracture process. 
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3.2. Intergranular failure in nickel and iron 

Intergranular failure is considered a hallmark of environmental embrittlement [51,52].  

Perhaps the most extreme case is the embrittlement of aluminum by liquid gallium, where, given 

sufficient time for gallium penetration, the fracture toughness can be reduced to virtually zero 

[53], and the materials crumbles into individual grains.  But most cases are less severe, requiring 

a certain degree of stress, as well as plastic strain before failure.  However, the morphology of 

the fracture surface, along with the rapid failure after the onset of cracking, had led to the 

conclusion that plasticity is not relevant to the fracture process [54].  

Recent work on two model systems, nickel for face-centered cubic [55] and iron for body-

centered cubic [56], suggest a different story after looking carefully at the microstructure that 

develops during the fracture process.  Despite the different hydrogen and mechanical loading 

configurations, both failed intergranularly due to the presence of hydrogen with little evidence of 

plasticity on the fracture surface (nickel shown in Fig. 2a).  The slip traces on the surface would 

suggest some plasticity, but limited and of a planar character.  However, in both cases, 

dislocation cells were found immediately beneath the fracture surface (Fig. 2b) and the size of 

the dislocation cells was suggestive of a plastic strain nearly three times what the sample actually 

experienced macroscopically.  In fact, in the nickel case, this dislocation distribution was found 

to extend to over 3 mm from the fracture surface [57] (Fig. 2c), suggesting that the structures 

extend throughout the gage length and were formed prior to crack initiation. 

It is proposed that hydrogen enhances the plasticity, leading to a dislocation structure in the 

nickel at 15% strain at failure that would normally only be observed at 40% strain without 

hydrogen [58].  This amount of plasticity deforms the grain boundaries, weakening them, as well 

as transports large amounts of hydrogen to the grain boundaries, further lowering their cohesive 

strength.  That this plasticity is crucial for establishing the conditions for enhanced failure is 

supported by the bulk microstructure away from the fracture surface (Fig. 2c).  This 

microstructure was found to be comprised of dislocation cells with a size larger than those found 

immediately beneath the fracture surface, but still significantly smaller than expected for the 

15% strain at failure, suggesting an acceleration of the plasticity throughout the sample prior to 

crack initiation. 
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Figure 2. Hydrogen-induced intergranular failure of nickel.  Uniaxial tensile tests were 
conducted on pre-charged tensile bars.  a) SEM micrograph showing intergranular failure of 
fracture surface.  b) TEM micrograph showing microstructure immediately underneath the 
fracture surface, comprising of dislocation cells.  Arrows mark steps on the surface, usually 
labeled as slip traces.  c) TEM micrograph showing microstructure 3-6 mm away from the 
fracture surface (i.e. bulk microstructure after loading).  Note that cell structure still remains.  
Adapted from [55,57]. 

3.3. Fatigue-crack growth in austenitic stainless steels 

Fatigue is a complicated failure mode influenced by many parameters, of which complete 

mechanistic understanding is still lacking, and many studies are currently on-going to understand 

the relationship between these parameters, the physical response and the developing 

microstructure.  However, insight into the influence of hydrogen on the microstructure can be 

gleaned by comparing samples fatigued under identical conditions apart from the absence or 

presence of hydrogen.   
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Austenitic stainless steels are usually fairly simple in microstructure (austenite grains), but 

their deformation can be governed by the development of more complicated microstructural 

features, such as twinning or deformation-induced martensitic transformations.  As an example, 

304 stainless steel undergoes a martensitic transformation under loading.  This has been observed 

around the crack tip of an arrested fatigue crack [59].  In that study, it was noted that the 

presence of hydrogen during fatigue loading resulted in a reduction in large scale martensite 

formation.  In a related study [60], closer examination of the microstructure underneath fatigue 

fracture surface striations revealed, in the absence of hydrogen, a fine to nano-grained structure 

of martensite extending several micrometers from the fracture surface (Fig. 3a).  The case with 

hydrogen is quite different (Fig. 3b):  a thin layer of nano-grains right at the surface and, below 

that, an array of sets of thin parallel martensite laths in the austenite matrix.  In both cases, 

fatigue led to a refinement of grains immediately below the fracture surface, though the 

refinement was more pronounced in the presence of hydrogen.  Similarly, there is a refinement in 

the scale of martensite around the crack in the presence of hydrogen: from a wide band of fine 

martensite grains around the crack, to a narrower band of thin martensitic laths.  A similar 

refinement in microstructural features with increasing environmental effect was observed under 

fatigue crack surfaces in 316 stainless steel [60] and in an aluminum alloy [61]. 

 

 

Figure 3.  TEM micrographs showing microstructure of 304 stainless steel underneath the 
fracture surface (top) after fatigue a) in air and b) in hydrogen gas.  Adapted from [60]. 

 

The results show that, while the microstructural progression in fatigue is quite complicated, 

there is a clear trend that occurs with the addition of hydrogen:  a refinement in feature size and 

an acceleration of deformation. 
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3.4. Discussion 

As microanalysis tools have progressed, more information about the local behavior of 

materials in different environments has been discovered.  Increasingly, more evidence links 

hydrogen with the accelerated plasticity.  As an example from a different class of metals, the 

hexagonal phase of titanium (α-titanium) is known for forming hydrides [30,62], but accelerated 

plasticity has also been observed [30].  More recent studies have shown that plasticity and 

hydrogen-assisted cracking are critically interlinked:  for example, careful examination of a 

crack tip showed that plasticity was necessary to increase the local hydrogen concentration to 

levels high enough to promote crack extension [63]. 

The evidence for hydrogen-enhanced plasticity is strong, as is the connection between 

accelerated plasticity and fracture.  The locally accelerated plasticity can help account for some 

of the missing pieces of hydrogen embrittlement mechanisms.  Hydrogen transport by 

dislocation motion could redistribute hydrogen into very different concentrations profiles than 

predicted by Fickian diffusion models [64], potentially leading to high local concentrations and 

at distances further ahead of the crack tip than in the absence of dislocation transport.  The local 

strain would also disrupt structures and interfaces, and the stress built up at these deformed 

microstructural features may act as an additional driving force for failure.  In summary, the 

developing microstructure, as influenced by hydrogen, is critical for establishing the conditions 

for accelerated failure. 

4. HELP in martensitic steels 

Martensite produced in steel by quenching (often followed by tempering) covers a wide 

tensile strength range (between 600 MPa and 2 GPa).  Lath martensite is a commonly used 

microstructure in the design of high-strength steels due to its excellent ductility, toughness, 

workability, and weldability.  Accordingly, lath martensitic steels see wide application as the 

main structural or component members in the construction of ships, buildings, bridges, railroads, 

pipelines, automobiles, etc.  However, it is well known that the presence of hydrogen deteriorates 

the mechanical properties of lath martensitic steel, which manifests in symptoms such as lower 

ductility, enhanced fatigue-crack growth rate, and reduced fracture toughness.  This hydrogen-

induced deterioration of the mechanical properties of lath martensitic steel is often accompanied 
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by a change in the fracture mode from ductile transgranular to intergranular and “quasi-

cleavage” failure.  These deleterious effects of hydrogen have motivated numerous studies 

aiming at understanding the hydrogen embrittlement mechanism in lath martensitic steel [65–

75].  Recent results, presented here, suggest that HELP may be the best lens through which to 

understand the issues pertinent to martensitic steel performance in the presence of hydrogen, and 

by which to address these issues through optimized materials design.  

A middle-carbon ultra-high strength tempered lath martensitic steel was prepared and four-

point bend tests were conducted under three conditions: in the absence of hydrogen at room 

temperature; in the absence of hydrogen at low temperature (≈ ‒150 ºC/123K); and in the 

presence of hydrogen at room temperature [76].  The hydrogen-charged specimen was pre-

charged with hydrogen in a high-pressure gaseous hydrogen environment prior to the bend test.  

The thermal charging introduced a nominal hydrogen content of 0.57 mass ppm (31.7 at ppm). 

Hydrogen reduced the maximum nominal bending stress from 2415 to 501 MPa at room 

temperature, a decrease of nearly a factor of 5.  The sample tested at ‒150 ºC showed only a 

small change (from 2415 to 2310 MPa) in the maximum nominal bending stress, followed by an 

abrupt drop in stress indicating brittle failure.  

At room temperature and in the absence of hydrogen, the fracture was primarily by ductile 

microvoid coalescence.  However, the fracture surface generated in the presence of hydrogen had 

“flat” and “quasi-cleavage” features with some evidence of small-scale ductile processes (see 

Fig. 4a and b, respectively).  At low temperature, the fracture surface generated in the absence of 

hydrogen was dominated by a “cleavage-like” morphology, which is also often referred to as 

“quasi-cleavage” (see Fig. 4c) [77].  The “brittle” fracture surfaces generated in the absence and 

presence of hydrogen showed similarities despite the significant differences in their fracture 

load.  Both were decorated with fine, lath-like features that were comparable in dimension to the 

martensite laths in the starting material. 
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Figure 4. SEM images of fracture surfaces of ruptured four-point bend specimens of a lath 
martensitic steel: (a) hydrogen-induced “flat” feature produced at room temperature; (b) 
hydrogen-induced “quasi-cleavage” feature produced at room temperature; (c) low-
temperature induced “quasi-cleavage” feature in the absence of hydrogen. Arrows in (a) 
indicate fine tear ridges. Arrows and arrowheads in (b) show fine serrated markings and 
secondary cracks, respectively. [76] 

 

Differences in the fracture paths associated with these three types of fracture surfaces were 

determined by examining sections of the fracture surface and the microstructure underneath [76].  

For the “flat” surface (Fig. 5a), the fracture path was clearly along prior austenite grain 

boundaries denoting intergranular fracture.  In contrast, the fracture path for hydrogen-induced 

“quasi-cleavage” surfaces was consistent with being along the {110} slip plane, the lath habit 

plane.  Other studies of “quasi-cleavage” features in lath martensitic steels confirm failure along 

the {110} plane [78,79].  This fracture path corresponds to failure along lath/block boundaries 

with translath steps (Fig. 5b).    In both cases, intense slip bands (deformation bands) were 

observed altering the lath boundaries.  Similar fracture features were observed in several ultra-

high strength martensitic steels, and were interpreted following the same fracture path and as 

having been formed by a similar mechanism [80].  In contrast to hydrogen-induced fracture 

surfaces, the low temperature fracture “quasi-cleavage” path (Fig. 5c) was observed to be {100} 
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plane cleavage, and, as expected for true brittle failure, there was no significant change in the 

microstructure compared to before deformation. 

The degree of hydrogen-induced intergranular and “quasi-cleavage” fracture features in lath 

martensitic steel depend upon many factors, including the strength of the steel, the hydrogen 

content, and the charging conditions [5].  In general, a larger percentage of the fracture surface 

will be comprised of these features with increasing steel strength and increasing hydrogen 

content.  It has been shown that intergranular failure tends to propagate suddenly, while “quasi-

cleavage” fracture follows more gradually [81], suggesting that understanding the difference and 

controlling for the process may lead to increased hydrogen resistance.   Figures 6a and c show 

the TEM bright-field micrographs of the microstructure immediately beneath the intergranular 

fracture surface and the “quasi-cleavage” fracture surface, respectively.  In Figs. 6a and c, arrows 

and arrowheads show, respectively, the slip bands and discernible lath boundaries.  The tracings 

of Figs. 6a and c are shown in Figs. 6b and d for clarity.  There is a distinct difference between 

the microstructure underneath the two fracture surfaces with regard to the directions of activated 

slip systems relative to the lath structures.  As shown in Figs. 6a and b, beneath the intergranular 

fracture surface, slip bands are approximately parallel to the lath boundaries and they are 

inclined to the prior austenite grain boundary.  On the other hand, beneath the “quasi-cleavage” 

fracture surface, slip bands are inclined to the lath boundaries and intersect with the fracture 

surface, Figs. 6c and d.  Which type of boundary fails (lath/block or prior austenite grain) 

appears to be dependent upon which slip systems were most active and which boundary the 

resulting slip bands intersect, as determined by local constraint and microstructure.  Controlling 

features such as prior austenite grain size and martensite packet/block size may allow control of 

the degree of intergranular failure and improve mechanical performance in a hydrogen 

environment [80]. 
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. .  

Figure 5. TEM bright-field micrographs showing microstructure immediately under fracture 
surfaces of ruptured four-point bend specimens of a lath martensitic steel: (a) under a 
hydrogen-induced “flat” fracture surface produced at room temperature; (b) under a 
hydrogen-induced “quasi-cleavage” fracture surface produced at room temperature; (c) under 
a “quasi-cleavage” fracture surface produced at low temperature. Arrows and arrowheads 
indicate slip bands and lath boundaries, respectively. [76] 
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Figure 6. TEM bright-field micrographs and tracings showing microstructure immediately 
under hydrogen-induced intergranular (a, b); and “quasi-cleavage” fracture surfaces (c, d). 
Arrows and arrowheads in (a, c) indicate slip bands and lath boundaries, respectively. Dashed 
lines indicate slip bands and solid lines denote lath boundaries in (b, d). [82]  

 

Hydrogen microprint technique [83], in which AgBr is reduced to Ag by hydrogen, was used 

to visualize hydrogen distribution on hydrogen-induced fracture surfaces [82].  Hydrogen 

accumulation was observed close to the prior austenite grain boundary on a “quasi-cleavage” 

fracture surface, consistent with hydrogen transport to boundaries by dislocation activity.  High 

angle boundaries such as prior austenite grain boundaries, packet and block boundaries can 

create dislocation pile-ups at the boundaries by hindering the dislocation movement which 

results in a greater local hydrogen accumulation near the boundaries. 

An increase in dislocation processes in the presence of hydrogen was evident from the partial 

destruction of the lath/block boundaries observed beneath the fracture surfaces.  Moreover, the 

extensive depth of the dislocation activity suggests that the evolved microstructure existed prior 

to crack advance, and was not a consequence of an advancing crack.  It is rationalized that HELP 
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led to an increase in the dislocation density and activity close to the boundaries, which resulted 

in modification of the boundary structures [76].  Increased dislocation density hardens the 

matrix, raises the local stress, and increases hydrogen concentration at the boundaries which, 

consequently, reduces the cohesive energy of the boundaries.  Fracture along the boundaries is 

the result.  Intergranular failure results when slip systems intersect prior austenite grain 

boundaries that have been weakened by the locally accumulated hydrogen and “quasi-cleavage” 

occurs when they intersect block boundaries of which cohesive strength has been reduced by 

hydrogen.  The interaction of slip systems with the different boundary types, the change in the 

energetics of the boundaries due to the slip transfer process, and the accumulated hydrogen 

should determine which boundaries fail.  Thus, similarly to the boundary failures discussed in 

Section 3.2, both hydrogen-induced fracture surface morphologies in lath martensitic steel were 

driven by a hydrogen-enhanced and plasticity-mediated decohesion mechanism.   

5. HELP in austenitic steels 

Austenitic steels are widely utilized for industrial purposes such as component members in 

automobiles, off-shore oil rigs, as well as for surgical instruments and other specialized parts.  It 

is a wide-encompassing material group, including alloy families like stainless steels (AISI 304, 

310S, 316, 316L, etc.), heat-resistant steels (JIS SUH310, SUH660, etc.) and high manganese 

steels (transformation-induced plasticity steel, twinning-induced plasticity steel, etc.).  Austenitic 

stainless steels are generally considered better for hydrogen service [84], as the face-centered 

cubic structure of austenite leads to significantly slower uptake of hydrogen.  Under certain 

conditions, austenite can transform to martensite at low temperature or by deformation, but this 

generally depends on factors such as chemical composition, and even an alloy labeled as “stable” 

may still exhibit some degree of transformation to martensite.  

Despite the improvement in performance compared to most ferritic and martensitic steels, the 

presence of hydrogen still results in a reduction in the mechanical performance of austenitic 

steels, and this deterioration manifests as decreased elongation, enhanced fatigue-crack growth 

rate, and reduced fracture toughness, analogously to in other susceptible materials. Metastable 

austenitic steels in particular show high susceptibility to hydrogen embrittlement, where the 

transformation to martensite can make the hydrogen-induced failure mechanism of austenitic 
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steels rather complicated.  Despite numerous studies focusing on elucidating the hydrogen 

embrittlement mechanism of austenitic steels [84–90], the mechanism is still not clearly 

understood. 

5.1. Differences between austenitic and ferritic steels pertaining to the hydrogen effect 

The face-centered cubic structure of austenite leads to certain differences in behavior, 

especially as regards the hydrogen effect.  Due to the differences in crystal structure, the binding 

energy, size, and nearest-neighbor distances of hydrogen interstitial sites in austenite are 

different from in ferrite, and, consequently, the diffusivity of hydrogen in the austenitic matrix is 

significantly lower compared to that in body-centered cubic ferritic materials, by as much as 5 

orders of magnitude [91].  This has an impact on how these materials can be tested for hydrogen 

effect:  a slow strain rate is needed to allow time for sufficient hydrogen accumulation in the 

material from the gas environment to occur, but the lowest practical strain rates for tensile tests 

may still be too fast.  The consequence is that most room temperature tensile tests of austenitic 

steels in hydrogen atmosphere will not show an effect of hydrogen on the mechanical properties 

[92], though pre-cracked or fatigued specimens will [84].  Techniques such as pre-charging in a 

higher temperature hydrogen environment are typically employed to overcome this problem, 

though, if not correctly done, hydrogen effects will be limited to a thin surface layer. 

Due to the nature of austenite (thermodynamically a high temperature phase), the 

microstructure of “austenitic” steels can be complex, ranging from 100% austenite grains to 

mixtures of austenite grains with ferrite, ε-martensite (hexagonal cubic packed phase), or α’-

martensite grains, depending upon processing of the material.  For example, upon cooling, 

austenitic welds can become a duplex structure containing austenite and ferrite grains [93].  In a 

duplex material, differences in hydrogen-influenced behavior can be expected:  the ferrite phase 

acts as a fast pathway for hydrogen diffusion through the material, and differences in mechanical 

response of the two different phases can be exacerbated by the HELP effect.  It was found that 

the resistance to hydrogen fracture of duplex austenite/ferrite microstructures tended to decrease 

with increasing ferrite content [94].  Additionally, as mentioned earlier, martensitic phases can 

form during deformation, and their formation is thought detrimental, with improved austenite 

stability, and factors contributing to it, such as increased nickel content, being associated with 

improved hydrogen performance [92].   
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 There is a variety of deformation modes available in austenitic stainless steels: dislocation 

glide, mechanical twinning, and martensitic transformation.  Which deformation mode is 

dominant depends on the stacking fault energy (SFE) of the material: displacement 

transformations to ε-martensite occurring with low SFE, dislocation glide occurring with high 

SFE, and mechanical twinning dominating in the intermediate regime [95].  Hydrogen effects, 

such as HELP processes, will almost certainly still impact these processes.  Hydrogen has a 

tendency to induce phase transformations from austenite to either ε- or α’ martensite [96].  As for 

twinning, nitrogen, which is known to decrease SFE, tends to lower the strain for the onset of 

deformation twinning [97], suggesting that hydrogen could also have a similar effect.  In fact, 

TEM studies found that hydrogen caused a 19% reduction in the SFE of a 310S stainless steel 

[32], which may be sufficient to alter the dominant deformation mode.  It is important to note 

that twinning and strain-induced martensitic transformations occur through the action of 

successive partial dislocations.  Observations show that the presence of hydrogen tends to lead to 

thinner twins during deformation, by enhancing planar slip [94,98].  Hydrogen impacts the 

mobility of perfect and partial dislocations [43], and austenitic steels are not an exception to the 

observation of increased mobility [99,100].   

While which deformation mode is dominant will evidently affect the austenitic steel’s 

performance in a hydrogen environment, it was found that hydrogen susceptibility is not 

correlated with SFE [101], suggesting that hydrogen embrittlement is not necessarily dependent 

on the deformation mode.  However, there does seem to be a general trend in susceptibility that 

correlates with austenite stability  [102–104], as shown in Figure 7.  Figure 7 compares the 

performance of various austenitic steels in helium and in hydrogen, with a lower relative 

reduction in area (ratio of the reduction in area in hydrogen to the reduction in helium) shown in 

tensile testing indicating poorer performance in hydrogen [104].  As the stability of austenite 

generally rates as 310S as the most stable, then 316, then 304 as the least stable of the three, 

there is a clear decrease in hydrogen performance with decreasing stability.  However, there is a 

lack of direct evidence that the transformation to martensite is critical to the degradation of 

ductility in hydrogen [84].  It is also notable that Figure 7 also clearly demonstrates that there is a 

specific temperature range in which hydrogen embrittlement occurs.  The greatest embrittlement 

occurs at temperatures below room temperature for these austenitic stainless steels, and that is 



M
ANUSCRIP

T

 

ACCEPTE
D

ACCEPTED MANUSCRIPT

20 

thought to be due to the lowering of the SFE with temperature, leading to more localized 

deformation [105], and therefore exacerbating the HELP effect. 

 

Figure 7. The relative reduction of area for 304, 310S and 316 austenitic stainless steels 
tensioned in 1 MPa hydrogen versus 1 MPa helium gas as a function of testing temperature.  S 
and SD indicate sensitized and desensitized heat treatments, respectively [104].  Sensitization 
affects the number of grain boundary carbides, which, acting as additional hydrogen trapping 
sites and crack nucleation sites, can affect hydrogen susceptibility. 

 

5.2. Hydrogen-induced failure in austenitic steels 

Hydrogen can have a wide-range of effects on the fracture of austenitic steels, depending 

upon the alloy and the hydrogen loading conditions.  As several alloys, especially those stable 

with respect to austenite-to-martensite transformations, are considered resistant to hydrogen, one 

would expect little to no change in their mechanical behavior or the ductile fracture mode due to 

the presence of hydrogen.  In 316L steel, similar-sized dimple failure was observed in both the 

hydrogen-charged and uncharged samples, and accordingly, no difference in the deformation 

behavior was observed [102].  In other studies [92], though the failure mode remained ductile, a 

shift to smaller average dimple sizes was observed, which was attributed to an increased number 

of void nucleation events.  Hydrogen was proposed to have two impacts on void nucleation:  

decrease in the strength of the particle/matrix interface, and increased slip localization leading to 

dense slip bands impinging on particles and generating higher stresses than if the deformation 

were more homogeneous. 
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In some alloys and conditions, the presence of hydrogen results in the elongation of the voids 

on the fracture surface [98,105,106], often associated with a drop in fracture toughness.  This is 

still a ductile failure, but instead of nucleating the voids at locations (such as inclusions), these 

voids initiate at the intersection of deformation bands with other deformation bands or grain 

boundaries [98,107].  This transition becomes more obvious when comparing samples of 

304L/308L weld metals fractured in the presence of hydrogen at room temperature and at 223K 

(-50°C) [105], where the lower temperature is thought to exacerbate the localized deformation by 

decreasing the SFE, generating thinner deformation twins, and altering the free-energy 

differences between the different phases.   

When hydrogen-induced deformation bands intersect grain boundaries, they may create voids 

along the grain boundary.  The presence of a critical number of voids may sufficiently weaken 

the boundary such that intergranular failure occurs [107–109].   

High coherence twin boundaries (low-Σ boundaries) are known for their resistance to 

intergranular failure.  Several studies have shown that increasing the number of strong low-Σ 

boundaries (such as Σ3 twin boundaries) to a material can reduce the tendency for intergranular 

failure [110,111].  In addition to their strength, it is thought that their coherency would make 

them poor hydrogen traps.  However, in the presence of hydrogen, cracking along these 

boundaries has been found in certain austenitic steels [90,109,112], resulting in flat features on 

the fracture surface, particularly in a class of steels dubbed TWIP (twinning induced plasticity) 

steels, wherein, as the name suggests, the principal deformation mode is twinning.  In TWIP 

steels, cracks formed in the presence of hydrogen propagated primarily along grain boundaries 

and deformation twin boundaries, while initiation occurred at grain boundary triple junctions or 

twin/twin intersections [112].  Deformation twin intersections can be the site of microcracking 

even in the absence of environmental effects [97].  Twin lamella act as efficient obstacles, 

preventing further twin propagation, with the result that high internal stresses are built up at these 

intersections.  And elements which decrease the stacking fault energy (such as hydrogen) 

increase the ductile-to-brittle-transition temperature due to this behavior.  In a single-crystal test, 

cracking occurred along deformation-induced twins in the presence of hydrogen [113].  These 

stress concentrators can also cause the cracking of nearby boundaries [112].  It is proposed that a 

combination of these high stress concentrations, located at the tips of deformation twins 
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intersecting obstacle twins, and the local disturbance of the obstacle twin boundary coherency by 

dislocation activity can lead to cracking along these supposedly strong low-Σ boundaries [112]. 

Martensitic transformations near grain boundaries can also lead to twin boundary failure 

[114].  Martensite clusters intersecting a twin boundary create a zigzag phase boundary in place 

of the originally straight twin boundary line.  Due to the formation of martensite on either side of 

the boundary, it was typical for the distribution of martensite to be different, leading to sections 

of boundary with martensite on one side and austenite on the other.  Due to the difference in 

hydrogen diffusivity and solubility in martensite and austenite, it was proposed that hydrogen 

accumulation would occur at these boundaries.  The combination of the high stress, high 

hydrogen concentration and brittle phases leads to boundary failure. 

In duplex steels, “quasi-cleavage” features tend to combine with ductile tearing to form what 

appear to be elongated void failures.  These “quasi-cleavage” features are due to failure through 

the ferrite phase, which appears to be due to cleavage-like processes, initiated by stress 

concentrations at the ferrite/austenite boundary from enhanced plasticity in the austenite phase 

[93,106,107].  Alternatively, the deformation in the austenite can promote cracking along the 

ferrite/austenite interface [93,94], in a similar process to those described above with 

austenite/martensite interfaces. 

5.3. Discussion 

Based on the above examples, it is clear that the HELP mechanism operates in the hydrogen-

induced failure process of austenitic stainless steels.  Whether the fracture features were ductile, 

brittle transgranular, or boundary failure, they all were associated with enhanced localized 

plasticity, whether in the form of planar dislocation slip, twinning or martensitic transformations.  

In fact, in a study looking at the effects of stabilizing the austenite, it was found that the best 

performance was not by a steel that was composed of completely stable austenite, it was a steel 

with initially 100% austenite and limited transformation to stable ε-martensite during 

deformation [103].  It is proposed that by controlling the plasticity in the form of martensitic 

transformations, where the trailing partial dislocation is stationary, and avoiding dislocation slip, 

some of the HELP effects can be suppressed, leading to improved hydrogen performance.   
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The factors that control which deformation and failure processes will be dominant are still 

unclear.  For example, whereas the martensite intersecting twin boundaries is the primary cause 

of failure in one case [114], in another case, while present along deformation bands in the 

vicinity of cracks in the duplex steel [94], it does not appear to impact the failure.  In fact, 

hydrogen’s impact on the martensitic transformation is still unknown.  This is a broad field, still 

requiring additional study, but it is clear that understanding the deformation processes is a crucial 

piece.  

6. Atomistic modeling of the underlying principles of HELP mechanism 

Hydrogen is notoriously tricky to detect by certain experimental techniques, and certain 

measurements (with or without hydrogen) are not yet possible to achieve, especially at the 

atomic scale.  Correspondingly, there is still information that is lacking in order to have a full 

understanding of hydrogen-metals interactions.  This gap can be addressed through atomistic 

modeling.  It is important to note that there are certain systematic issues with atomistic models:  

calculations are generally conducted at or close to a temperature of 0 K, and, due to computation 

time costs, time scales in a dynamic simulation are typically short, resulting in issues such as 

extremely high strain rates.  This is worth noting because hydrogen embrittlement is sensitive to 

temperature and strain rate, and is known to not occur at low temperatures and high strain rates.  

In spite of these drawbacks, however, useful information can still be gleaned from atomistic 

simulations.  In the following, atomistic simulations of some of the underlying features of the 

HELP mechanism are reviewed along with their impacts on the understanding of the mechanism. 

6.1. Hydrogen-modified dislocation mobility in steels 

The hydrogen’s influence on dislocation mobility is the cornerstone of the HELP mechanism, 

and yet the underlying mechanism at the atomic scale for why it occurs is still not well 

understood.  Atomistic modeling of hydrogen-dislocation and dislocation-dislocation interactions 

in the presence of hydrogen can provide valuable insight into the mechanism. 

Supporting mechanisms for the elastic shielding effect of hydrogen were established by 

addressing atomistic interaction of hydrogen atoms with dislocations.  By using ab initio 

calculations, Lu et al. demonstrated hydrogen-enhanced individual dislocation motion in 

aluminum at the atomic scale [37].  They argued that a plausible explanation of HELP should 
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consider the hydrogen atoms trapped in the dislocation core area as well.  They found that 

hydrogen at the dislocation core in aluminum can reduce the dislocation line energy, modify the 

dislocation core structure, and decrease the Peierls stresses of edge, screw and mixed 

dislocations by more than one order of magnitude.  However, given the already low Peierls stress 

of a dislocation in aluminum, it is arguable whether this would have a significant impact on 

behavior.  The reduction of Peierls stress and dislocation line energy have also been shown on 

individual edge [115] and screw dislocations [116] of α-iron by molecular dynamic (MD) studies 

with density functional theory (DFT)-based empirical potentials.  Another series of DFT, MD, 

and elastic line tension calculations has revealed that hydrogen atoms trapped in the dislocation 

core area can also facilitate the formation of screw dislocation kink-pairs in α-iron, in a limited 

temperature range, by lowering the kink nucleation energy [38,116–118], thus enhancing the 

mobility of dislocations.  Accounting for local hydrogen-hydrogen interactions in the hydrogen 

atmosphere surrounding the dislocation results in an amplification of the elastic shielding effect 

in simulations [119]. 

It is important to note that besides the influence on individual dislocation motion, the 

hydrogen-induced shielding effect on the dislocation elastic stress field can also reduce the 

interaction energy of dislocations with other obstacles, resulting in the easy multiplication of 

dislocations and highly-developed dislocation structures.  MD simulations on α-iron nano-

crystals found that hydrogen increased dislocation density by 25% at a strain of 10% in uniaxial 

tension, and changed the deformation morphology from discrete slip in the absence of hydrogen 

to homogeneous in its presence [120].  However, the approaches of MD simulations remain 

limited at describing large scale dislocation-dislocation and dislocation-hydrogen interactions 

due to the unavailability of sufficiently accurate metal-hydrogen and metal-metal interatomic 

potentials to properly describe dislocation motion [121,122].  Other limitations of the MD 

models include the limited volume that can be modeled, resulting in a small number of 

dislocations included, and a possibly unphysically small equilibrium distance in their spacing 

(less than the 40-120 nm distances measured in TEM studies [9]).  There is a scarcity of ab initio 

studies on the mutual interactions of dislocations and on dislocation-barrier interactions.  Further 

study on this issue requires improvements in accuracy and efficiency of the empirical potential 

and calculation methods. 
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6.2. Hydrogen induced slip planarity  

In face-centered cubic crystal systems, hydrogen induced slip planarity can promote the 

transformation of homogeneous macroscopic plastic deformation into intense shear.  When the 

slip behavior is dominated by planar slip, because the Peierls energy barrier for the edge partial 

dislocation is much lower than a perfect screw dislocation, the deformation process can evolve at 

lower stress levels.  There are two viable explanations for hydrogen induced slip planarity.  The 

first considers that hydrogen-reduced stacking fault energy will result in an increase of the 

equilibrium separation distance between two edge partials, and thus prevent constriction, a 

critical step for cross-slip to occur [28,123,124].  However, in an MD simulation of the Ni-H 

system, the trapping energy of hydrogen at a stacking fault was calculated to only be 0.075 eV, 

compared to 0.1-0.3 eV for dislocations [125,126], so, it is unlikely that hydrogen would have a 

significant effect on the separation distance by the lowering of the stacking fault energy.  

Experimental results revealed that the reduction of stacking fault energy is at most 20% in 

austenitic stainless steel [32] and 35% in Ni [124], though the importance of this reduction is 

under debate since ab initio calculations have shown that dissociation behavior was stable even 

with 40% reduction of stacking fault energy [37].  The open question remains on whether the 

magnitude of reduction on stacking fault energy is sufficient for an increase in slip planarity.  

Another explanation for slip planarity is based on the energetic comparison that the binding 

energy of hydrogen to an edge partial dislocation is higher than that to a perfect screw 

dislocation [10,19,90].  For instance, the binding energy of hydrogen to edge dislocations in 

aluminum is twice of that of screw dislocations [37].  Therefore, the constriction process for 

cross-slip of screw dislocations requires extra energy consumption to “pump” hydrogen atoms 

out of the energy wells of edge dislocations to allow them to reorient to screw-type.  

Additionally, the latter explanation suggests that the attractive interaction of the edge partial 

dislocations can be decreased by hydrogen shielding effect which will also result in an increase 

in the separation distance and the work required for constriction, and therefore will encourage 

planar slip behavior. 

6.3. Hydrogen-enhanced dislocation motion and fracture mechanics 

Because of the limited capability of current atomistic simulations in spanning the diffusion 

time-scales in most metals, it is difficult to mimic the hydrogen transport behavior along with 
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dislocation motion, especially at the intermediate/high plastic strain level before the failure 

event.  The evaluation of all essential factors in hydrogen-related dynamic crack propagation 

behavior still remains a challenge in current state-of-the-art modelling approaches.  To simplify 

the problem, different aspects, for instance, the effects of local hydrogen concentration, 

dislocation emission behavior, and modification of local atomic configurations, have been 

studied separately.  However, it is noteworthy that none of these models directly account for the 

dynamic hydrogen-dislocation interactions and hydrogen transport by dislocations, which are 

envisaged as key factors for linking hydrogen-enhanced plasticity with a fracture mechanism. 

Most of the simulations on crack behavior in the presence of hydrogen focused on the 

intergranular fracture mode, since it is representative of the hydrogen-induced ductile-to-brittle 

transition in most metals.  To evaluate the role of plasticity processes, one important question is 

whether the hydrogen-induced reduction of the grain boundary cohesive energy by itself can 

induce intergranular fracture.  By applying the classic Gibbs adsorption isotherm to the 

separation process of grain boundaries, the Hirth-Rice model [127] and, subsequently, the Rice-

Wang model [128] suggest that whether a segregant has a strengthening or embrittling effect on a 

grain boundary is strongly dependent on its segregation energy to the grain boundary (GB) and 

to the separated free surfaces (FS).  That is, if trapping sites on FS are energetically more 

favorable by the segregant atoms than the trapping sites on GB, the crack under external stress is 

expected to propagate along GB.  The embrittlement potency was defined as the difference 

between the segregation energy on GB and on FS ( seg seg
em GB FSE E E∆ = − ) by Freeman and co-

workers [129–135].  They stated that, if a segregant has 0emE∆ > , it is a potential embrittler and 

may induce intergranular fracture.  

The Rice-Wang model has been successfully applied to identify the embrittling and 

strengthening effect of different atom species in α-Fe and Ni [134].  Using the Rice-Wang model 

and experimentally-derived segregation energies for H atoms in α-Fe, Anderson et al. [136] 

predicted that the ideal work of separation can be decreased by 56% at 0.01 atm hydrogen gas 

pressure, in which hydrogen coverage was assumed to be around 16 nm-2.  Zhang et al. [133] 

calculated the embrittlement potency of hydrogen on a Σ3(111) boundary in α-Fe as +0.26 eV 

through first principle calculations, while Yamaguchi et al. [137,138] found the potency as +0.34 

eV with a 60 ‒ 70% reduction in the ideal work of separation using a similar approach.  As noted 
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in Rice and Wang’s work [128], there is no unique value of segregation energy, as the energy 

depends on the trapping site and the type of grain boundary.  The generated surface energy may 

also influence the likelihood of grain boundary fracture.  For example, Kirchheim et al. applied 

this notion to explain why some coherent twin boundaries may fail preferentially due to the 

presence of hydrogen, despite the lower energy of twin boundaries compared to general grain 

boundaries: a (111)-oriented fracture surface has the smallest surface energy and the largest 

hydrogen coverage, making it more energetically favorable than the result of separating a general 

grain boundary [139].   By applying molecular statics calculations to <100> tilt boundaries in α-

Fe, Solanki et al. [140] found that the hydrogen segregation energy in different trap sites strongly 

depends on the local atomic GB structure.  

It is not always the case that positive embrittlement potency should be related to 

embrittlement and intergranular failure.  For instance, Yuasa et al. [141] calculated the 

embrittlement potency in the Mg-H system as +0.19 eV, but they obtained a strengthening effect 

from a first-principles computational tensile test; they attributed the experimentally observed 

intergranular fracture to hydrogen-suppressed dislocation emission from grain boundaries.  

Although the calculated positive embrittlement potency in the α-Fe-H system predicted a 

likelihood of intergranular failure, experiments have shown that the predominant failure mode of 

α-Fe in high pressure hydrogen gas is transgranular [142], and that hydrogen-induced 

intergranular fracture is only found for cases with severe cathodic charging [56,143,144].  

Therefore, in order to evaluate the importance of ideal work of separation in controlling 

hydrogen-induced fracture behavior, the geometrical effect of different trapping sites and the 

environmental effect on H excesses (coverages) need to be addressed. 

Wang et al. [145,146] applied a molecular statics calculation with a DFT-based empirical 

potential to probe the trapping states of hydrogen in 50 types of <100> symmetric tilt boundaries 

and 50 types of <110> symmetric tilt boundaries with different misorientation angles in α-Fe.  

The effect of environment, i.e., the fugacity/pressure of hydrogen, on the local hydrogen excess 

was considered by modifying the chemical potential of hydrogen in the system and linking the 

chemical potential to hydrogen pressure through thermodynamic equations [147].  Their studies 

showed that the cohesive energy of grain boundary decreases precipitously even with low 

hydrogen gas pressure, but the reduction is much less than that predicted by Anderson et al. [136] 



M
ANUSCRIP

T

 

ACCEPTE
D

ACCEPTED MANUSCRIPT

28 

and Yamaguchi et al. [137,138].  

Figure 8 illustrates two examples of the effect of hydrogen pressure on grain boundary 

cohesive energy, i.e. the ideal work of separation for the fracture process.  The horizontal dashed 

lines indicate the ideal work of separation without hydrogen, and the solid lines denote the work 

with hydrogen by assuming that all trapping sites with segregation energy lower than an 

octahedral lattice site are available to hydrogen atoms.  In the Σ3(111)GB−(111)FS system, Fig. 

8a, the ideal work of separation in hydrogen int2 Hγ  is decreased by 10% at 1 atm and by 20% at 

1000 atm.  For Σ5(120)GB−(120)FS case, Fig. 8b, the reduction is 18% at 1 atm and 32% at 

1000 atm.  In both cases, there is a rapid drop in the cohesive energy after the introduction of 

hydrogen, and then the decrease rate is very slow at pressures higher than 1000 atm.  By 

comparing the 100 different boundary types investigated, Wang et al. concluded that the 

magnitude of the reduction in the cohesive energy is strongly dependent on the grain boundary 

type.  Moreover, they demonstrated that estimating the decrease of cohesive energy by using 

embrittlement potency always overestimates the H decohesion effect on the ideal GB work of 

separation (horizontal solid lines in Fig. 8); compare the calculated reduction of 70% by 

Yamaguchi et al. [137,138] with the 32% reduction calculated in this study by Wang et al.  

 

Figure 8. The ideal work of separation for (a) Σ3(111)GB and (b) Σ5(120)GB at different 
hydrogen gas pressures in α-Fe. Adapted from [145,146]. The horizontal dashed lines 
indicate the work without hydrogen, and the solid lines indicate the work predicted by 
assuming all trapping sites available.  

 

This potentially insufficient decrease in grain boundary cohesive energy leads to the question 

of what other factors hydrogen can influence to cause intergranular failure.  One reason invoked 
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for the change in fracture mode is the modification of the local atomic configurations around the 

crack path by dislocation emission and dislocation interactions with other defects [148].  

Taketomi et al. [149] investigated the effect of hydrogen on the emission of a {112}<111> edge 

dislocation from a mode II crack tip in α-Fe using MD simulations, and found that the hydrogen-

enhanced dislocation emission is proportional to the hydrogen content around the crack tip.  

They attributed this result to a linear reduction of stacking fault energy induced by hydrogen.  It 

should be mentioned that in opposition to Taketomi et al.’s result, Song and Curtin [150], using a 

different empirical potential, reported a suppression effect of hydrogen on the dislocation 

emission during loading of a mode I crack tip in the α-Fe system. Such a discrepancy could be 

caused by either the accuracy of the empirical potential or the different method for loading the 

system. The fact that these discrepancies exist demonstrate how necessary it is to use proper 

empirical potentials and algorithms for handling the dislocation-hydrogen dynamic interactions 

in order to correctly predict the behavior at the atomic scale. Using the approach of virtual strain-

controlled tensile deformation in a MD calculation, Kuhr et al. [151] investigated the mechanical 

response of a Ni polycrystalline model with randomly generated grain boundaries with hydrogen 

coverage of up to 8 H-atoms/nm2.  They found that increased hydrogen concentration on the 

grain boundary produces more disordered structures in the boundary.  These structures have extra 

free volume for accommodating hydrogen atoms and facilitate the emission of Shockley partial 

dislocations from these sites.  As a result, the number of dislocations in pile-ups at grain 

boundaries was increased by hydrogen, and significant plasticity around the grain boundary was 

attained.  These results also suggest that the crack growth rate increased at locations where 

dislocation pile-ups impinge on the grain boundary.  Adlakha and Solanki examined slip 

transmission across grain boundaries in α-Fe by MD calculation [152].  They found that 

hydrogen consistently increases the energy barrier for slip transmission, and claimed that the 

accumulation of plasticity induced by slip transmission provides an effective transport medium 

for hydrogen to be deposited at the GB.  If the dislocations interacting with the GB are 

transporting hydrogen, the accumulation of H on GB can be enhanced, as incoming dislocations 

deposit hydrogen, emitted dislocations may remove hydrogen, but incoming-to-emitted 

dislocations rarely occur in a 1-to-1 ratio [153,154].  Additionally, the transfer of dislocation slip 

and the hydrogen-induced change in dislocation structure in the vicinity of a GB could increase 

the local disorder of the grain boundary allowing the boundary to accommodate more hydrogen 
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as additional low energy sites are generated.   

Full intergranular fracture of Fe was achieved by cathodic charging of hydrogen at a current 

density of 20 A/m2 [144], which is equivalent to a hydrogen gas pressure of 104 atm.  At this 

pressure, the reduction of cohesive energy calculated by Wang et al. is around 37%.  As 

mentioned in Section 3, recent studies of the microstructure beneath hydrogen-induced 

intergranular fracture surfaces [55,56] indicate that hydrogen-enhanced plasticity and the impact 

of that change on dislocation-GB interactions probably play a critical and determining role in 

establishing the conditions for intergranular fracture by boundary decohesion.  Combining the 

experimental observations of high dislocation activity and these calculations, a mechanism for 

attaining high levels of hydrogen on grain boundaries becomes evident.  Under this scenario, the 

final fracture behavior is not solely induced by the reduction of the grain boundary cohesive 

energy, but by a combined effect of hydrogen-enhanced plasticity and boundary decohesion. 

 

7. Continuum modeling supporting the HELP mechanism 

One of the main challenges in hydrogen embrittlement research is to establish a relationship 

between the hydrogen/deformation interactions observed at the microscopic scale and a fracture 

process that leads to macroscopic failure.  Numerous studies have shown that hydrogen can 

increase the velocity of dislocations in various materials with different crystal structures [7,18–

26].  In order to explain the effect of hydrogen on dislocation mobility, Birnbaum and Sofronis 

[13,14] investigated the interaction of a dislocation with another defect, such as another 

dislocation or an impurity atom, in the presence of hydrogen.  Through their analytical and 

numerical analysis, they showed that, as the defects start to interact, the solute hydrogen 

atmosphere around the defects minimizes the total energy of the system, and thereby shields the 

elastic interaction between them.  By weakening the barrier to dislocation motion, hydrogen 

accelerates dislocation mobility in the material.  By elucidating a physically based explanation of 

elastic shielding, they established a scientific basis for the HELP mechanism as a viable 

explanation for hydrogen effects in metals. 

By modeling the hydrogen distribution around an edge dislocation through discrete dilatation 

centers, Chateau et al. [123] numerically solved the coupled elasticity-diffusion problem, and 
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proposed an explanation for the increase in planarity observed in nickel single crystals due to the 

presence of hydrogen.  They showed that hydrogen can increase the dissociation distance 

between the partial dislocations due to a decrease in the attractive force between their edge 

components.  Such an increase in separation distance between the partials due to the shielding 

effect can have a large impact on the recombination work of partials (a 25% increase in 

equilibrium distance results in an increase of 60% of the recombination work); thus, the 

probability of cross-slip is decreased in the presence of hydrogen even if the stacking fault 

energy is unaffected by hydrogen.  This influence on the separation of partials was also observed 

in a nickel-hydrogen system using the Monte Carlo calculation in [119]. 

Chateau et al. [155] also used discrete dislocation theory to study dislocation pile-ups against 

an obstacle at a crack tip in the presence of hydrogen.  Hydrogen, by shielding the interactions 

between dislocations, caused the equilibrium positions of the dislocations in the pile-up to move 

toward the obstacle.  Considering the same number of dislocations in the pile-up in the absence 

and presence of hydrogen, it was found that, despite the shift in dislocation position, the presence 

of hydrogen does not change the force acting on the obstacle in the plane of pile-up.  However, 

out of this plane, hydrogen can increase the normal stress and facilitate the crack nucleation on 

other planes.  This provides a viable explanation for the observation of micro-fracture occurring 

along alternating slip planes in a stress corrosion cracking experiment of austenitic stainless 

steel. 

To account for the hydrogen-induced acceleration of dislocations in a larger-scale continuum 

model, Sofronis et al. [156] introduced local flow stress reduction that varies with hydrogen 

concentration into a material constitutive model.  The model was not an exhaustive description 

of the response of the material’s microstructure to the presence of hydrogen, but an attempt to 

incorporate the effect of hydrogen on dislocation mobility.  Using this hydrogen-induced 

softening model, Sofronis et al. [156] derived the condition for shear localization of uniaxial 

specimens loaded under plane strain conditions.  Shear localization is a form of plastic instability 

where the deformation is localized into a narrow band of intense shear.  It was shown that 

hydrogen-induced material softening and lattice dilatation at the microscale can trigger 

macroscopic shear localization.  It should be noted that such behavior is not possible for a 

hardening material under uniaxial tension in the absence of hydrogen. 
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Liang et al. [157] used a similar hydrogen-induced softening material model to ascertain the 

role of hydrogen in determining the onset of bifurcation of a homogenously deformed specimen 

under plane strain tension into necking or shear localization.  The bifurcation was found by 

introducing either a geometric imperfection in the shape of uniaxial specimen or a local 

perturbation in the initial hydrogen concentration field.  It was concluded that hydrogen can 

intensify and accelerate the deformation mode occurring in the absence of hydrogen, and can 

lead to earlier formation of localized shear bands.  The results of these simulations showed that 

hydrogen can lower the threshold for plastic instability of materials, as has been observed 

experimentally [158]. 

The effect of hydrogen on void growth and coalescence was studied by Liang et al. [159] and 

Ahn et al. [160] utilizing hydrogen-induced local flow stress reduction within a unit cell analysis.  

In the unit cell approach, introduced by Koplik and Needleman [161] and Pardoen and 

Hutchinson [162] for non-hydrogen applications, the growth of a spherical void at the center of 

an axisymmetric cylindrical unit cell is analyzed through the finite element method.  The unit 

cell is loaded macroscopically by principal axisymmetric stresses while triaxiality is held 

constant.  Application of the model showed that, at high triaxialities in niobium [159], hydrogen 

accelerated the void growth with a negligible effect on void coalescence.  On the other hand, at 

low triaxialities, hydrogen had a small effect on void growth but promoted void coalescence.  

For the case of A533B steel, Ahn et al. [160] demonstrated that hydrogen can promote void 

growth and coalescence at all levels of stress triaxialities with hydrogen having a decreasing 

effect on void coalescence as triaxiality is increased.  The variation between the models of 

niobium and steel was attributed to the difference in trap density and strength of these systems.  

Ahn et al. [160] also observed that hydrogen caused the formation of a localized shear band 

emanating from the void surface in A533B steel at triaxiality equal to 1. 

Ahn et al. [163] investigated the relationship between crack propagation and HELP using a 

two-scale microscopic/macroscopic modeling approach.  Macroscopic crack propagation 

simulations were conducted using cohesive elements whose traction-separation laws were 

obtained through microscopic unit cell calculations.  For the microscopic model, using the 

approach in [159] and [160], Ahn et al. [163] determined the response of individual void cells 

under different triaxialities with various hydrogen concentrations.  Therefore, for each triaxiality 

and hydrogen concentration set, they constructed a traction-separation law for the unit cell.  The 
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hydrogen-informed traction-separation laws were used in the cohesive elements laid ahead of a 

crack to study the crack propagation in A533B pressure vessel steel.  Their simulations showed 

that hydrogen can greatly reduce the fracture initiation toughness and the tearing resistance (the 

R-curve slope) of the material, as is observed in experiments.  They also showed that, by 

reducing the work of separation for materials around the voids ahead of the crack tip, hydrogen 

changes the mode of crack propagation. 

Somerday et al. [93] studied the effect of hydrogen on shear localization between 

microcracks.  Their experimental study of hydrogen-assisted crack propagation in welds of 

nitrogen-strengthened austenitic stainless steel 21Cr-6Ni-9Mn (21-6-9) suggested that, as the 

main crack opens, parallel microcracks forms at various locations ahead of the crack.  Upon 

further load increases, the ligaments between microcracks undergo an intense shear deformation 

and eventually fail, leading to linkage of the microcracks.  Intense shear deformation was 

observed in the material adjacent to steps on the fracture surface.  Using the hydrogen-induced 

softening model of [156], Somerday et al. performed finite element analysis of parallel 

microcracks under uniaxial straining to evaluate the deformation ahead of a main crack.  The 

results showed that while the ligament between the microcracks always experienced plastic 

deformation, hydrogen facilitated macroscopic intense shear deformation in the ligament.  In the 

absence of hydrogen, plasticity was evenly spread throughout the ligament, but, in the presence 

of hydrogen, a localized band was formed between the microcracks. 

Taking a synergistic action of HELP and hydrogen-enhanced decohesion (HEDE) into 

consideration, Novak et al. [164] presented a quantitative model for the prediction of brittle 

intergranular fracture of a high-strength martensitic steel in the presence of hydrogen.  

Hydrogen’s role was assumed to be twofold: i) shielding the stress between dislocations and 

therefore increasing the number of dislocations in the pile-ups and ii) reducing the reversible 

work of interface separation.  It was postulated that intergranular fracture in the presence of 

hydrogen is initiated by carbide/matrix interface decohesion due to impingement of dislocation 

pile-ups onto the carbides on the grain boundaries.  Weakest link statistics was used to model the 

strength of the carbide/matrix interfaces.  The interface strength was assumed to be related to the 

work of separation through the Smith model [165] which accounts for the dislocation pile-ups.  

Therefore, by reducing the work of separation, hydrogen reduces the carbide/matrix interface 

strength and promotes fracture triggered at the carbide/matrix interface.  Novak et al. [164] 
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implemented the model in a finite element framework for single-edged notched bending 

specimens of AISI 4340 steel.  The predicted fracture initiation bending loads for specimens 

charged with varying hydrogen concentrations were in a good agreement with experimental 

results.   

In a follow up study, Nagao et al. [166] used the micromechanical model of Novak et al. 

[164] to model the hydrogen-influenced fracture response of the lath martensitic steels discussed 

in Section 4 [76,167].  By simulating fracture through a hydrogen-enhanced plasticity 

decohesion process, Nagao et al. found that the introduction of nanosized (Ti,Mo)C precipitates 

increases the resistance of these steels by reducing the amount of hydrogen at the high angle 

boundaries that would otherwise help advance intergranular or quasi-cleavage fracture.  

In summary, continuum calculation approaches were used to explain and link the observed 

phenomena at the micro- and macro-scales.  Hydrogen’s effect on dislocation motion was 

explained through elastic shielding of the interaction of dislocations with other stress centers and 

increased slip planarity by increasing the recombination work of partial dislocations.  By 

incorporating the effect of hydrogen on dislocation mobility in a continuum sense through local 

flow stress reduction in materials, accelerated localized shear band formation and void growth 

and coalescence promotion were demonstrated in the presence of hydrogen.  Finally, the HELP 

mechanism was used to explain hydrogen-induced crack initiation and propagation resistance 

reduction. 

 

8. Conclusions 

While there are multiple proposed mechanisms for hydrogen-assisted failure, this review, by 

enumerating the experimental and numerical investigations underlying the hydrogen-enhanced 

localized plasticity (HELP) model, advances the thesis that HELP is the mechanism which best 

captures the fine nuances of the fracture behavior.  There is clear evidence that hydrogen 

influences the behavior of dislocations, and this is exacerbated in regions of high hydrogen 

concentration.  Due to the transportation of hydrogen by dislocations, this could produce a 

feedback loop of hydrogen-influenced dislocation behavior, which is evidenced by the 

dislocation structures observed directly underneath fracture features produced in hydrogen.  It is 
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these recent results of the University of Illinois and the University of Wisconsin group that have 

finally brought strong evidence of how local hydrogen-enhanced plasticity can lead to enhanced 

failure:  the mechanism of dislocation-mediated decohesion whereby the deformation structures 

formed due to the hydrogen-influence on dislocation motion are critical in establishing the 

conditions for failure.  A process such as decohesion, especially of interfaces, may be the final 

failure mechanism, but atomistic simulations suggest that these processes are usually insufficient 

on their own and that it is the action of HELP, by helping accumulate sufficient hydrogen to 

influence the cohesion and by changing the local stress state, which is crucial to the 

embrittlement process. 

There is a universal quality to the HELP mechanism, at least in structural materials such as 

nickel and ferritic, martensitic, and austenitic steels.  Through recent studies, it has become clear 

that fractographic studies focused solely on fracture surface features are insufficient to determine 

failure processes.  In fact, the main conclusion that could probably be drawn from fractography 

is that a complicated fracture surface indicates a complicated underlying microstructure.  And 

without understanding that microstructure, there can be no understanding of the fracture process. 

Even today, there still remains work to be done in the field of hydrogen embrittlement.  The 

HELP mechanism still has its shortcomings, partly due to the lack of critical pieces of 

information.  One of the most notable missing puzzle pieces is the exact location of hydrogen 

within the material, which new techniques such as atom probe tomography are showing promise 

of answering.  Another critical question is at what point do other phenomenon, such as reduction 

of the cohesive energy of local features such as secondary phase boundaries, become the driving 

forces for failure.  Atomistic simulations may also help answer some of these questions; however, 

their current greatest defects lie in the difficulty of modeling non-pristine crystals and 

encompassing conditions outside of absolute zero temperature and incredibly fast deformation 

rates, which correspond to conditions where hydrogen embrittlement is known to not occur.  

Lastly, possibly the most crucial shortcoming of the hydrogen embrittlement field is a dearth 

of predictive models.  Without predictive modeling, alloy design for hydrogen service still 

requires a great deal of testing, and relies upon old rules-of-thumb which, unfortunately, 

occasionally lead to catastrophic failures when subjected to regimes of more aggressive 

hydrogen embrittlement.  Modeling is progressing, especially since continuum modeling can 



M
ANUSCRIP

T

 

ACCEPTE
D

ACCEPTED MANUSCRIPT

36 

help explain processes, but the critical point is the complexity of the phenomenon.  Some of the 

work presented here has shown that using very complex continuum models, predictive 

capabilities are possible, since these complex models reflect the underlying physics of the 

problem.  And that is the goal of future work:  to physically capture enough features of the 

complex phenomenon that is hydrogen embrittlement so that proper materials selection and 

design can ensure safe operation in hydrogen environments.  As visions of a hydrogen-based 

energy economy come further to the foreground, it becomes clear that a structured, physically 

based model of hydrogen embrittlement is needed to support this vision, and the HELP 

mechanism promises a clear scientific basis on which to build it. 
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