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7.18.1 Introduction thermal softening point of the polymer. A common line of

The widespread interest in the dynamical property of organic
materials under strong states of confinement largely began with
differential scanning calorimeter (DSC) measurements in the
early 1990s of the glass transition and heat capacity of
glass-forming liquids imbibed in a nanoporous support matrix.'
These seminal studies evidenced reductions in the glass transi-
tion temperature (T,) and the step increase of heat capacity that
accompanies Ty, for the small-molecule liquids encapsulated in
controlled pore glasses with pore diameters in the 4-73 nm
range, with smaller diameters leading to larger deviations.
Within a few years, these finite-size studies quickly spread to
polymeric systems in the form of thin films. Several manuscripts
appeared almost simultaneously reporting thickness-induced
deviations in the glass transition temperature of spin-cast poly-
mer films when the film thickness dropped below a critical
value. The first of these reports appeared in 1994 using spectro-
scopic ellipsometry”~ to track the thermal expansion behavior of
the polymer films as a function of thickness, identifying
thickness-induced shifts in the apparent glass transition tem-
perature. Within a few years, there were similar reports based
on Brillouin light scattering (BLS),** specular X-ray reflectivity
(XRR),°® and positron annihilation lifetime spectroscopy.’*°
Not surprisingly, the results from the different techniques when
applied to slightly different material systems did not always
agree. The debates sparked a wave of literature that has contin-
ued to grow over the past two decades.

Discussions on the glass transition of confined polymer
systems are often couched in the context of polymer dynamics.
Macroscopically, the glass transition is associated with the

thinking has been to equate a reduced thin film T, with an
increase in the dynamic activity of the polymer or an increase of
the T, with a reduction of the polymer mobility. This connec-
tion is primarily based on the concept of time-temperature
superposition (TTS) and that relaxation times at different tem-
peratures can be directly compared by a simple shift in the
timescale of the relaxation process. Under certain circum-
stances, it is a very reasonable assumption. However, if the
nature of the motion or dynamic response becomes fundamen-
tally different, then this line of thinking can break down. The
concept of time-thickness (or some other confinement length
scale) is not always valid. For example, consider a mode of
polymer relaxation that involves the collective motions of sev-
eral segments of the polymer chain (such as the glass
transition). There is a length scale associated with this collective
motion and it is feasible that the state of confinement curtails
or cuts off the extent of the collective motion. Large-scale and
long-range motions that involve many segments will naturally
move slowly or at a low frequency. Curtailing the long-range
motions by confinement would decrease mobility by suppres-
sing the long-range motions. Any dynamic modes that remain
in the polymer would naturally be shorter range and probably
faster or higher in frequency. It is common to identify a T, from
a kink or a change in the temperature dependence of an obser-
vable, such as thickness or heat capacity, that is related to a
dynamic process such as thermal expansion. The kink occurs
when the timescale for the relaxation affecting the observable
starts to change at a rate slower than the cooling or heating rate;
the system enters or leaves a nonequilibrium state depending
on whether it is being cooled or heated. Now, return to the
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346 Polymer Dynamics in Constrained Geometries

example above about the collective motion that is suppressed
on the long-range, low-frequency side by the state of confine-
ment. The remaining fast motions in the system can be cooled
to lower temperatures before dropping out of equilibrium with
the cooling rate. This would result in a lower apparent T upon
confinement, despite the fact that the mobility of the system
has been hindered. In this example, the simple argument of a
reduced T, equating to increased mobility is not correct.
Confinement has altered the fundamental nature of the relaxa-
tion responsible for the glass transition.

The focus of this chapter is to review the different methods
that have been used to quantify the dynamics in polymers
under strong states of confinement. We have purposely limited
the scope of this review to include only those measurement
methods which directly measure polymer dynamics and
ignore, for the sake of length, those that measure an indirect
property that can be related to a dynamic process such as Ty. For
example, we include inelastic neutron scattering in this review
because a single measure of the energy gained or lost by a
neutron scattered from a confined polymer can tell you what
dynamic motions are present in the polymer. As a counter
example, we do not address techniques such as specular XRR
or spectroscopic ellipsometry which can quantify the thickness
of a thin film, despite the fact that the temperature dependence
of the thickness can also be used to interpret either the coeffi-
cient of thermal expansion or the thin film T, both properties
that are influenced by polymer dynamics. Moreover, as men-
tioned above, it is well recognized that within this vast body of
literature focused on the dynamics of polymers under confine-
ment, there are many unresolved conflicts and disagreements
between the different techniques, measurements, and systems.
We make no attempt to unify this body of sometimes contro-
versial or conflicting literature into a single picture. Over the
past two decades, several review articles and book chapters
have attempted to do this.''~'® Rather, in this review, we
focus squarely on the measurements and the physics behind
the measurements. Our intent is to help the reader better
understand what is being measured by each technique and
then point them to several of the leading or major references
in that area. To the best of our knowledge, such a review has
been lacking in the scientific literature.

7.18.2 The Nature of Confinement

There are many ways in which polymers can be placed in strong
states of confinement. Before delving into the different ways in
which polymer dynamics can be measured under confinement,
we should discuss the different ways in which polymers can be
confined. The most commonly encountered and well-defined
geometry is the planar film. It is straightforward to spin-cast
smooth, planar films onto any number of supporting sub-
strates. If the substrate is atomically smooth, it is generally
possible to create polymer films with almost no additional
roughness using the spin-coating technique. The thickness of
the film is readily controlled by changing either the concentra-
tion of the polymer in solution or the spin-casting rate. The
thin film approach is attractive because the thickness can easily
be quantified using techniques such as XRR, ellipsometry, or
profilometry; in these situations, there is very little ambiguity as
to what the length scale of confinement is. Here, we refer to this

geometry as ‘thin film confinement’. The schematic in Figure 1
depicts the concept of thin film confinement. The thin film
confinement case can be further classified by the nature of the
confining interface. Supported thin films are left on the sub-
strate, which is generally more rigid than the polymer itself.
Free-standing thin films are somehow released from the sub-
strate and placed on a holder that suspends them without other
materials touching the film.

The other extreme is to confine a polymeric material inside a
porous cavity or support. There are many examples of nano-
porous support media, including zeolites, Vycor, controlled
pore glasses, anodic aluminum oxide (AAO) membranes, and
porous templates made by vitrifying self-assembled surfactants
or block copolymers. Here, we refer to this as ‘nanopore con-
finement'. In all these examples, the porous support is usually a
glassy or ceramic-like material that is significantly harder than
the polymer. This creates rigid confinement in three dimen-
sions, whereas thin film confinement often has a free surface as
one of the confining walls. A cartoon of nanopore confinement
geometry is provided in Figure 1. For most measurements, the
dynamics of the rigid porous support media are negligible
compared to the soft polymer inside the pore. One of the
biggest advantages of the nanopore confinement route is that
the amount of confined polymer can be significant, making
measurements straightforward. The porosities of the confining
media are often on the order of 30% by volume, meaning that a
few grams of the support media contain several hundred milli-
grams of the confined polymer. This makes measuring the
response of the confined material much easier than the thin
film case where a square centimeter of a 10 nm thick film will
contain approximately 1x 1077 g of polymer. The signal-
to-noise ratio is usually significantly better in nanopore con-
finement cases in comparison to thin films. The difficulty with
nanopore confinement is usually getting the polymer inside the
pores. This is usually done by some sort of a liquid infiltration
approach, and viscous polymer melts often have a hard time
imbibing into the nanoporous support media. Contamination
and cleaning of the porous support media can also be a chal-
lenge. A wide range gas or solvent vapors, including water, can
spontaneously liquify via capillary condensation mechanisms
inside these small pores.

Thin film
thickness — ng

Nanostructure
size — F.’g

Nanopore
diameter — Ry

Nanofiller
separation — Ry

Figure 1 The coil in the center of the panel is intended to represent the
length scales of a single coil in an amorphous polymer melt, nominally the
radius of gyration (Ry). The other cartoons depict the different confine-
ment geometries discussed, where the length scales of confinement begin
to approach the macromolecular dimensions.
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An approach that circumvents the difficulties of filling
nanoporous supports with viscous polymer fluids is to generate
a composite material where nanoparticles are blended into the
polymer. At reasonably high loadings the average distance
between the particles, between which the polymer is ‘confined’,
becomes comparable to the particle size. Here, we refer to this
approach as ‘nanofiller confinement’ as depicted in Figure 1.
This is a potentially easy way to create a high density of con-
fined polymeric material. As the filler is the minor phase,
signal-to-noise issues are generally not an issue when measur-
ing the dynamics in these systems. Difficulties can arise when
trying to quantify the precise length scales of the confinement;
a distribution of confining length scales exists. One also has to
worry about the uniformity or quality of the dispersion of the
filler particles. Nanoparticles often have a tendency to aggregate
or flocculate; achieving well-dispersed samples can be difficult.
This is especially true when clay particles are used as nanoscale
fillers. It is very difficult to exfoliate the clay uniformly in the
composite sample.

The last type of confinement routinely encountered is
‘nanostructure confinement’. This refers to physically limiting
the material to an object whose dimensions are on the nanos-
cale. Some common examples of this include particles or
powders whose diameters or sample volumes reach the nanos-
cale. Other less common examples include structures (see
Figure 1) that have been fabricated using any number of nano-
fabrication schemes, such as nanoimprint lithography, optical
lithography, e-beam lithography, focused ion beam milling, or
self-assembly processes. One of the biggest advantages of this
approach is that any affects from a confining support or med-
ium can be, to a first approximation, ignored as it is a very clean
form of confinement. However, free-standing nanostructures
or nanoparticles often tend to be very unstable. Small environ-
mental changes can easily lead to irreversible changes (usually
coalescence) of the nanoscale structures.

In addition to the different geometries, one must also con-
sider the contact mechanics of confinement. The confining
interfaces can be hard inorganic materials that are stiffer or
less dynamically active, soft and compliant materials that are
more dynamically active than the polymer, or free surfaces with
vacuum, air, or some other gaseous environment present at the
interface. On top of these considerations, the interactions
between the confining and polymer surfaces can be attractive
or wetting, repulsive or nonfavorable, or something in between
that resembles a neutral interface. All these considerations, as
we discuss below, must be considered and have an impact on
the dynamics of the confined polymer systems.

7.18.3 Techniques to Quantify Dynamics

Now that we have discussed the different ways in which poly-
mers can be confined by their environment, we shift our
attention to the techniques that are used to quantify the
dynamics of the polymer within the confining media. Our
emphasis in this section is primarily in discussing the physics
of the measurements in order to provide the reader with the
insight to interpret the existing literature independently. We
attempt to provide the reader with several of the major and
most seminal works related to the different measurement tech-
niques, but fully realize that our extensive reference list is not

exhaustive. We also try to summarize some of the more general
conclusions that have come from the community using these
techniques to quantify polymer dynamics under confinement.
Over the past several years, there have been several review
articles about dynamics in confinement and we point the
reader to these reviews as a valuable resource for developing a
deeper understanding of this topic.'' "> There has yet to be a
review dedicated to the measurement science side of this topic,
and this is the focus of this chapter.

7.18.3.1 Calorimetry

Calorimetry quantifies the heat capacity of a material and is
one of the oldest and most established ways to quantify the
dynamics in polymeric materials. The connection to dynamics
comes through the fact that the heat capacity C is a frequency
(w)-weighted integral over the density of states (g(w)) for the
various vibrations and molecular motions that occur within the
polymer material:

G
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By measuring how much heat can be put into or extracted from
a material as a function of temperature, one can quantify the
integrated density of states. The spectrum of motions that con-
tributes to the heat capacity is broad, including everything from
the localized group vibrations, to skeletal vibrations of the
polymer backbones, to the relaxation and dissipative motions
above the glass transition temperature in the molten polymer.
The localized group vibrations such as CH, stretching, CH,
wagging, C-O stretching, or C-C stretching are high-frequency
motions (typically on the order of 10'* Hz) that are also small
in amplitude. These are the modes typically quantified in either
Fourier transform infrared (FTIR) or Raman spectroscopy. The
skeletal excitations tend to be less dependent on specific moi-
eties along the polymer chain and are more related to
longer-wavelength,  intermolecular  excitations. = These
acoustic-like and collective modes typically extend from the
terahertz and gigahertz frequencies downward toward the
zero frequency limit. There are also a host of relaxation or
dissipative processes that occur over these same timescales in
most polymer liquids and solids. The heat capacity C is an
integral over all these motions and therefore a direct indicator
of polymer dynamics.

From the heat capacity alone, it is generally impossible to
separate the time and length scales of all the contributing
motions. However, the direct frequency weighting generally
suggests that the higher-frequency motions are the dominant
contributors to the measured heat capacity. This is evidenced
by the fact that there have been reasonably successful attempts
to invert the vibrational spectrum of crystalline polymers, such
as polyethylene, using a normal mode analysis and the vibra-
tion force constants from infrared and Raman spectroscopy.'®

In polymer science, heat capacity is typically measured using a
DSC where reference and sample cells are independently con-
trolled at an identical temperature. The difference in the energy
required to maintain each of these cells at their temperature set
points and the mass of material in the sample cell is used to
calculate the heat capacity and specific heat. Most DSCs require
about 1 to 10 mg of material to obtain a reasonable signal-to-
noise ratio for a heat capacity measurement. The standard DSC
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cell has a 6.5 mm diameter sample pan, meaning that a polymer
film (of this diameter) would have to be approximately 1pm
thick to obtain a reasonable signal in a DSC measurement. This is
much too thick to observe confinement effects in polymers.
However, it is possible to observe confinement effects via DSC
by using a three-dimensional confining media such as polymers
imbibed into a nanoporous support or a highly filled nanopar-
ticle-polymer composite where the diameter of the pores or the
distance between the particles reaches the length scales for con-
finement effects. The concept here is that the confining media,
usually a rigid support, does not contribute significantly to the
heat capacity compared to the relatively soft polymers which are
dynamically more active. There are several examples in the litera-
ture where systems both filled with nanoparticles and imbibed
into nanoporous supports have been used for calorimetry studies
of polymers under confinement. With the nanoparticles,'”
these experimental works generally show that if the interactions
between the nanoparticle and the polymer are attractive or favor-
able, the polymer becomes immobilized at the particle interface.
This results in decreased polymer mobility as evidenced by an
increase of T, or decrease of the heat capacity of the polymer with
increased particle loading. If the interactions between the poly-
mer and the particle are repulsive or nonadhering/nonwetting,
the polymer T, typically decreases with particle loading. The
results are very similar for confinement in a nanoporous
matrix."*?°! For pores bigger than 7nm in diameter, most
people see a counterbalance between adsorption and confine-
ment effects. If strong interactions exist between the pore wall
and the polymer, a reduction in the polymer dynamics is evi-
denced. However, confinement effects in the center of the pore
can facilitate motions within the polymer. In general, though,
when the pore size drops below 5 nm they start to see a reduction
in the step increase of the heat capacity at T, which directly
reflects reduced molecular mobility.

There have been a few attempts to quantify confinement
effects in nanoscale polymers by accumulating large quantities
of confined material within a conventional DSC pan. One such
strategy has been to spin-cast several thin (on the order of tens
of nanometers) polymer films onto silicon wafer supports and
then transfer the material, either by scrapping or by floating, off
the support and into the DSC pan.>??? A similar approach was
to use a microtome to generate multiple thin film slabs that
could be collected for analysis in a standard DSC pan.>* These
methods generally reveal a decrease in the apparent glass tran-
sition with increasing confinement. An interesting approach to
obtain polymer nanopowders has been to freeze-dry or
spray-evaporate large quantities of a polymer dissolved in a
dilute solution whose concentration is far below the chain
overlap concentration.**” This process results in powders
that are reported to be either single chain or nearly single
chain species. These nanoparticle powders are a form of con-
finement and, with this approach, it is possible to produce
enough of the material to obtain a reasonable heat capacity
signal in a standard DSC instrument. There have been reports
of either an increase™ or a decrease’® in the apparent T, of the
material over the bulk using this method. These types of sample
preparation schemes, however, are usually tedious, time con-
suming, and not widely implemented.

Recent advances in nanocalorimetry have helped to make
quantitative confinement studies more feasible. The enabling
concept of nanocalorimetry has been to significantly reduce the

thermal mass of the heating elements and the temperature
sensors in the sample and reference cells. This has been accom-
plished by using photolithography and nanofabrication
techniques to integrate heating elements and thermocouples
into a supported membrane of either silicon or silicon nitride
which is on the order of 200 nm thick. The advantage of this
approach is twofold. First and foremost is the fact that the
thermal mass of the cell is significantly reduced which leads
to increased sensitivity when trying to quantify the small
amount of heat exchanged with a nanoscale sample. Using
the nanocalorimeter approach, it is now possible to measure
the heat capacities and T, in polymer films as thin as just a few
nanometers. The second advantage is that the low thermal
mass of the heater/sensor enables extremely large temperature
scanning rates. While conventional DSC instruments have a
maximum heating rate of 60 Kmin~!, nanocalorimeters can
heat and/or cool at rates as high as 10°Kmin™'. This allows
one to quantify nonequilibrium and rate-dependent processes.
It is also possible to implement fast oscillatory variations of the
temperature on top of a slower linear ramp in the nanocalori-
meter configuration. With this approach, the complex heat
capacity can be separated into its real (in-phase) and imaginary
(out-of-phase) components, a technique now referred to as AC
nanocalorimetry. Commercial instruments capable of combin-
ing extremely fast temperature scales with complex heat
capacity analysis at frequencies between 1Hz and 50 KHz
have recently become available.

The pioneering works in the field of thin film nanocalori-
metry have come primarily from the research group of
Professor L. H. Allen. In particular, they have seminal works
on using nanocalorimetry to quantify thickness-induced devia-
tions in the glass transition temperature of thin polymer
films.>®** Other major contributions have come from the
research group of Professor Christoph Schick, including a
spin-off company that sells commercial nanocalorimeters.**~>”
What is somewhat surprising is that nearly all these thin film
nanocalorimeter studies do not evidence the apparent
thickness-induced shifts of the glass transition temperature for
polymer films as thin as a few nanometers. This often contra-
dicts the plethora of other techniques discussed throughout
this chapter which evidence more dramatic deviations. The
explanation for this discrepancy is unclear. It should be noted
that the nanocalorimeter technique has been extremely success-
ful in quantifying finite-size shifts in the melting temperatures
in crystalline polymer and metallic thin films, as predicted by
the Gibbs-Thompson effect; the technique appears to produce
reliable data. The lack of agreement between the nanocalori-
metry measurements and the other methods with respect to the
glass transition phenomenon remains part of the mystery of the
dynamics of thin polymer films. For a better understanding of
the state of this field, we refer the reader to a recent compre-
hensive review.”?

7.18.3.2 Dielectric Spectroscopy

Dielectric spectroscopy, also called impedance spectroscopy,
measures the equivalent capacitance and resistance of a material
as a function of frequency. An AC electric field is applied to a
sample sandwiched between two parallel plate electrodes. This
alternating field induces small displacements of the electric
dipoles in the system that affect both the rate at which the
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capacitor charges and the final charge state through the permit-
tivity or the extent of dipole alignment. By knowing how the
capacitance and resistance of this equivalent circuit responds as a
function of the AC frequency, through the signal attenuation and
phase lag factors, one can define the complex dielectric constant
¢* of the material. ¢* is a frequency-dependent, complex para-
meter that can be further broken down into its real and
imaginary components, &*(w)=¢'(w)+ie"(w), through the
Kramers-Kronig relation. This is analogous to dynamic mechan-
ical experiments that apply a sinusoidal stress to a material and
monitor the resulting strain oscillations which are related
through the complex compliance. There are several classic texts
that address these types of dynamic measurements and a deeper
treatise is beyond the scope of this text.’®>® For now, it is
sufficient to note that &’ is the real or in-phase portion of the
dielectric constant, while ¢” is the imaginary or loss component.
The ratio ¢"/¢’ is defined as the classic tan J loss factor. If the
characteristic motion of a dipole in the sample is slower than
the applied frequency, dielectric spectroscopy sees it as static. As
the applied frequency decreases, eventually it reaches the point
where the timescales of the motion of the dipole and the applied
frequency are similar. This results in noticeable phase lag in the
dielectric response and a resulting maximum (peak) in the tan &
relaxation peak spectrum.

It is also possible to perform dielectric measurements in the
time domain, albeit with less accuracy compared to impedance
analysis in the frequency domain. In this approach, the sample
is treated as a capacitor and a step function in the electric field is
applied to the sample. From the time-domain response of the
sample, primarily through the transient charge or discharge
currents for the equivalent capacitance of the sample, one can
extract the instantaneous or unrelaxed (e,) dielectric constant
and, after a sufficient period of time, the relaxed (¢;) dielectric
constant. In the time domain, these dielectric constants are real
(not complex) values, but ¢, is somewhat analogous to &', while
&, reflects the amount of loss. It is possible to Fourier transform
the time evolution of the dielectric constant (de/dt) to obtain a
complex dielectric function that can be compared with the
traditional frequency-domain dielectric measurements. A typi-
cal time-domain experiment is the so-called thermally
stimulated depolarization current (TSDC) measurement
whereby the sample is electrically polled at elevated tempera-
ture and then cooled to a lower temperature at which the
polled dipoles are frozen in. The recovery of the dipoles to
their unpolled state is then observed while slowly heating the
sample. The mechanical analog to these time-domain dielectric
measurements would be creep experiments where the
time-dependent displacements are recorded in response to
applying a constant load.

The utility of dielectric spectroscopy comes from the wide
range of timescales which can be probed seamlessly using a
single type of probe. Broadband dielectric measurements are
possible over a frequency range of approximately 10°-10'2 Hz
when a series of different dielectric spectrometers are utilized.
The fact that a single measurand is used over this entire fre-
quency range facilitates the tracking of a single relaxation
process or molecular motion over a wide range of tempera-
tures, providing a broad picture of the entire relaxation spectra
in a self-consistent way. Most measurement techniques are
sensitive not just to different timescales, but also to different
aspects of the polymer dynamics. With dielectric spectroscopy,

the measurements are most sensitive to those structural ele-
ments that have large dipole moments, such as a carbonyl
group. In contrast, the dynamics of a methyl group which
gives a very large signal in inelastic neutron scattering have
almost no signal in dielectric spectroscopy. Even if a broad
range of timescales can be stitched together using an ensemble
of measurement techniques, each will likely be sensitive to
different physical phenomena. In this respect, broadband
dielectric spectroscopy is extremely unique and versatile
because it can be used to self-consistently study a wide range
of time and temperature scales. It should be clarified that
several different types of dielectric techniques are needed to
access the entire frequency range of 10°°~10'? Hz; it cannot be
done in one simple measurement. Figure 2 shows a typical
variation of ¢ and &” over the broadband dielectric spectro-
scopy range and indicates the different types of instruments
and sample geometries that are required to access these fre-
quencies.”® Please note that all the techniques identified in
Figure 2 are simple parallel plate geometries as described
above; this is a simplification for illustrative purposes and the
concepts are similar for the nonplanar geometries.

It is also important to understand the nature of the dipoles
in a polymeric material that the dielectric spectroscopy will be
sensitive to. The dipole moment is a vector quantity, possessing
a well-defined direction. According to Stockmayer,® polymers
can be grouped into three major classifications according to the
nature of their dipole moments. Type A polymers have fixed
dipoles that point in the direction parallel to chain backbone.
Usually these polymers, such as poly(ethylene oxide) (PEO),
have a well-defined dipole built into the main chain of the
polymer. For type A polymers, there is a well-defined relation-
ship between the radius of gyration of the polymer chain and
the polarization. Fluctuations in this polarization can be used
to quantify low-frequency breathing modes of the polymer coil
or other collective motions that involve large portions of the
polymer chain. These normal modes are often related to the
terminal relaxation time or the timescale for the polymer to
relax an entanglement constraint. In contrast, type B polymers
have rigid or fixed dipoles that are situated orthogonal to the
main chain axis. In these systems, there is no correlation
between the net dipole moment and the chain contour.
Fluctuations of the dipole moment in a type B polymer reflect
segmental motions. Most synthetic polymers fall predomi-
nantly into this type B classification. The last classification
scheme is type C which refers to polymers whose dipoles reside
in flexible side chains that can easily change their orientation
relative to the backbone director. One classic example of a type
C polymer is poly(vinyl methyl ether), whose dipole is at an
angle normal to the backbone and spins around on the axis
with which it is connected to the backbone. In order to under-
stand the nature of a dynamic relaxation process in dielectric
spectroscopy, it is critical to know what dipole in the system is
responsible for the relaxation and what is the orientation of
geometry of that relaxation relative to the polymer chain.

Broadband dielectric spectroscopy has been utilized in
many forms to study the dynamics of polymers under strong
states of confinement. These include all the major modes of
confinement discussed previously, including thin film, nano-
porous, nanofiller, and nanostructure confinements. This is a
testament to the utility of broadband dielectric spectroscopy. It
is relatively straightforward to design a sample configuration
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Figure 2 (a) A typical variation of ¢’ and &” over the frequency range of 1075-10"2Hz that is nominally probed by broadband spectroscopy. (b) The
different types of dielectric instruments mapped to the frequency ranges they probe. Reproduced with permission from Kremer, F.; Schonhals, A.

Broadband Dielectric Spectroscopy; Springer: Berlin, Germany, 2003, p. 36.%7

that will yield a measurable signal-to-noise ratio. However,
there are also caveats that must be considered for polymeric
materials in each of these highly confining environments. For
thin film confinement, one must always be cognizant of the
dielectric strength or breakdown voltage. The field strength
varies inversely with the film thickness for a planar sample
confined between two planar electrodes. Most polymers start
to exhibit dielectric breakdown at a field strength of approxi-
mately 1 MV cm™ which can be achieved in a 10 nm film at a
voltage of just 1V. In many cases, the electrodes are deposited
on the thin film samples using metal evaporation techniques.
This can lead to a rough interface between the polymer and the
evaporated metal. Roughness on a 10 nm film can lead to local
asperities, where the effective thickness between the electrodes
is much less than 10 nm, and significantly higher local field
strengths. With thin film dielectric measurements, one must
always be concerned about possible nonlinear effects, dielectric
breakdown, or local shorts between the electrodes.
Unfortunately, the voltage applied across the sample or an

evaluation of the field strength is almost never reported in the
dielectric literature on confined polymer systems.

Interfacial polarization effects are another source of concern
when interpreting the dielectric spectra in confined polymer
systems. By their nature, highly confined polymer systems
intrinsically possess a large fraction of interfacial material.
One must be aware of how these interfacial effects can show
up in the quantification of the complex dielectric function.
There are several processes which contribute to the frequency
and temperature dependence of ¢*(w). These include (1) the
fluctuation of the molecular dipoles due to molecular motions,
(2) the motion of mobile charge carriers in the system, and (3)
the separation of charges or dipoles induced at a dielectric
interface. These interfacial dipoles include the requisite inter-
faces between the electrodes and the sample as well as any
internal interfaces within a heterogeneous sample itself. Of
these possible contributions, it is important to separate out
potential artifacts that may not be related to the dynamics of
interest to properly interpret ¢*(w). This can be a significant



Polymer Dynamics in Constrained Geometries 351

challenge, especially in the nanoporous or nanofiller confine-
ment effects where the large surface-to-volume ratio has the
potential to introduce conducting species through adsorption
or large numbers of surface dipoles. A recent text on this topic is
a valuable resource for interpreting dielectric spectra in con-
fined polymer materials and addressing the issues of interfacial
polarization.®'%?

The body of literature on using dielectric techniques to
study polymers in confinement is now quite vast and it is
certainly beyond the scope of this chapter to provide a com-
prehensive review of this work. We strongly recommend an
excellent textbook edited by Kremer and Schonhals that con-
tains several chapters relevant not only to the fundamentals of
broadband dielectric spectroscopy, but also to the dynamics of
polymers in confinement.”” This is an excellent text for the fine
details. Briefly discussing some of the major themes in this
field, dielectric spectroscopy has been applied to all three states
of confinement discussed here, namely nanofiller confine-
ment,®>"°7 thin film confinement,®*°%71°% and nanoporous
confinement, ?729~31:79.86.96,103.104 The djelectric community
has been very active studying dynamics under confinement.
The references provided herein are not intended to be a com-
prehensive list, but certainly include most of the seminal
works. A general theme that appears to be emerging in these
works is that the impact on the polymer dynamics depends on
the nature of the confinement. Strong interactions with rigid
entities, including nanoparticles, supporting substrates, or the
walls of porous supports, will lead to hindered dynamics.
When these affects dominate, one sees an increase in T, or a
slowing down of the alpha relaxation in dielectric spectroscopy.
However, pure confinement effects which alter the packing or
configuration of the polymeric molecules relative to the bulk
typically result in faster dynamics. This is evidenced by a
decrease in the T, or a speeding-up of the dielectric alpha
relaxation. In general, there is a competition between these
two effects, as discussed nicely by Kremer and
Schonhals.?”?°73119 The basis for the argument is depicted
schematically in Figure 3 for T, measurements from
Alba-Simionesco and co-workers.'°® They have systematically
studied a host of different materials in controlled pore glasses
with nominal pore diameters of 2.5, 5, 7.5, and 20 nm. For
several systems, they find that confinement effects lead to
facilitated motion for pore diameters approximately
5-7.5nm. In these systems, the dynamics are faster than the
bulk. However, in smaller pores, the adsorption effects dom-
inate and the overall dynamics of the polymer are slower than
bulk. What is interesting is that the confinement effects are
most pronounced for the dielectric alpha relaxation processes;
the dielectric beta process which is faster and typically repre-
sents local side group or sub-Ty relaxations is, in general, less
strongly affected by confinement. It is also generally true that
the strengths of all the dielectric relaxations typically decrease
under confinement relative to the bulk, regardless of whether
the dynamics have sped up or slowed down. This generally
suggests that the number of relaxation species is decreased. As
discussed previously, type A polymers that have a well-defined
dipole in the direction of the backbone can exhibit a normal
mode or breathing mode that reflects fluctuations on the scale
of the radius of gyration of the chain. There have been several
studies focusing specifically on how this normal mode
responds to confinement, most often in thin film
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Figure 3 The T of toluene confined in nanopores vs. the inverse of the
pore diameter d. The average 7,s defined by the peak of the heat capacity
derivative are indicated by the filled circles. The arrows represent the
widths of the transition region, while the dashed line refers to the T of
bulk toluene. Reproduced with permission from Alba-Simionesco, C.;
Dosseh, G.; Dumont, E.; et al. Eur. Phys. J. E 2003, 12,19.'%

studies,®” 7180819293 byt also in nanopores.”'”’57 These stu-

dies show that the normal mode is strongly affected by
confinement, more so than the alpha mode, which nominally
makes sense: slower and larger-scale motions are naturally
affected by confinement more readily.

7.18.3.3 Dynamic Mechanical Spectroscopy and Related
Mechanical Approaches

Mechanical approaches to characterize the polymer viscoelastic
and dynamic properties in bulk polymers include dynamic
mechanical analysis (DMA), stress relaxation, and creep and
recovery. Beyond the brief introduction below, readers are
referred to common textbooks on polymer mechanical proper-
ties and viscoelasticity for detailed description on this
topic.”®19719 Among the mechanical techniques, DMA meth-
ods are quite versatile and can incorporate a range of sample
geometries and mechanical loading scenarios. In many ways,
DMA methods are a mechanical analog to dielectric spectro-
scopy. A sinusoidal stress is applied to a sample in a range of
configurations, including tension, compression, shear, or bend-
ing. If the characteristic molecular motion in the sample is
much slower or faster than the applied frequency, the observed
strain is largely in phase with the stimulus. When the timescales
of the molecular motion and the applied frequency are similar,
the polymer molecules can adapt their configurations on a
timescale comparable to the applied load, which leads to a
phase lag in the strain response. The complex modulus is
expressed as an in-phase component, the storage modulus,
and an out-of-phase component, the loss modulus. The ratio
of the loss modulus to the storage modulus is defined as tan &
and is often called the damping. A common measurement is to
hold the frequency constant and scan the temperature to find
the thermal transition temperature such as Tg. In general, the
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moduli and damping are measured against temperature and
load frequency. Unlike dielectric spectroscopy, a DMA instru-
ment only covers a narrow frequency window. Typical
frequency ranges accessible by DMA instruments are limited
from approximately 10 to 10% Hz over a wide range of tem-
peratures. TTS allows stitching the data over a wide range of
temperatures and frequencies. A thermal transition can be
identified when the storage modulus decreases in log scale
against a linear temperature scale at a fixed frequency. Such
decrease is also accompanied by a peak in the loss modulus
and tan J. The tan ¢ peak in the plot against frequency in log
scale at a fixed temperature, however, is often discussed using
the concept of relaxation time distribution. A change in any of
the three aspects of the tan J peak, namely, position, width, and
amplitude, signals a change in the dynamic behavior of asso-
ciated motion. Although the majority of DMA measurements
focus on segmental motions and the glass transition behavior,
DMA is sensitive to motions at a wide range of length scales,
from local molecular motions in glassy solids to viscous flow in
low-viscosity liquids. Traditionally, a DMA instrument is best
suited for high-compliance (rigid solids) solids, whereas rhe-
ometer is needed for liquid samples. In practice, a
higher-compliance instrument is needed to analyze the solid
materials, whereas a more sensitive instrument is required for
the liquids. While their names are different, the principle of
operation is the same. In the context of confined polymers,
DMA is more appropriate.

One can also perform stress relaxation or creep measure-
ments under static stress or strain loading to probe the
relaxation processes in polymeric materials. In the stress relaxa-
tion experiment, the stress is monitored with time after a
stepwise strain is applied; in creep measurements, the
time-dependent strain is measured after a stepwise stress is
applied. These measurements are slow and typically extend
for several decades in time, usually plotted as the log-log
evolution of modulus versus time for stress relaxation or com-
pliance versus time for creep. The relaxation time or retardation
time is typically identified as the middle point of the viscoelas-
tic region where the modulus strongly decreases and
compliance strongly increases, respectively. The principle of
Boltzmann superposition makes it possible to express the
time-dependent moduli and compliances in terms of one
another. In that sense, stress relaxation measurement and
creep measurement are equivalent. However, the relaxation
time and retardation time are often not identical, albeit in the
same order of magnitude. In addition, the stress relaxation (or
creep) measurement at different temperatures can also be
superpositioned to cover many decades of time duration.
Using TTS, the stress relaxation data can also be presented on
a semilog plot of modulus versus temperature at a fixed arbi-
trary time. Such a plot looks very similar to the semilog plot of
storage modulus versus temperature at a fixed arbitrary fre-
quency from the DMA measurement. However, stress
relaxation and creep are only sensitive to molecular motions
that cause polymer chain conformation changes, such as seg-
mental motions and viscous flow. Therefore, these two
techniques cannot characterize the side group motions that
appear in DMA as lower-temperature transitions.
Nonetheless, for the same segmental motion observed by
these three techniques, the temperature shift factor for TTS is
expected to be the same.

Systems confined by nanoparticles (i.e., nanocomposites)
are very convenient for mechanical testing; the measurement
techniques are exactly the same as those used for the neat
polymer. A vast body of literature contains a number of differ-
ent trends with respect to the change of storage modulus, loss
modulus, and tan J§ with the increase of nanofiller
loading.'®~''® For example, the tan § position can be the
same as the bulk or can shift to higher and lower temperatures
with the added nanofillers. The interaction between the poly-
mer and the filler appears to be the key factor influencing the
dynamic properties of the polymer matrix. It is generally argued
that when the interactions are strong, polymer molecules close
to the rigid inorganic fillers are constrained and the tan ¢ peaks
associated with T, and other thermal transitions shift to higher
temperatures.'' "' >~ In some cases, a new tan J peak at an
elevated temperature is assigned to the interface layer attached
to the inorganic fillers."'®""7!'® The tan ¢ peak has also been
found broadened,''*"''*!'” indicating that the polymer
dynamics become more heterogeneous. On the other hand,
there are reports that tan J does not change with nanofillers,
even with change of filler and polymer interaction.''?!!%129
One should keep in mind that a majority of the nanocomposite
systems in literature are complicated. For one, many of the
polymer matrices are thermoset or semicrystalline, such as
epoxy and polypropylene. Moreover, additives such as surfac-
tants that are often used to help the filler disperse into the
polymer matrix could also contribute to the change in the
polymer dynamics. For example, the new tan J peak at a higher
temperature in a composite is assigned to the chemically
bound polymer to the filler surface via the additive.'*' In
general, it is wise to use multiple techniques to better under-
stand the dynamics of confined systems and this is particularly
easy with nanofilled systems because nominally bulk measure-
ment techniques can be used. For example, it is trivial to
perform DSC measurements on the same samples that are
used for DMA and help verify the interpretation.

DMA measurements have also been used to quantify sys-
tems under both nanopore and thin film confinement. It turns
out that mesoporous materials, for example, Vycor glass, that
have constant loss modulus are excellent hosts for DMA mea-
surement on organic liquids, despite the fact that modulus of
the porous host is significantly stiffer than the liquid. By ana-
lyzing the dynamic complex elastic susceptibility of molecular
glass-forming liquids confined in these rigid nanometer-sized
pores, Koppensteiner and co-workers identified two relaxation
peaks, one of slowed dynamics for the layer of material at the
pore interface and another of faster dynamics for the material at
the center of the pores.'?? Free-standing thin films are mechani-
cally too weak to be subjected to the DMA measurement.
However, DMA measurements have been performed on thin
polymer films supported on a polyimide substrate."** Here, the
loss modulus was calculated from the Takayanagi parallel
model®® in which the dynamic strain is the same for the thin
film and the substrate. The results indicated that the glass
transition peak is broadened, supposedly due to the surface
and the interface regions, with a higher-temperature peak emer-
ging when the interfacial interactions are strong.'**

One unique DMA-like measurement is called surface forces
apparatus.'>*”'?? In this measurement, the sample is sand-
wiched in-between two atomically smooth parallel plates
typically made of mica. Using such smooth plates creates a
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confining space down to a couple of nanometers in thickness.
Sinusoidal shear forces are applied by a piezoelectric element. A
second sensor piezoelectric element is used to detect the result-
ing response. Using this setup, the viscosity, storage, and loss
modulus of the confined liquid can be measured. The viscosity
of the confined liquid is found to be increased by orders of
magnitude than the bulk.'?*'?> Likewise the relaxation times
in confined liquid and polymer melts can be orders of magni-
tude longer than the bulk.'?*~'%° These effects occur when the
film thickness approaches 5-10 times the molecular diameter
of the polymer chain and are attributed to a layering alignment
of the molecules parallel to the interfaces. Similar results are
widely predicted by computer simulations as discussed below.

Recently, a series of innovative creep measurements per-
formed on free-standing thin polymer films have been
reported by McKenna and co-workers.'?®'?° Thin polymer
films of different thicknesses are first placed on a rigid substrate
patterned with an array of micron-sized holes that go through
the entire substrate. Subsequent annealing promotes good
adhesion of the polymer film to the substrate and the periphery
of the holes. Pressurized air is applied to the bottom of the
substrate to induce a ‘bubble’ in the polymer film over the hole.
Atomic force microscopy (AFM) is then used to track the con-
tours of the bubble as a function of time and thereby determine
the creep strain. The resulting compliance versus time curves of
the thin films agree with the bulk response in the glassy relaxa-
tion regime, indicating a bulk-like T, and dynamics in the
glassy region. However, the compliance in the rubbery region
is thickness dependent and approximately an order of magni-
tude lower than the bulk value for the thinnest films studied.
Such a stiffening response is discussed in terms of altered chain
conformation or entanglement density for polymers under thin
film confinement.'?®'??

7.18.3.4 Mechanical Surface Probes

Since its invention in the 1980s, the AFM has been widely used
for imaging, measuring, and manipulating matter at the nanos-
cale. The miniaturized nature of the AFM tip, which interacts
with a small volume of material, is particularly well suited for
studying polymer surfaces and thin films. In the AFM (see
Figure 4) a sharp tip located at the end of a cantilever is used
to probe the sample surface. The three most common operating
modes include contact, noncontact, and tapping; readers are

Photodiode

Laser

Feedback
electronics
Cantilever and tip
. : sample
surface

Figure 4 The schematic depicting the major components of a typical
atomic force microscope. See the related text for discussion.

referred to comprehensive books and review papers regarding
the details and applications of AFM on polymer research.'*°~3?
As shown in Figure 4, the mirror on the top surface of the
cantilever reflects a laser light onto a position-sensitive photo-
diode detector. This optical lever is very sensitive to deflections
and/or torsions or vibrations of the cantilever as the tip interacts
with the sample. If the stiffness of the cantilever is known, these
signals can be used to quantify the forces, in both the vertical
and the lateral directions, applied to the sample surface.
Feedback between the z-axis piezoelectric stage below the sample
and the photodiode detector helps control and maintain the
vertical force of the tip on the sample surface. The lateral
piezo-drivers define sizes of the scanning area as well as a
range of scan speeds by moving the sample horizontally. In
some AFM designs, the piezoelectric scanners are located on
the scanning head such that the cantilever is moving while the
sample substrate is stationary.'>>7'*> Other designs have the
cantilever mounted on a stationary (in the x-y plane) bimorph
actuator that only enables motion in the z-direction and the
sample stage is moved in-plane by piezoelectric scanners.'*®
Since the focus of this chapter is the dynamic behavior, we do
not dwell on measurements that use the AFM tip simply as an
indentation tool to obtain the hardness or modulus, even
though such modulus measurement when performed as a func-
tion of temperature can be used to identify the surface T,,. Rather,
we focus on measurements of the surface properties that are
dependent on the tip oscillation frequency and scanning speed.
Such measurement results are directly tied to the polymer
dynamic properties. For these measurements, the AFM is always
operated in the contact mode.

Dynamic measurements of a polymer surface can be done by
moving the AFM tip either perpendicularly or laterally to the
surface. In force-modulated scanning force microscopy (FM-
SFM)'3¢"1*% and AFM adhesion measurement (AFMAM),"**14>
the AFM tip moves vertically against the sample surface; in shear-
modulated scanning force microscopy (SM-SEM) 34132146147 3pnq
lateral force microscopy (LEM),'33134137148-152 the tip moves
parallel to the surface. In FM-SFM, also referred to as scanning
viscoelasticity microscopy (SVM), the cantilever tip is mounted on
the piezoelectric bimorph actuator which has a resonance fre-
quency of approximately 1-10kHz. The modulated force is
detected by the deflection of the cantilever; thus, the modulus of
the surface can be calculated by an indentation model. Frequency
response analyzers can be used to track the phase behavior
between the input sinusoidal voltage used to the drive the actuator
and the sinusoidal response of the cantilever deflection. Using the
same framework as traditional DMA analysis, Kajiyama and
co-workers were able to calculate a storage modulus E”, a loss
modulus E”, and a corresponding tan ¢ (E"/E’) using the AFM.
Their data suggest that the surface is more mobile that the bulk for
low molecular mass polymers, with a lower T, and a lower activa-
tion energy for the glass transition,'>® 138143

AFMAM measurements have been used to quantify the
pull-off force when detaching the tip from the polymer film,
from which an adhesion force F,q4 is determined. F,4q has been
defined as the maximum pull-off force, corresponding to the
maximum deflection of the AFM tip in the pull-off curve. These
measurements have been performed at AFM tip oscillation
frequencies ranging from 30 Hz to 50 kHz and also as a func-
tion of temperature. The results show that at a certain
frequency, F,q increases with the temperature as the glassy
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surface turns rubbery. On the other hand, at a fixed tempera-
ture, F,q also depends on the ‘pecking’ (frequency) rate of the
tip: at lower frequency, the surface is more rubbery. Such
behaviors resemble those observed in traditional DMA, from
which master curves can also be constructed following the
Williams-Landel-Ferry (WLF) scaling behavior. The Ty and
the shift factors obtained in this approach on thin polymer
films were consistent with bulk-like behavior.'** 4>

With SM-SFM measurements, the cantilever tip is sinusoid-
ally modulated in the lateral direction while in contact with the
polymer surface. Using a small vertical load and small lateral
modulations, the probing depth of the SM-SFM can be on the
order of 1 nm, enabling substrate-independent measurements
down to film thicknesses of a few nanometers."*® Typically, the
cantilever is driven at a constant amplitude by the piezoelectric
drivers. At low temperatures, the tip does not slip across the
sample surface, which generates large elastic torsional stresses
in the cantilever. When the sample surface goes through glass
transition and the polymer becomes more mobile, the tip is
able to deflect (slip) across the surface; the polymer creeps
under the lateral load applied through the AFM tip. The slip
amplitude can be indirectly deduced from the decreased canti-
lever torsion. The T, is indicated by the discontinuity in the
slope of the amplitude response, that is, the onset of creep. This
creep-like response is, of course, expected to be dependent on
the tip oscillation frequency. Master curves can be constructed
with measurements at different temperatures and tip oscilla-
tion frequencies. These types of measurements have shown that
the surface dynamics are largely the same as the bulk.'3*4¢147
However, this technique has also been used to evidence a
relatively thick layer (200nm) near the interface of a rigid
solid substrate with reduced mobility and a higher T,
Surprisingly, though, this trend reversed in the 10 nm closest
to the substrate; there was evidence for enhanced mobility and
a reduced T,.'*>*

LFM is another widely used AFM technique to laterally
probe the polymer surface, sometimes referred to as friction
force microscopy (FFM). In this mode of operation, the AFM
tip slides across the polymer surface at a range of scanning
speeds. The friction and adhesion force with the surface cause
the cantilever to twist, and the friction force is measured from
the torsion of the sliding cantilever. The frictional behavior of
polymeric solids is closely related to their dynamic viscoelastic
properties.'*® The friction force depends on both the tempera-
ture and the scanning speed. The scanning rate dependence of
the lateral force corresponds to the frequency dependence of
the loss modulus E”. Master curves can be constructed with
measurement at different temperatures and scanning speeds.
The results based on this technique reflect the controversies
commonly seen in the field of polymer dynamics in thin
films and confined geometries. There are multiple observations
of polymer surfaces and thin films with either bulk-like beha-
ViOr or enhanced mobility.133,134,136,137,142,149,151,152

The AFM techniques above focus on the mechanical proper-
ties of the polymer surface. To a great extent, they are DMA
measurements using the small AFM tips. Besides these mechan-
ical approaches, there are other AFM-based techniques utilizing
the small tip to probe the thermal and dielectric properties of
the polymer surface. For example, AFM with a conductive tip
operated in the noncontact mode can be used to measure local
dielectric properties.”® The basis behind this measurement is

that fluctuations in the sample polarization beneath the tip
produce proportional variations in the cantilever resonance
frequency. This is essentially a dielectric measurement with a
nanometer-sized electrode. In another AFM-based technique
called scanning thermal microscopy, the scanning tip also
serves as a heating element.'”® The probe power will increase
as the surface goes through the glass transition. These measure-
ments are purported to be sensitive to the local heat capacity of
the polymer; however, the measurements can be complicated.
The contact area with the tip and the sample are poorly defined
and can change as the probe penetrates into the sample. The tip
deflections can be used to measure the local thickness expan-
sion; the polymer thin film Ty is found to be strongly
dependent on the polymer and substrate interaction.'”>'>*, It
is important to consider both the elastic properties and the heat
capacity of the supporting substrate with these measurements;
both can affect the nature of the thermal softening transition
nominally identified with the glass transition.'>* The measure-
ments are also sensitive to how the heat is dissipated in the thin
film to the surroundings and supporting substrate.

7.18.3.5 Diffusion Experiments

There are several reports in the literature using diffusion experi-
ments to probe changes in the polymer dynamics under
confinement. These experiments generally track either the dif-
fusion of the polymer chains themselves or the diffusion of
small probe molecules dissolved in the polymer matrix. The
diffusion of an entire chain involves center of mass movements
and is a direct measurement of polymer dynamics. The time-
scale for these events, depending over what length scale the
diffusion occurs, is usually in the order of seconds and longer.
In general, two different schemes have been used to measure
the diffusion of whole chains in thin film confinement. The
first scheme measures the in-plane motion of molecules within
a single-layer thin film, while the second measures out-of-plane
movement of molecules in the perpendicular direction in a
bilayer or multilayer thin film structure. The diffusion of
small probe molecules in a polymer film is related to polymer
dynamics in an indirect way. It is understood that the local
motions of the polymer, such as the beta-relaxation, control the
rate at which the small molecules move through the poly-
mer."”> To measure the diffusivity of small-molecule probes
in a polymer thin film, the probe molecules can be either
diffusing from outside into the film (such as in
moisture-uptake measurement) or moving inside the film
after already being dispersed in the polymer matrix.

Some of the first diffusion studies in confined polymers
involved measuring the fluorescence of small-molecule dyes or
additives. The change in the fluorescence intensity offers a sensi-
tive technique to study diffusion. More details of these
measurements are given in Section 7.18.3.9; only a brief
description is presented here. Fluorescence recovery after photo-
bleaching (FRAP) measurements have proven to be useful for
measuring the in-plane diffusion of the dye species.'”®"'*® Thin
polymer films can easily be doped with florescent dyes, as a
blended additive, a functionalized end group, or a substituent
attached to the main chain as a fluorescent side group. Selected
areas of the film are bleached and the recovery of fluorescence
intensity due to the diffusion of nonbleached molecules into the
bleached area can be used to calculate the diffusion coefficient of
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polymers'*® or small molecules.*” Another technique utilizes the
fluorescence nonradiative energy transfer (NRET) process to mea-
sure the diffusion of small-molecule chromophores in polymer
thin films. The concept here is that diffusion of the chromophores
from one polymer layer into another layer with tethered ‘donor’
moieties lowers the fluorescence intensity in the bilayer struc-
ture.'® In fluorescence NRET, an excited ‘donor’ species transfers
its energy to an ‘acceptor’ species (e.g., the chromophores), result-
ing in a decrease of the donor fluorescence intensity.

Bilayers are widely used to study the interdiffusion of poly-
mer thin films in the direction perpendicular to the plane of the
film. The composition gradient between the bilayers can be
made initially very sharp by transferring discretely made
single-layer films into a bilayer stack. The diffusivity can be
obtained by tracking the composition profile across the inter-
face of the layered structure before and after thermal annealing.
Using this approach, it is trivial to vary the thicknesses of the
different films in the bilayer to explore the thin film confine-
ment effects. Most of these studies rely on one of two
techniques to measure the composition profile across the inter-
face: either mneutron reflectivity'®®'®* (NR) or dynamic
secondary ion mass spectroscopy (DSIMS).'®3~1¢¢ Both these
techniques take advantage of the fact that a contrast between
the two layers can be obtained by selectively deuterating one of
the layers; the assumption that replacing hydrogen with deu-
terium in the polymer does not alter the diffusion behavior is
generally a reasonable one. Both NR and DSIMS are very sensi-
tive to the difference between H and D, providing a
high-resolution way to track the mixing of the two layers as
diffusion proceeds. A brief description of the two techniques is
given below. Figure 5 also summarizes some typical NR results
for confined polymer films.

NR uses a highly collimated beam of neutrons to measure
thin film structure. In terms of theory, it is quite similar to XRR,
which uses X-rays instead of neutrons. For both X-rays and
neutrons, the refractive index of a material is generally slightly
less than 1. When the incidence angle is below some critical

value 6, total external reflection is measured from the flat
sample surface. Beyond 6, there are oscillations in the reflected
intensity versus the incident angle, attributed to the neutron
scattering length density (or electron density) profile of the
film. When reflected beams from the top surface and the buried
interfaces interfere constructively or destructively, periodic pat-
terns emerge. Fitting the reflectivity curve yields film thickness,
roughness, and scattering density profile through the thickness
of the film, from which the composition profile of the layered
structure is obtained. XRR measurements are usually not sensi-
tive to the scattering length density difference between the
deuterated and hydrogenated versions of the material, but
they are very important for verifying the total film thickness
and surface roughness in the NR models."°”'®! For more
details about the two reflectivity techniques, readers are
referred to a book by Roe.'®” In DSIMS, the film surface is
sputtered by a focused beam of ions (typically Ar*) and the
secondary ions ejected from the sample surface are measured
with a mass spectrometer to determine the elemental, isotopic,
and molecular composition. The DSIMS instrument erodes the
sample at a well-controlled and calibrated rate. By knowing the
elemental composition as a function of sputtering time, one
can reconstruct the elemental composition as a function of
depth in the sample.'®® Using this approach, one can track
the degree of mixing, as initially discrete bilayer samples inter-
diffuse. It is important to realize that the depth resolution of
the NR techniques is better that 1 nm, whereas that of DSIMS is
closer to 10nm. However, samples with a total thickness
greater than 200 nm are generally not possible to measure
with NR, while DSIMS in principle does not have an upper
thickness limit. It should also be noted that NR is a nondes-
tructive technique such that one sample can be measured after
subsequent annealing steps. DSIMS is a destructive technique
and only one measurement can be made per sample.

A common and largely noncontroversial theme that has
emerged is a slowing down of the diffusive processes in thin
film, especially when the chains are in contact with the
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Figure 5 () A typical interdiffusion profile obtained by NR for a bilayer sample of deuterium-substituted poly(methyl methacrylate) (PMMA) (dPMMA) on
normal hydrogenated PMMA, both of comparable molecular mass. The composition profile is shown as the volume fraction of dPMMA across the bilayer
interface. Upon annealing, the interface broadens as the two layers are mixed. From the width of the interface one can extract an effective diffusion coefficient
as plotted in (b). These experiments show that the intermixing slows down significantly when the thickness of the dPMMA under the layer is approximately 5
times the Ry of the bulk material. Reproduced with permission from Lin, E. K.; Kolb, R.; Satija, S. K.; Wu, W. L. Macromolecules 1999, 32, 3753.161
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substrate. For films nominally less than an R, thick or when
essentially all the polymer molecules are in contact with a solid
substrate interface, the effective diffusion constant can be 2
orders of magnitude less than that of the bulk.'®*'®* This
significantly reduced mobility is often attributed to the chain
conformations being distorted parallel to the substrate and/or
numerous contacts per chain with the attractive surface.
However, there are discrepancies on how far the substrate effect
reaches, ranging from 3-4 R,s thick to more than 10
Rgs.lsg'l(’l'“’s'”’9 The molecular mass dependence of the diffu-
sion coefficient is also debated,'®*'%>'%° Jeading to different
models interpreting the reduced diffusivity in polymer thin
films. These interdiffusion measurements also raise the ques-
tions regarding the existence of a mobile surface layer. Two
DSIMS measurements reveal opposite results, one stating the
surface diffusivity is less than the bulk,'®> while the other
stating the surface mobility is higher than the bulk.'®?

In the small-molecule probe diffusion measurements, the
observations are more controversial. FRAP measurements have
shown that the relationship of the dye-probe diffusion coeffi-
cient in the thin film and in the bulk is temperature dependent;
below a certain temperature, the diffusivity in the thin film is
higher than the bulk, and above that temperature, the opposite is
found."” NRET measurements also reveal a complicated
response of the small molecule’s mobility in polymer thin
films.'*® On the other hand, simple mass uptake and film thick-
ness measurement show that the water diffusivity in polymer
thin films is substantially smaller than that in the bulk.'”%~'7?

7.18.3.6 Flow Experiments

For macroscopic films (i.e., films thicker than a few microns),
the free energy is given by the sum of capillary and gravitational
energies;'”* the film is stable and surface undulations (and
structures) will decay with time under the Laplace pressure
given by the surface tension and radius of curvature. For micro-
scopically thin films, the long-range van der Waals forces, that
is, interaction between the top and bottom surfaces of the film,
dominate the free energy. The stability is then controlled by the
balance between the Laplace pressure and the disjoining pres-
sure, A/(6mh’), where A is the difference between the Hamaker
constants for solid-liquid and liquid-liquid interac-
tions.'”*'”> When the solid-liquid interaction is stronger,
that is, on a wetting surface, the film is stable and thickness
fluctuations decay for all wavelengths. When the liquid-liquid
interaction is stronger, that is, on a partial wetting surface,
thermal fluctuations at the polymer-vacuum interface can
spontaneously become amplified if the disjoining pressure is
more dominant than the Laplace pressure. In this regime, fluc-
tuations can grow and impinge on the substrate. Depending on
the curvature of the free energy with film thickness, spinodal
decomposition patterns and holes have been observed.'”*77 It
is worth mentioning here that the treatment of polymer films
as liquids in the above is only valid at temperatures higher than
Ty, when the modulus of the polymer film can be ignored and
the self-relaxation time of the polymer molecules is much faster
than the timescale involved in the capillary waves. In addition,
the presence of air bubbles, dust particles, and other defects (or
simply externally applied puncture) can also lead to hole for-
mation by heterogeneous nucleation and ensuing rupture of
the thin film. A key difference between the chain diffusion and

these flow-related studies in thin polymer films is that the flow
is driven by surface tension (and other forces), which may
result in high shear strain rates and corresponding nonlinear
viscoelastic behavior.

The change in the film surface profile and the breakup (or
generally speaking, dewetting) of thin films provide a means to
study the dynamics of polymer thin film. Clearly, this type of
flow involves the entire macromolecular chain movement and
it reflects the mobility at long timescale in the order of tens of
seconds and beyond. This mobility is of considerable techno-
logical interest, because it concerns the thermomechanical
stability of polymer thin films and nanostructure. Film rupture
is studied with both supported and free-standing geometries;
from the timescale for rupture, one can quantify the dynamics
for films of varying thicknesses.'””~'”® Another approach has
been to template patterns in the surface and then monitor how
quickly the patterns decay as a function of time and length scale
of the patterns. These patterns can be irregular rough surfaces,
nanoparticle-induced patterns, or very regular patterns created
by lithography techniques such as nanoimprint lithogra-
phy.'897183 The evolution of the surface structure as a
function of annealing time and temperature is usually mea-
sured with AFM or optical methods.'”?"'®"1%* Scattering
methods have also been used to quantify the surface wave;'”®
more on this topic will be given in Section 7.18.3.7. The early
stage of spinodal dewetting can also be studied by X-ray or NR
where a change in the reflectivity curve reflects hole formation/
growth and surface/interface roughening.'®>'%¢ If the surface
structures are periodic, such as line-space gratings, both laser
light and X-ray diffraction measurements have been used to
quantify the kinetics of the decay process.'®”'5® In the case of
hole growth in free-standing films, a method using gas flow
rate to measure the hole growth has been developed.'®’

The kinetics of the flow behavior is determined by the
viscoelastic properties of the confined polymer films/nanos-
tructures. Viscosity is often the focus of the measurement;
surface tension is usually regarded as the driving force, but
residual stress in some cases is not negligible and can even
dominate.'8>'8719° We will address the effect of the residual
stress toward the end of this section; the bulk of the discussion
below focuses on cases where surface tension is deemed to be
the primary driving force. Theoretically, spinodal decomposi-
tion of polymer thin films can be used to study their dynamics;
the growth rate in amplitude of a characteristic wavelength is
dependent on the ViSCOSi’[y.174’l75 191 However, a limited num-
ber of studies have focused solely on the scaling relationship
between the spinodal pattern and the film thickness, not reveal-
ing thickness-dependent dynamics behavior.'”®!””'°2 On the
other hand, heterogeneous hole growth is a more convenient
subject to investigate the polymer dynamics. Once a hole is
formed in the polymer thin film, the driving force for hole
growth is 2y for suspended films and |S| for supported films
where S is the spreading coefficient defined as S = ys—ys;—y and
the three y terms represent the surface tensions of the substrate,
substrate—film interface, and the film, respectively.'”® For a
nonwetting surface, S is negative and gives rise to a Laplace
pressure |S|/h (or 2y/h for suspended film) that drives the hole
growth in a film of thickness h. The viscous dissipation inside
the film and at the substrate/film interface can be calculated
from the observed radial flow from the hole edge. Balancing
the energy released from the hole growth with the viscous
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dissipation, the viscosity can be calculated from the hole
growth rate. For suspended films, the hole diameter grows
exponentially with time, R o« exp(t/r), with the rise time 7 o<
nh/y*** for a supported film, the hole diameter growth rate is
constant, with &R/ét o |S|h'/?/."° Another related dewetting
measurement deals with polymer films shrinking on a liquid
substrate.'”® In the absence of friction at the edge of the film,
the entire film shrinks at elevated temperature owing to the
Laplace pressure |S|/h on the surrounding edge. The film can be
viewed under uniaxial extension along the film surface normal
direction. The steady-state extensional viscosity can then be
calculated from the strain rate, resulting in 5 = |S|/(dh/ox).

For polymer surface profile evolution with time and tem-
perature, the physics is well described by the Navier-Stokes
equation, a staple tool for liquid behavior.'”> When the film
thickness is larger than the wavelength (or gh > 1, wave vector
q = 2m/2), the relaxation time of the surface capillary wave is
approximated by 7= nh/(n/).'*®'*7 This simple relationship
has been used to quantify the viscosity of both polymer sur-
faces and polymer thin films.'%"°71°% Another capillary wave
theory leads to a more complicated relationship between the
relaxation time and the wavelength of the surface wave.'?”2°°
However, the change to a polymer surface profile, such as the
recovery of a bumpy surface from a templating process, is not
always modeled as capillary waves. This is justified when such
change occurs at or below the bulk T,. The viscosity at such low
temperatures is presumed to be so large that viscous flow is not
possible. Thus, the interpretation of those results rarely invokes
viscosity. Instead, when the surface profile change happens at
the temperatures below the bulk T, it is often regarded as a
form of relaxation and the polymer dynamics are thought be
accelerated at the polymer surface. Still, the results from related
measurements question this simple argument.'®%'%* The
authors point out that the interpretation of recovery from a
textured polymer surface requires information on the local
strain and stress states; surface tension might not be the only
driving force for the recovery. One study demonstrates that
polymer surface dimples formed at different conditions show
drastically different recovery kinetics below the bulk T,.*""’

Among these measurements focused on viscosity, some
report a reduced viscosity with decreased film thick-
ness,' 72120199 while others report that the thin film and
surface viscosity are bulk like.'®¢ Shear thinning is an impor-
tant issue as it can explain both the reduced effective
viscosity'7®2%? and the hole growth with rim formation.?%*2%*
Residual stress is another key as it has been shown time and
again that it can affect the hole growth and flow behavior in
general.>°>~2%7 It has been widely regarded that spin-coated
thin polymer films are ‘highly metastable’,?°® and large residual
stresses persist.””?%® It is also noted that spin-coating can lead
to oriented, nonequilibrium conformations of the polymer
chains.?® The residual stress adds to the driving force of hole
growth. Residual stress has been clearly shown to result in
apparent viscosity that appears to be reduced from their bulk
values. 182184187190 1y fact, a recent study showed that the
residual stress cannot be completely removed from a con-
strained film on a solid substrate.”'°

In addition to the above measurements on thin polymer
films, there are also reports on polymer flow through
nanometer-sized channels or gaps. Capillary forces appear to
be able to draw polystyrene (PS) melt into anodized aluminum

oxide membranes with channels 15 nm in diameter. The filling
rate is used to calculate the viscosity, which shows weaker
dependence on the molecular mass than the bulk behavior.*'!
In another report, the resistance to the squeezed flow into a
36 nm gap is found to be smaller for higher molecular weight
PS than for the lower molecular weight counterparts.>'? Both
cases demonstrate that confinement of polymer chains to
spaces smaller than the molecular coil size may greatly affect
the center of mass mobility.

7.18.3.7 X-ray Techniques

Generally speaking, X-ray techniques are not used to study poly-
mer dynamics. Most X-rays interact elastically with a material,
with the electrons in the material scattering the incident
photons. X-ray scattering techniques are well suited to probe
structure in matter due to the elastic nature of the scattering
and the commensurability of the X-ray wavelengths with the
structures encountered in materials. X-rays can be inelastically
scattered by material, where the scattered X-rays either gain or
lose energy depending on the dynamics of the atoms in the
material, but these techniques are not widely implemented for
polymeric materials and are beyond the scope of this chapter. An
X-ray technique that is very relevant to polymer dynamics in thin
confined films is X-ray photon correlation spectroscopy (XPCS).
There are some interesting studies that use XPCS in studying the
polymer melt surface wave and nanocomposites.'®”?'3-213
XPCS applies the same principles of dynamic light scattering in
the X-ray regime. A sample is illuminated by a coherent X-ray
beam which results in a speckle pattern in the scattered beam.
This speckle pattern contains the information about the relative
positions of the atoms or particles responsible for the scattering.
If the particles or atoms in the beam are dynamically active, the
speckle pattern will fluctuate with time. The dynamic informa-
tion of the particles is derived from an autocorrelation of the
speckle intensities as a function of time recorded in the scattering
experiment. The second-order autocorrelation curve is generated
from the intensity trace as follows:

(g = OED) 2
(1) )

where g,(¢,7) is the autocorrelation function of the intensity I at
a particular wave vector, ¢, and delay time, z. At short time
delays, the correlation is high because the particles or surface
waves do not have a chance to move to a great extent from the
initial state; I(t) and I(t+7) are similar for short time intervals.
As the time delays become longer, the correlation decays,
because the two signals become increasingly different from
each other. The Siegert equation relates the second-order auto-
correlation function with the first-order autocorrelation
function g;(q,7) as follows:

&(q.1)=1+pgi(q,7) ] 3]

where the parameter 3 is a correction factor that depends on the
geometry and alignment of the X-ray beam in the scattering
setup. g1(¢,7) contains the relaxation dynamics of the system.
Typically, XPCS measurements are sensitive to dynamic pro-
cesses on the order of 1072-10° Hz and length scales on the
order of 0.1-10*nm. A review paper supplies details of the
method and data reduction.?'®
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In nanofilled systems, the X-ray scattering contrast comes
from the electron density difference between the polymer
matrix and the nanoparticle, such as silica. The dynamics of
the polymer matrix will cause the position of the nanoparticles
to fluctuate. A good analogy is the movement of small particles
in a suspension due to Brownian motion. The relaxation of
polymer matrix is found to be very complicated and hetero-
geneous. Indeed, stretched exponential functions that are
commonly used in bulk polymers, f(g,t)=exp|[-(t/z)’] with
S <1, were not able to describe the correlation function and
the polymer matrix behavior.?'?

XPCS measurements have been very effective at quantifying
the surface wave dynamics in polymer thin films above their Tj.
If the incidence angle of the X-ray beam is kept below the
critical angle for total external reflection, the X-rays are not
able to penetrate into the thin polymer film and all the scatter-
ing results from waves across the polymer surface.'®” This, of
course, requires that the polymer be sufficiently above its glass
transition such that the capillary waves are dynamically acti-
vated. The off-specular diffuse scattering from the polymer
surface is recorded as a function of time with a
two-dimensional charge-coupled device (CCD) camera. Such
off-specular diffuse scattering is different from the specular
XRR. In XRR, the specular reflection only reveals information
in the direction of the sample surface normal, such as film
thickness and roughness. The diffuse in-plane scattering inten-
sity is usually much weaker than the specular intensity, but its
intensity is greatly enhanced in total external reflection, allow-
ing time-resolved measurement. In such a mode, the scattering
from the film-substrate interface is negligible, and only fluc-
tuations of the polymer-vacuum interface are probed. As
addressed in the previous section, the polymer melt surface
fluctuation should decay as a single exponential. Fitting of the
first-order autocorrelation function gives the relaxation time,
from which the viscosity is calculated. A series of measurements
revealed that polymer films thicker than 4R, yield thin film
viscosities in agreement with the bulk viscosity.'?”?!*2!3
However, thinner films show suppressed dynamics and
enhanced viscosity relative to the bulk.?'® In such strong thin
film confinement, the polymer surface cannot be regarded as a
viscous liquid; to interpret the XPCS data, a shear modulus has
to be included due to what has been interpreted as a pinning of
the polymer chains to the substrate.”"*

XPCS is a time-resolved X-ray diffuse scattering experiment.
However, even simple diffuse X-ray scattering has been used to
study the polymer thin film.'*%?'”?'8 When a molten polymer
thin film is quenched to temperatures well below Ty, the surface
waves at the elevated temperature are presumed to be frozen into
the now glassy film. This allows for diffuse scattering measure-
ments even above the critical angle for total external reflection in
spite of the weak intensity. The polymer thin film surface
behaves like a capillary wave when the interaction between the
film and the substrate is weak.'”*> Unusual nonliquid-like beha-
vior emerges under strong confinement due to strong
interactions at the polymer—substrate interface. 2'7'8

7.18.3.8 Inelastic Neutron Scattering

Neutron scattering is a powerful tool for characterizing the
structure and dynamics of soft materials like polymers.
Neutrons are similar to light and X-rays in terms of their utility

in scattering for materials science, but with several distinct
advantages that make neutrons well suited for characterizing
polymeric materials. Cold neutrons, like those found in most
neutron scattering facilities, have wavelengths on the order of
1-10A. As with X-rays, these length scales are on par with the
typical interatomic or intermolecular distances in materials,
which make diffraction and small-angle scattering measure-
ments feasible; neutrons are excellent structural probes,
comparable to X-rays in the parameters they can quantify.
Classic diffraction experiments can be used to probe intera-
tomic or intermolecular distances, crystal structures, and
radial distribution functions. Small-angle scattering experi-
ments can be used to probe larger ensembles or aggregate
structures such as particles, heterogeneities, agglomerates, and
crystal domains with length scales nominally in the 1 nm to
1um range. It is also possible to perform reflectivity experi-
ments using neutrons to characterize the thickness, vertical
density or composition profile, and roughness of a given poly-
mer film with thickness in the range of approximately
1-200 nm. Neutron diffraction, scattering, and reflectivity are
hence powerful structural probes for polymeric materials and
thin films.

The X-rays in most scattering experiments have energies on
the order of a few kilo electron volts. This is at least 6-7 orders
of magnitude greater than the typical solid- and liquid-state
excitations that occur in most polymeric materials. Most X-rays
scatter or penetrate polymers with very little change in the
energy of the incident beam. In contrast, cold neutrons have
energies typically in the millielectron volts range, which are on
the same order of magnitude as the activation energies for
many of the solid-state excitations, molecular relaxations, and
dynamic processes that occur in polymeric materials. This is
coupled by the fact that hydrogen-containing materials scatter
neutrons strongly; hydrogen has the largest scattering cross
section of all the elements for neutron scattering. This is unlike
X-ray scattering where the scattering length density of a material
increases with the atomic number Z. Hard materials like cera-
mics or metals typically do not scatter neutrons strongly at all,
whereas polymers and organics that are rich in hydrogen scatter
strongly. The combination of a large scattering cross section
with incident beam energies that are comparable to the intrin-
sic excitation energies means that polymeric materials scatter
neutrons with large changes in the energy of the incident neu-
tron beam. Using energy-sensitive neutron detectors, it is easy
to quantify the energy gain/loss from the scattered neutrons.
From energy and angular dependencies of the scattered neu-
trons, it is possible to determine the time and length scales of
the dynamic processes in the polymers. This is the basis for
inelastic neutron scattering.

The neutron scattering cross section of an element can be
broken into its coherent and incoherent components (there is
also an absorption cross section which is unrelated to scattering
which we will not address here). The cross section reflects the
number of neutrons scattered per second from the element
divided by the intensity of the incident neutron beam. For
coherent scattering events, there is a spatial correlation between
the scatterings from different nuclei of the same type (with the
same scattering length density). These spatial correlations allow
us to determine the Van Hove or the pair-pair correlation
function, that is, the spatial correlations between the different
atoms. For incoherent scattering events, this spatial correlation
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Figure 6 A series of spheres scaled to the corresponding incoherent
neutron scattering cross section of some of the elements commonly
encountered in polymeric materials. As discussed in the text, H has the
largest incoherent neutron scattering cross section of any of the elements.
Inelastic neutron scattering experiments to quantify dynamics, which rely
on incoherent scattering, are strongly biased toward the motions of the
hydrogenous groups.

is lost and there is no relation between scattering events
between different pairs of atoms. However, the energy gained
or lost by the scattered neutron is still perceivable. By convert-
ing the energy exchange into the time domain, one can
determine the self-correlation function. This tells us at a time
t (defined by the energy exchange) how far the nucleus has
moved from its initial position at t = 0. From the energy and
angular dependence of the incoherent scattering, one can deter-
mine the time and length scale of the relaxations or other
dynamic motions in a polymeric system. In the discussion
above, we mention that hydrogen has the largest scattering
cross section of all the elements. This cross section is nearly
all incoherent; the coherent scattering from hydrogen is negli-
gible. Figure 6 displays a series of circles whose areas are scaled
proportionally to the incoherent scattering cross section of the
nuclei they represent. From this representation, it is apparent
that inelastic neutron scattering is primarily sensitive to the
dynamics of the hydrogen-containing chemical groups or

moieties. As most polymers are hydrocarbons, their incoherent
scattering is very strong. Inelastic neutron scattering is one of
the most direct methods to quantify the time and length scales
of polymer dynamics.

The dynamic processes and relaxations that occur in poly-
mers span a broad range of time and length scales. It is
generally not possible to access the full phase space of time
and length scales of these processes in a single inelastic neutron
scattering experiment. Different types of experiments are sensi-
tive to different regions of this phase space, as illustrated in
Figure 7. With respect to polymer dynamics in confinement,
the three primary techniques that have been utilized thus far
include neutron spin echo (NSE) spectroscopy, backscattering
(BS) spectroscopy, and time-of-flight (TOF) spectroscopy. The
different principles of operation for these different spectro-
meters are beyond the scope of this review. Here, the primary
focus is in on the time and length scale of the dynamics probed
by each spectrometer. The NSE is sensitive to the slowest
motions of the three spectrometers. It is most sensitive to
dynamic processes on a timescale of 1077-107'%s, placing it
in the micro- to nanosecond range. To place the NSE technique
in context, most solid-state NMR instruments are sensitive to
dynamic processes on the order of a microsecond and slower.
As larger objects tend to move slower, NSE is also sensitive to
the longer-range motions; length scales on the order of
1-100nm are common in NSE experiments. At these length
scales NSE can be used to monitor diffusive motions of poly-
mer chains or large-scale collective motions that span across
tens to hundreds of atoms. By comparison, BS measurements
are sensitive to slightly faster and shorter range motions. Most
backscattering spectrometers are only sensitive to those
motions faster than a nanosecond (slower motions appear as
static or elastic scattering) at length scales that are comparable
to most wide-angle X-ray diffraction experiments. This includes
molecular and atomic displacements nominally in the 1-30 A
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Figure 7 This figure maps out the length and energy scales that are accessible with the different inelastic neutron scattering techniques. In the text, we
have limited our discussion to the time-of-flight (TOF) spectrometers, backscattering (BS) spectrometers, and spin echo spectrometers.



360 Polymer Dynamics in Constrained Geometries

range, which include not just atomic vibrations but also some
of the segmental motions. In polymers, these often include side
group motions, such as methyl rotations or crank shaft
motions of chain segments. The TOF spectroscopy is sensitive
to the fastest dynamics of the three instruments and to
dynamics on the order of picoseconds and faster and over
comparable length scales as in the BS instrument. At these
timescales, the dynamical processes probed in TOF experi-
ments are typically atomic or molecular vibrations. Many of
the same modes seen in infrared or Raman spectroscopy are
also evidenced by TOF spectroscopy. Yet, unlike infrared or
Raman, there are no optical selection rules in neutron scattering
as to which modes are visible; the closest equivalent would be
the scattering cross section. In this respect, TOF can be regarded
as more sensitive to the vibrational and high-frequency relaxa-
tion processes of the hydrogenous moieties in the sample. To
properly interpret experimental neutron scattering data for
polymers under strong states of confinement, it is important
to remain cognizant of the time and length scales of the
motions that the spectrometer is sensitive to.

Inelastic neutron scattering processes are typically weak in
comparison to elastic scattering events. The intensities of elas-
tically scattered neutrons (no energy exchange) are often 3-4
orders of magnitude greater than those observed in inelastic
scattering. To obtain a reasonable signal-to-noise ratio, most
inelastic scattering experiments typically require 50-100 mg of
the polymer sample in the neutron beam. This condition is not
met with a single thin polymer film. As we discuss later, there
have been several attempts to stack multiple thin films together
to obtain a sufficient scattering intensity, but sample prepara-
tion is a challenge. However, inelastic neutron scattering on
highly confined polymer systems achieved by either the nano-
particle or the nanopore confinement schemes is
straightforward. The hard confining media, either the particles
or the porous support media, often have scattering cross sec-
tions significantly smaller than the hydrocarbon polymers. The
inelastic scattering signal from the confining media is signifi-
cantly weaker and to a first approximation can be treated as
neutron transparent. The inelastic neutron scattering of a poly
(methyl methacrylate) confined by adding large volume frac-
tions of alumina nanoparticles is still dominated by the
polymer. This is further facilitated by the fact that dynamics
of the hard material, such as the aluminum sample can or
alumina nanoparticles, are often negligible in comparison to
the soft polymers. Nevertheless, it is always a good idea to
estimate the volume fractions of the hard confining material
and the soft polymer, calculate the relative scattering length
densities of the two phases, and obtain a quantitative estimate
of their relative contributions to the inelastic scattering. It is
also important to correct the experimental scattering data for
the background signal from the confining media, but this is
made easy by the fact that the polymer generally scatters
strongly and with considerably more dynamic processes in
comparison to the confining media.

The first inelastic neutron scattering measurements on poly-
mers under strong states of thin film confinement were
performed by Soles and co-workers on a variety of systems. In
reality, these pioneering measurements were not truly ‘inelastic’
in that they did not quantify the change in energy of the
scattered  neutrons.”'>?*>  Rather, they  monitored
confinement-induced changes in the elastic scattering intensity

as a function of temperature and wave vector and used the
Debye-Waller formalism and a harmonic oscillator approxi-
mation to convert the g dependence of the elastic intensity
changes into a mean square atomic displacement <u*> these
measurements could tell when a molecular motion became fast
enough to appear within the energy resolution window of the
spectrometer (approximately a nanosecond), but they could
not tell how fast they were moving within that window.
Nevertheless, these measurements showed a strong suppres-
sion of <u?> for films thinner than approximately 100 nm.
The magnitude of the suppression depended upon the sub-T,
or side group molecular mobility within the system. Systems
with higher mobility in the glassy state were more strongly
suppressed, while systems with little mobility below segmental
mobility below Ty showed little suppression below T,. Above
T, where molecular mobility is generally significantly higher,
all systems showed substantial suppression of mobility with
decreasing thickness. This was interpreted in terms of an effec-
tive stiffening of the polymer film. Surprisingly, there was no
correlation with these direct measurements of molecular mobi-
lity and the apparent T, measured by other techniques. Overall,
the level of mobility decreased regardless of whether the appar-
ent T, as measured by a kink in some other
temperature-dependent property, increased or decreased. The
authors also effectively correlated these suppressed mean
square atomic fluctuations to a slowing down of the
reaction-diffusion transport processes responsible for perfor-
mance of photoresists in semiconductor fabrication.

Shortly after these initial Debye-Waller measurements of
the elastic scattering intensities in thin polymer films, several
researchers developed methods to quantify the full inelastic
scattering spectra. In the original measurements by Soles and
co-workers,”'*?? the polymer films were supported on Si
wafers, cleaved into smaller pieces, and placed in the neutron
scattering cell. Since Si is essentially transparent to neutrons,
the scattering was dominated by the polymer films, despite the
fact that most of the sample cell contained Si. However, the
amount of polymer was not sufficient to resolve the inelastic
scattering processes that were several orders of magnitude
lower in intensity (and thus the use of the Debye-Waller
approximation). This problem was solved by several other
groups who used aqueous floating techniques to lift the poly-
mer films off the thick Si wafers and then transfer them to much
thinner aluminum foils or meshes.??°~?*? Using this approach,
they were able to increase the amount of polymer film in the
neutron beam by almost an order of magnitude. Since alumi-
num is also essentially transparent to neutrons, this enabled a
full quantification of the inelastic neutron scattering spectra as
a function of film thickness. These new results proved to be
fully consistent with the previous Si-supported films and
revealed a suppression of <u®> for films thinner than approxi-
mately 100 nm which was interpreted as an effective stiffening
of the film. The additional information provided by the inelas-
tic spectra help identify the nature of this dynamic suppression
or stiffening. The frequency of the Boson peak, a collective
many-atom vibrational mode with an energy of approximately
1-5meV in most glassy materials, was largely unchanged by
the state of thin film confinement. Rather, the dynamic sup-
pression showed up in the anharmonic or relaxation processes
of the material that occur on the nano to picoseconds time-
scale. These measurements revealed that the dynamic
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suppression of motions parallel to the plane of the film was less
significant than that perpendicular to the film.?*> They also
revealed that the magnitude of this dynamic suppression did
not appear to depend on the molecular mass of the polymer
ﬁlm.227

There have also been numerous inelastic neutron scattering
studies on polymer dynamics in strong states of nanopore
confinement. There are a wide variety of porous confining
media available that are made of inorganic and hard materials.
These materials are attractive for inelastic neutron scattering
studies because (1) the porous media is often transparent to
neutrons and (2) even if there is some inelastic scattering from
the porous media it is typically much more rigid and dynami-
cally dead than the soft polymers. These porous confinement
studies can be largely separated into two groups: channels and
spherical pores. Most of the porous channel work leverages the
increasing availability of porous AAO membranes which have
well-defined pore sizes packed in a hexagonal array, extending
for several microns to make thick, porous membranes
(although there have also been a few using similar porous
silicon substrates). One can readily fill the membrane by utiliz-
ing capillary forces which merely require placing a polymer
melt on the surface of the membrane. Most of the studies in
this field have focused on PEO in porous AAO. The first pub-
lished example in this field reported an increase in <u®> of the
PEO over the bulk state for confinement in 33 nm diameter
pores for temperatures between T, and T3 These increased
dynamics were attributed to a disruption of the crystallinity of
the PEO in the nanopores. The dynamics of amorphous PEO in
the rubbery state are significantly more active than crystalline
PEO below its melting temperature. However, subsequent
measurements on a range of pore sizes from 40 nm down to
13 nm in diameter seem to generally support a reduced mobi-
lity of the PEO with increasing confinement.”**~>*% The
emerging notion is that near the wall of the pore a layer of
tightly bound PEO forms while the molecules in the center
pore can display more bulk-like dynamics. However, these
measurements are not without controversy. One of the most
recent reports indicates that the PEO displays bulk-like beha-
vior even in an 18 nm pore.?**?3” It should also be emphasized
that measurements have used a range of spectrometers, includ-
ing TOF, BS, and NSE. Together, these instruments will
quantify timescales that include the high-frequency local
atomic displacements that would be affected by interactions
with the pore surface, intermediate Rouse modes of several
statistical segments between entanglement junctions, and the
larger-scale and slower reptation motions. What is somewhat
surprising is that it looks like the longer timescale dynamics
measured by NSE, on the verge between Rouse- and
reptation-like, are largely unchanged by confinement whereas
the higher-Q, higher-frequency modes in BS and TOF tend to
show the most signs of suppression. This notion could be
consistent with an immobilized, surface layer of molecule
around the periphery of the pore and a mobile population of
molecules in the center.

Most of the work on polymers confined in
three-dimensional pores have come from Schonhals and
co-workers on poly(methyl phenyl siloxane) (PMPS) and
poly(dimethyl siloxane) (PDMS) imbibed in controlled pore
glasses. They have a series of publications on these systems
which generally show a slowing down of the high-frequency

dynamics of the methyl groups and other hydrogenous groups
of the polymer as the pore size systematically decreases from
7.5 down to 2.5 nm.?*~>! At very low temperatures, deep in the
glassy state, the onset of the methyl rotors does not seem to be
strongly affected by confinement. However, above T there is a
clear decrease in the anharmonic motions that would give rise
to translational motions as the state of confinement increases.
This reduced mobility in the confined polymer is supported by
a transition from VFT-type dynamics in the bulk and large
pores to Arrhenius behavior in the smallest pores and a sub-
sequent decrease in the step change of heat capacity at the
calorimetric T,. Polymer mobility seems to be strongly sup-
pressed in three-dimensional nanopores.

7.18.3.9 Fluorescence Measurements

Fluorescence techniques are widely used to quantify the
dynamics of polymers in strong states of confinement. Most
of these measurements have been on polymers under thin film
confinement, but recently there have been a few extensions to
nanoparticle confinement as well.?>*?*° These optical techni-
ques are attractive because they are relatively easy to implement
in the laboratory setting and versatile in their capabilities.
Several different types of fluorescence measurements have
been used to quantify the dynamics of thin polymer films,
each sensitive to slightly different physical parameters, time-
scales, and length scales. Here, we briefly review the more
common approaches.

The most straightforward and widely implemented method
is to monitor the fluorescence intensity as a function of tem-
perature. A fluorescence detector or fluorimeter is used to
quantify the fluorescence intensity coming from the thin poly-
mer film while it is exposed to an excitation source. To
maximize the signal intensity at the detector, one usually first
looks at the complete spectrum of fluorescence emission of the
film and sets the detector to selectively monitor the wave-
lengths for one of the stronger emission peaks. It is then
straightforward to configure the polymer film, typically sup-
ported on a quartz or glass substrate, in a thermally controlled
environment and record the emission intensity as a function of
temperature. Typically, the fluorescence intensity decreases as
the temperature increases and one encounters a kink or change
in the temperature dependence at the calorimetric glass transi-
tion temperature of the polymer. The convention has been to
ascribe shifts in this kink with decreasing film thickness as
changes in the apparent glass transition of the thin polymer
film. This approach has largely been championed by the
Torkelson research group and they have amassed an extensive
body of literature on using these methods to study confined
and thin polymer films 3 15%239-261

There are many possible explanations as to why the fluor-
escence intensity is temperature dependent. Fluorescent
chromophores generally exhibit a reduction in their fluores-
cence intensity with increasing temperature due to the
increased thermal energy and the concomitant increase in
the rate of the nonradiative decay of the chromophore from
the excited state back down to the ground state. Shortened
excited states lead to a decrease in the fluorescence intensity
with increasing temperature. That the temperature dependence
of these decay processes is different above and below T, seems
reasonable, given the fact that polymer dynamics in the two
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regimes are very different. However, very little is known about
the mechanisms by which this occurs. One cannot easily assign
a dynamic time or length scale to these observations, since the
processes are complex and poorly understood. In fact, the
nature of the response is not always the same. Generally,
the temperature dependence of the intensity decay becomes
stronger above T, but there are a few examples of where it
becomes weaker.?*?2442%5 It has been suggested that the tran-
sition to a weaker thermal dependence above T, occurs when
the thin films have strong interactions with the substrate,
implying increased rigidity of the polymer in the rubbery
state,”*? but it has also been shown that the effect can be
induced by switching the covalent attachment point of the
chromophore from a chain end to a side group.?*> There are
also examples of fluorescence intensities that increase with
increasing temperature, making the interpretation compli-
cated.”®® These counterintuitive responses suggest a very
complicated connect to the level of polymer dynamics in the
film. We refer the readers to a recent manuscript which
describes in detail the nature of some of these anomalies.”*”
Nevertheless, time- and temperature-dependent fluorescent
measurements have proven to be a valuable tool in inferring
thickness-dependent changes in the dynamics of thin polymer
films from changes in their apparent glass transition tempera-
tures. There are numerous examples of where the apparent glass
transitions determined by this approach are consistent with
other complementary measurements.>*?724¢2542¢1 One of the
general themes that emerge in this literature is that the thin film
T, increases for films supported on substrates with favorable
interactions and decreases on substrates where the interactions
are unfavorable. These effects typically set in when the film
thickness drops below approximately 50 nm.

These temperature-dependent fluorescence intensity mea-
surements have been extremely powerful in extracting
distributions in the apparent glass transition temperature in
thin polymer films. There has been a long-standing debate in
the polymer thin film community about the nature of the
dynamics at the various interfaces of the film (e.g., free surface
or substrate) in comparison to the center of the film.
Theoretical predictions by de Gennes suggested that chains at
the free surface of a thin film exhibit enhanced mobility and
that the focus should be on determining the distribution of T,s
and mobilities through the thickness of the film. Fluorescence
intensity measurements effectively addressed this issue by spe-
cially designed multilayer films.?*® An extremely thin, 12-
14 nm thick, chromophore-labeled PS film was spin-cast on a
salt crystal and then floated off into a water bath. The labeled
PS film was then picked up and laminated onto
chromophore-free PS films that were about 1 order of magni-
tude thicker. Several variations of the multilayer films were
made. There were bilayers where the dye-labeled thin film
was either at the free surface or at the bottom in contact with
the supporting substrate as well as trilayers of varying thick-
nesses where the dye-labeled PS was located in the center of the
film. By monitoring the temperature dependence of the fluor-
escence intensity of just the dye-labeled marker layer at its
various locations, the authors could extract a distribution of
apparent T,s through the thickness of the multilayer composite.
These measurements revealed strong negative deviations of the
apparent T, near the free surface, but no deviations near
the rigid supporting substrate. When the total thickness of the

multilayer samples decreased below approximately 50 nm, the
authors saw apparent T reductions across the stack, but gen-
erally stronger ones near the free surface. These measurements
were also extended to multilayer films where the different
layers consisted of immiscible polymers to show that apparent
surface T, reductions could be eliminated by changing the
underlayer.?®" This implies collective molecular motions across
the interface. However, shifts in the apparent glass transition
temperature are not true measurements of polymer mobility;
shifts in a temperature-dependent kink do not necessarily cap-
ture overall changes in the polymer dynamics. Torkelson and
co-workers addressed this issue by using a known sensitivity of
the fluorescence intensity to isothermal physical ageing.>*” In
the early 1990s, they showed that physical ageing increases the
fluorescence intensity in a well-defined manner. Using this
phenomenon and the selectively labeled multilayer samples,
they were able to extract physical ageing rates as function of
location through the thickness of the film.?>*®?>° These mea-
surements revealed that the physical ageing rates were reduced
by a factor of 2 at the free surface and by a factor of 15 near the
supporting substrate. These results suggest retarded relaxations
of the polymer at both the free surface and the substrate. It is
striking that apparent T, reductions were observed for this same
system at the free surface but not the substrate interface. The
relation between the apparent Ty and the actual dynamics is not
always straightforward.

We have yet to discuss the chromophores used in these
temperature-dependent fluorescence measurements. There are
three possible schemes for obtaining fluorescence measure-
ments in thin films: freely doped films, labeled films, and
intrinsic fluorescence. Freely doped films are typically the
easiest samples to prepare, but also the most problematic to
interpret. For this approach, trace amounts of a fluorescent
small molecule such as pyrene, anthracene, or dispersed red 1
are added as a free dye to the spin-casting solution. The con-
centrations of these dyes are usually kept well below 1% by
mass of the polymer in the solution. As the film is spin-cast and
dried, the dye molecules are entrapped in the film. The idea is
that if trace amounts are used, the dye will not adversely affect
the intrinsic properties of the polymer matrix itself. This
approach is very easy in that chemistry is not required. As
long as a cosolvent can be found for the polymer and the dye,
films can be cast. However, one should verify that the probe
molecules are not altering the dynamics of the polymer by their
presence. The biggest problem with this approach, however, is
in the interpretation. Interfacial partitioning of the dye mole-
cules is a big concern. There will always be a slight preference
for one of the two components (dye and polymer) to be at an
interface or phase separate into domains and this may affect the
results; the fluorescence response might be biased toward one
of the substrates or a dye-rich region (depending on loading).
There can also be a tendency for the small probe molecules to
sublime from the film, especially at elevated temperatures,
which will give reproducibility errors in the fluorescent inten-
sities. Quantifying the amount and distribution of the free
probes in the thin films is not a trivial task.

Many of these concerns can be diminished or alleviated by
using polymers with chromophores or dyes covalently attached
to the chain as an end group, a side group, or segment inserted
into the main chain itself. Typically, these labels are added in
very low concentrations so that they do not affect the dynamics
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or nature of the neat polymer. Their incorporation into the
polymer chain keeps the dye molecules well dispersed. The
addition of the entropic contributions of the polymer to their
free energy of mixing keeps them well dispersed and less sus-
ceptible to surface energy effects. This also solves the problems
with dye sublimation. Using this approach, one can exact pre-
cise control over where the dye molecules are located along the
chain, reducing the ambiguity in the measurement. There are
also the innovative measurements that we discussed earlier of
selectively incorporating very thin layers of dye-labeled poly-
mers at specific locations within a thicker film to probe the
dynamics in different regions of the film.”>*?*° The biggest
complexity with this approach is the complication that custom
polymers must be synthesized or labeled. This is often a non-
trivial task. It is also known that the fluorescence response of a
dye molecule can depend on the way in which it is incorpo-
rated into a thin film. The thickness-dependent responses of
chromophore, one freely doped into a polymer and the other
covalently attached to that same polymer, can be completely
different.*> Furthermore, covalently attached chromophores
can also behave very differently if they are attached to different
locations of a polymer, such as a side group versus a terminal
end group.”*® This makes interpretation of the molecular
mechanisms of confinement difficult. However, they are quite
useful for identifying thickness trends within a given system.

There are also several temperature-dependent experiments
that rely upon the intrinsic fluorescence of the polymer. The
number of polymers that exhibit intrinsic fluorescence makes
these experiments limited, especially since this type of fluores-
cence is generally weak and not amendable for thin film
measurements. These types of experiments are preferred when
possible because they are not complicated by interpretations
about where or what the dye is doing in the polymer. However,
these measurements also come with their own set of concerns.
It is generally understood that the fluorescent intensity coming
from a polymer is dependent on the refractive index and
absorption coefficients of the polymer, which are also tempera-
ture dependent. However, estimates indicate that this effect is
not greater than a few percent on the measured intensities.”*
There are also reports that the fluorescence intensity can change
isothermally with physical ageing of the polymer.?>% 2> 262
This should be considered when comparing different heating or
cooling rates for the fluorescence intensity measurements.
In situ ageing affects might affect the measurements for very
slow ramp rates. It has also been shown that presence of
dissolved diluents or small molecules can have very pro-
nounced effects on the apparent Tgs measured by fluorescence
intensities.>**?**?>” Diluents have been shown effective at
eliminating thickness-induced changes in the apparent T, and
the presence of sorbed gases, water vapor, and/or residual cast-
ing solvents might influence the results as well.

A more detailed understanding of the dynamics in thin
polymer films can be obtained by switching from
temperature-dependent fluorescence intensity measurements to
quantitative measurements of the fluorescence lifetimes. The
ability to measure a well-defined lifetime assigns a specific time-
scale for the polymer dynamics being probed. There are many
different variations of these fluorescent lifetime measurements,
often differing in the timescales being probed. On the fast end of
the spectrum, there are several examples of measuring the fluor-
escence lifetime of the excited state of a dye molecule either

blended into or covalently attached to the polymer chain. The
excited state of the chromophore is typically generated with a
fast laser pulse (typically on the order of a nanosecond
full-width half maximum (FWHM)) of a single wavelength
laser which induces a fluorescent excited state followed by a
time-dependent monitoring of the fluorescent decay. Granick
and co-workers used this approach, coupled with a chromo-
phore whose optical dipole was aligned parallel to the chain
axis, to study the relaxation anisotropy in thin PS films.?** There
are also examples of where two photon processes, such as second
harmonic generation (SHG), can be used to excite the chromo-
phore. It is generally understood that the lifetime for the excited
states and the fluorescent lifetimes would be greatest in a
vacuum; inside a glassy or rubbery polymer, the long-lived
fluorescent lifetimes are cut short by interactions with the
chromophore and the surroundings. In this way, the fluorescent
lifetime is sensitive to the dynamic fluctuations in their
surrounding environment, that is, the polymer environment.
Often, these lifetimes are on the order of tens to hundreds of
nanoseconds in most polymeric environment. However, it is
dangerous to overgeneralize these timescales as they depend
on the size and nature of the chromophore. There are examples
using SHG excitation in combination with an electric field where
the susceptibility of the excited state fluorescence took several
hundred seconds to recover, although these results were some-
what complicated by the presence of an electric poling field.?”°
Nevertheless, there have been direct comparisons between the
temperature-dependent fluorescent measurements described
above and the lifetime measurements here that reveal similar
apparent glass transition in thin polymer films.>*” The advan-
tage of the lifetime measurements is that the timescale is well
defined.

It is also possible to use fluorescent techniques to quantify
diffusive processes in thin polymer films. Fluorescence NRET
methods have been utilized to quantify movements on the
order of 1-10nm of chromophores in thin polymer films.
NRET occurs when a donor chromophore that has been excited
into its fluorescent state transfers its energy to an acceptor
chromophore through a coulombic dipole-dipole interaction.
As these interactions fall off as 1/R®, where R is the separation
between the donor and the acceptor, these interactions are
limited to separations of just a few nanometers. The terminol-
ogy in this field can be somewhat confusing and other names
for essentially the same process include Forster resonant energy
transfer (FRET) or sometimes called fluorescent resonant
energy transfer (also FRET); all these processes are essentially
the same mechanism. The basic concept of these measurements
is to measure how long it takes for the excited donor chromo-
phore to transfer its energy to the acceptor. By knowing the
timescale and the Forster radius for the donor-acceptor pair,
one can estimate a diffusion coefficient over the length scale of
a few nanometers. This, of course, requires labeling the poly-
mers with suitable donor and acceptor molecules. The time for
energy transfer can be quantified by monitoring either the loss
of fluorescence in the acceptor chromophore or the onset of
fluorescence in the acceptor, if applicable. Hall and co-workers
were successful in extending these NRET-diffusive measure-
ments out over much longer length scales by assembling
bilayer polymer films where each half of the bilayer is only
labeled by the donor or the acceptor. With this approach, the
timescale for interdiffusion of the two layers could be tracked
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over several minutes by monitoring the onset of the NRET
effect as the two layers became intimately mixed."'>’

FRAP methods can also be used to quantify chain mobility
or tracer molecule mobility in confined polymeric systems.
FRAP experiments utilize a fluorescent dye molecule, either as
an additive or as a label on a polymer chain, whose emission is
irreversibly bleached by exposure to an intense laser light. An
initial ‘writing’ step creates spatial variations in the fluorescence
emission by selectively exposing specific regions of the film to
the intense incident radiation. The regions exposed to this light
lose their fluorescence, while the unexposed regions remain
fluorescent. A second ‘reading’ operation occurs by
flood-exposing the film to a uniform film of the same wave-
length light at a significantly reduced intensity. It is important
that the intensity of this reading beam is not sufficient to
induce photobleaching of the chromophore. This will create
fluorescent patterns, defined by selectively exposed regions, in
the as-bleached samples. Diffusion in the film is tracked by
monitoring the fluorescent intensity in the bleached regions.
With time, the active dye molecules can diffuse back into the
bleached regions, leading to a recovery of fluorescence. By
knowing how long it takes for steady-state fluorescence to
recover into the bleached regions and the length scale of the
bleached patterns, one can calculate an in-plane diffusion coef-
ficient for the dye-labeled species. The time and length scale of
these FRAP measurements are primarily defined by the periodi-
city of the pattern bleached into the film or material. The larger
the length scale of the bleached patterns the longer it will take
for active chromophores to diffuse back into the bleached
regions and recover the fluorescence. Depending on the size
of the patterns, this will be as short as hundreds of nanose-
conds to as long as several hours. This timescale will also
depend on the temperature and the viscosity in the polymer
film. Typically, the bleached patterns are periodic line-space
gratings. These can be achieved by passing the incident light
through a shadow mask such as chrome lines on a quartz
substrate. This method is well suited for pattern periodicities
on the order of a micron or larger, probing diffusion over
similar length scales. Frank and co-workers used this approach,
with a pattern periodicity of 4 pm, to document a 50% decrease
in the self-diffusion coefficient of dye-labeled PS chains for
films thinner than 150nm."*® This length scale was signifi-
cantly larger than the nominally 50 nm length scale for many
of the reported T deviations in thin PS films. It is also possible
to generate periodic optical patterns through interfering laser
beams. Tseng and co-workers used this approach to also probe
the mobility of dye-labeled PS in thin film over similar length
scales, but unlike Frank et al.,'*® they reported a significant
increase in the self-diffusion coefficient for films thinner than
100-300nm."**'>” The source of the discrepancy for these
measurements is believed to be segregation of the fluorescent
dye to the surface where the polymer mobility is enhanced.'*”
It should be possible to probe significantly smaller length
scales using the FRAP techniques using interfering laser beams
to generate the bleaching patterns; diffusion length scales on
the order of 100 nm or smaller should be feasible, although
reports in the literature have yet to be seen. Lastly, it is impor-
tant to note that this approach creates bleached patterns in the
plane of the film. Recovery of the fluorescence requires in-plane
diffusion of the active chromophores, which is one significant
advantage of this technique. Most methods, including all the

other fluorescent methods discussed thus far, cannot distin-
guish between in-plane and vertical dynamic processes.

7.18.3.10 Nuclear Magnetic Resonance

Solid-state nuclear magnetic resonance (NMR) can be used to
study molecular dynamics (MD) in confined polymeric sys-
tems. Since the NMR relaxations generally occur in the micro
to millisecond time regime, NMR is uniquely suited to study
the dynamics that occur under various levels of confinement
since critical relaxation times that relate to confinement (Rouse
modes, disengagement times, and Kuhn segment fluctuations)
also occur in this time regime. We refer the reader to more
comprehensive surveys on dynamics of organic materials
using solid NMR.?%263

The formal theory of Bloembergen, Pound, and Purcell
(BPP) has long been established to describe the relaxation of
nuclear magnetization by the coupling of the nuclear spins to
stochastically fluctuating local magnetic fields with spectral
density around the Larmor frequency (and its second harmo-
nic).266 Indeed, for several decades now, BPP theory has been
utilized to describe the fluctuations that occur in polymers in
the 10°-10°Hz frequency regime, generally by measuring
relaxation times over a range of temperatures and magnetic
field strengths. In this spirit, various parameterized models
have been established to describe specific spectral density func-
tions that might be observed in polymeric systems.’*” BPP
theory is also very useful for interpreting the strongly coupled
'H NMR line-shape since motional narrowing of the line is
generally observed for higher densities of fluctuations in the
megahertz regime. Indeed, '"H NMR line-shape analysis has
been utilized to qualitatively describe the motions of polymers
confined in multiple geometries,”*® to complement other vari-
able temperature relaxation studies that have been performed
on confined systems.?®%7°

Deuterium NMR is a powerful method for probing specific
molecular motions; a very comprehensive review was given
some time ago.>’' Since the deuterium nucleus is a quadru-
pole, it is sensitive to electric field gradients and, hence,
behaves as a second-rank tensor making the ?H resonance of
each nucleus sensitive to orientation. In the case of polymers
with molecular motions much slower than the theoretical NMR
linewidth (<10kHz), the resultant “H NMR line-shape is a
Pake doublet with a splitting that is directly proportional to
the quadrupolar coupling constant. However, polymers that
have molecular motions on similar timescales as the H line-
width (10kHz to 10 MHz) can induce interesting changes in
the ?H NMR line-shape which can be directly related to specific
molecular motions. As a result, the >H line-shape can be uti-
lized to understand specific molecular motions that occur in
polymers; it has been utilized for a number of confined poly-
meric systems for just that purpose.””>25

One quite robust method that can probe relaxations over
quite a broad range of frequencies is field cycling NMR relaxo-
metry.”®" In this method, high-field (several Tesla) polarized
magnetization is inverted or saturated and the recovery of the
magnetization occurs in a cycled magnetic field over a variable
time interval such that the longitudinal relaxation time (T;) can
be measured in various field strengths; recall that nuclear mag-
netic relaxation is sensitive to spectral density around the
Larmor frequency, which is in turn proportional to the field
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strength via the relation @ = yB,, where @ is the Larmor fre-
quency (rad s™'), y is the gyromagnetic ratio (rads™' T'), and
By is the magnetic field strength (T). Since the magnetic field
can be cycled over quite a large range of values (107°-1T), the
corresponding range of Larmor frequencies is considerably
large as well (10°-10° Hz). Hence, the longitudinal relaxation
time (T, ) measured via field cycling NMR can be used to probe
relaxations occurring over several decades in time (107°-107%s).
As a result, field cycling NMR has been demonstrated in
numerous polymeric systems in multiple geometries of con-
straint.?°72°2 Of specific note has been the work of Kimmich
and colleagues, who have utilized the technique on a confined
PEO melt in a solid methacrylate matrix, polyfluoropolyether
(PFPE) thin films sandwiched between Kapton foil, and PFPE
melts in confined silica glass (Vycor) nanopores.?”?

Another method that has been growing attention as of late
is multiple quantum magic angle spinning (MQMAS) NMR
due to the ease of implementation into standard solid NMR
spectrometers. In MQMAS, a (nonobservable) higher-order
quantum coherence is prepared, which is then allowed to
evolve over a variable mixing time, and is subsequently recon-
verted into a (detectable) single-quantum coherence state. A
veritable library of pulse sequences have been developed which
can populate higher-order coherence states. However, we only
mention the most highly used sequence, back-to-back (BABA),
utilized in double-quantum NMR due to its ability to be imple-
mented in experiments which rely on fast magic angle spinning
(MAS) (>25kHz). In double-quantum NMR, residual dipolar
couplings are measured between specific spin pairs by moni-
toring the growth of double-quantum intensity during the
excitation time. The strength of this residual dipolar coupling
is taken at several temperatures, which can then be used to
construct the orientational autocorrelation function over four
decades in time by utilizing the time-temperature
superposition:

{(T)NZb
kT
where N, is the number of statistical (Kuhn) segments in an
entangled unit, {(T) is the friction coefficient, and b is the tube
width in the Doi-Edwards model. The calculated orientational
autocorrelation function is very informative of the dynamics
that result from constraint, as has been shown by a number of

recent studies.??*~2%7
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7.18.3.11 Brillouin Light Scattering

BLS is the inelastic scattering of an incident optical wave field
by the thermally excited elastic waves or acoustic phonons that
naturally exist in all solids. These phonons set up periodic or
wave-like modulations of the dielectric constant or index of
refraction of the materials which are viewed as a moving dif-
fraction grating by the incident light. BLS refers to the scattering
of a coherent beam of laser light (photons) from these transi-
ent, propagating elastic waves (phonons). Concepts such as the
conservation of momentum and energy apply to this scattering
process. For an elastic wave in the material traveling with a
wave vector ¢ and frequency w(q), conservation of momentum
means

ke-ki=+gq 5]

where k; is the wave vector in the incident light and kg is the
wave vector of the scattered light. Likewise, the scalar conserva-
tion of momentum dictates that

o - = o(q) (6]

where wj is the frequency of scattered light, w; is the frequency
of the incident light, and w(q) is the g-dependent frequency of
the elastic wave in the medium. This is an inelastic scattering
process. The plus signs in the preceding equations correspond
to ‘anti-Stokes” events where phonons are annihilated and the
scattered photons gain energy, whereas the minus signs refer to
‘Stokes’ events where phonons are created and the scattered
photons lose energy. In the typical BLS experiment, it is
straightforward to quantify the frequency of the scattered
mode and therefore the shift in frequency from the incident
light Aw. By treating the scattering in a BLS experiment as a
Bragg reflection of the incident light by the moving optical
diffraction grating that is generated by the elastic wave and
taking advantage of the simplification that |ks|~ |ki| =k, one
can arrive at the relationship

v— io‘Aw‘
"~ 4mnsin(?/,)

7]

where v is the velocity of the acoustic mode in the material, ¢/2
is the Bragg angle, 1, is the wavelength of the incident photon,
and n is the index of refraction. From the frequency of the
incident and scattered light in a BLS experiment, it is straight-
forward to calculate the velocity of the propagating acoustic
mode.

There are many different types of elastic modes in a solid.
The longitudinal acoustic (LA) type modes have their unit
polarization vectors parallel to the wave vector g describing
their propagation, whereas transverse acoustic (TA) modes are
perpendicular. To properly interpret the nature of these differ-
ent modes, one must take into account several factors,
including the geometry of the sample, whether it is optically
transparent (bulk modes) or opaque (surface modes), and the
angular dispersions of the modes. Generally speaking though,
the velocity of the different modes can be predicted by the
elastic stiffness tensors of the material. Specifically,

VA = m [8]
via = /Cuu/, (9]

where vy, is the velocity of the LA mode, vy, is the velocity of
the TA mode, p is the material density, and C;; and C,4 are the
elastic stiffness constants. Cy4 is directly the shear modulus
(often denoted as G) of the material. From C;; and Cyy, it is
also straightforward to calculate Young’'s modulus E, bulk
modulus K, and Poisson’s ratio ¢ of the material through the
following equations:

_ C44(3C11-4Cys)

E 10

C11-Cas 10}

K = C11—3/4C44 [1 1]
1-2Cx

6= Je. [12]
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In other words, monitoring the velocities of the thermal pho-
nons allows for a direct measure of the material stiffness. As the
temperature increases and a polymeric material softens, there is a
concomitant slowing down in the velocity of the phonons tra-
veling through the material. For a more detailed description of
the acoustic properties of materials and the BLS measurement
techniques, we refer the reader to several relevant texts.””%3%

While BLS events are inelastic in nature, the frequency shift of
the light scattered by the phonons are typically 4-5 orders of
magnitude smaller than the central frequency of the incident. It
can be a challenge to detect such small, weak frequency shifts
which are usually on the order of 30-40 GHz at most; extremely
sensitive detection methods are required. These frequencies
mean that BLS measurements probe the elastic properties of
the material on a nanosecond time frame. This is usually much
faster than the mechanical methods that are used to quantify
analogous properties. For most BLS measurements, a tandem
Fabry-Perot interferometer is used to isolate these small, weak
frequency shifts from the strong elastic scattering. Tandem
Fabry-Perot interferometers, as described by Sandercock,
bounce the reflected light off a series of multi-pass mirrors
whose positions are precisely controlled by piezoelectric actua-
tors. The positions of the mirrors can be controlled, through
micrometer displacements, to only allow selective wavelengths
to pass through the optical path. By scanning the position of the
mirrors, one can monitor the intensity of the reflected light off
the central frequency as a function of wavelength or frequency
shift Aw, thereby identifying the different acoustic modes. As the
intensity of the inelastic BLS events is very weak and the calibra-
tion of the interferometer mirrors is very sensitive to events like
thermal fluctuations, these are very difficult measurements. The
detectors usually operate in the single-photon counting regime.
The signal-to-noise ratio is made worse by the required use of
extremely thin polymer films, where the amount of material
contributing to the scattering is limited. When studying thin
polymer films, one must also be aware of the wavelength of
the acoustic phonons being probed relative to the film thickness.
It is easy to get into the regime where the wavelength of the
acoustic mode is comparable or greater than the thickness of the
film. In this limit, the acoustic modes typically show softening in
a free-standing mode whereas stiffening is observed for sup-
ported films on rigid substrates.>?° In this limit, the modes
tend to probe more of the properties of the substrate of sur-
rounding media rather than the polymer itself.

Despite these difficulties, some of the initial and most semi-
nal measurements of T, shifts in confined polymer films have
come from the temperature dependence of the LA modes in thin
polymer films. In an analogous manner to a mechanical mod-
ulus measurement, the LA mode shows a pronounced softening
upon heating past the glass transition temperature of the poly-
mers. Some of the first T, reduction measurements in thin
polymer films performed as a function of decreasing film thick-
evidenced by temperature-dependent BLS
measurements. These include T, depressions in both supported
and free-standing films.**3%'3%? In general, these measurements
reveal the most dramatic reductions in T, observed for the
free-standing films, a somewhat decreased reduction for films
supported on a substrate, and a more diminished reduction for
supported films with a rigid capping layer. The authors generally
observed that these deviations from the bulk-like response of the
polymer set in for film thicknesses thinner than approximately

ness were

50 nm. Subsequent BLS measurements showed that these thin
film deviations were largely independent of chain length for
molecular masses less than approximately 350 kgmol™'; how-
ever, significantly larger chains did show T, depressions at
noticeably larger film thicknesses.>*>~*°> The molecular mass
independence for the lower molecular masses was rationalized
by the length scale of the film approaching the natural size of the
cooperatively rearranging regions (CRRs) for the glass; the chain
dimensions of the low molecular mass polymers were smaller
than the CRRs. The transition to a molecular mass dependent T,
shift for the larger chains nominally coincides with the mean
square end-to-end distance of the polymer coil being com-
pressed by the film thickness.

More recently, there have been several extensions of BLS
measurement to a wide range of confined polymer systems.
These include but are not limited to more detailed studies of
thin polymer films,>°® *°” materials confined to the domains of
a phase-separated diblock copolymer morphology,®®® % peri-
odic one-dimensional multilayer polymer systems,’'°"?
colloidal polymeric nanoparticles,>'*>'¢ and lithographically
fabricated polymer nanostructures.®'’~>'? These more compli-
cated states of confinement significantly complicate the analysis
of the BLS data. Typically, the focus is on how the nature of
sample geometry or periodicity influences the propagation or
dispersions of the different modes and less on how the dynami-
cal properties of the material change. As was originally shown by
Sandercock using the simplest thin film geometry, confinement
of the mode to a physical structure with dimensions approach-
ing the wavelength of the thermal phonons leads to a
quantization of that mode.*?° In this limit, the frequency or
velocity of the mode is a function of both the material properties
and the physical size. A change in size could be erroneously
interpreted as a change in modulus. It is straightforward to
determine film thickness independently via a variety of techni-
ques, making thin film BLS measurements generally reliable.
However, it becomes difficult to extract dynamical changes in
the material properties for more complicated structures where
there is uncertainty in shape and possibly even material proper-
ties. The two effects can be convoluted.

7.18.3.12 Modeling and Simulation

Modeling and simulation have played a critical role in advan-
cing our understanding of polymer dynamics under strong
states of confinement. With experimental measurement techni-
ques in polymer science, the biggest challenge is often to assign
a molecular mechanism to the observable of the experiment.
For example, how does a shift in the apparent T, of a thin PS
film as evidenced by a change in the temperature dependence
of the fluorescence intensity of a chromophore dye relate to a
molecular process in the polymer film? What is the cause of the
observed effect? This can be a difficult question to answer and
is precisely why this review focuses on describing to what the
different experimental methods are sensitive. The advantage of
modeling and simulation is that they have the potential to
directly reveal the reverse of this causal relationship; they can
be used to show how a molecular mechanism or specific pro-
cess leads to the change in an experimentally measured
property. This has proven to be an extremely useful tool in
understanding the dynamics of polymer systems under con-
finement. As described throughout this review, polymer
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confinement is a field with a significant amount of conflict and
contradiction between the different experimental methods and
measurement. We have yet to arrive at a completely unified
understanding of how confinement affects polymer dynamics.
In the face of this conflict, modeling and simulation have
played a critical role in leading the experimentalists to devise
new measurements and better refine their interpretation. There
is a vast body of literature utilizing modeling and simulation to
understand the behavior of polymer systems under confine-
ment. Since the molecular mechanisms or specific processes are
explicit in these computational methods, it is beyond the scope
of the text to provide a comprehensive review of this vast body.
Rather, in the following, we provide a short synopsis of some of
the different methods and emphasize some of the important
parameters or limits. We refer the reader to several excellent
review articles for a more comprehensive description of the
simulation methods typically encountered in polymeric mate-
rials in general.ﬂl‘”4 In this review, we limit the scope to
those studies relevant to confinement.

The use of simulation to predict a property or response for a
confined polymer requires a realistic and reliable model for the
system. Depending on the properties of interest, there are sev-
eral different types of models that one can use, with different
levels of complexity. The most physically and chemically accu-
rate model takes into account a large number of interaction
parameters, leading to computationally intensive simulations.
The trade-off quickly becomes sacrificing electronic, atomic,
and molecular specificity in the models to enable larger-scale
simulations. Real polymers are intrinsically large molecules,
containing hundreds to thousands of atoms per molecule. To
accurately model or predict the dynamical response of a poly-
mer system over longer time and length scales, one needs to
account for the many-body interactions between hundreds to
thousands of polymer chains, which becomes computationally
intensive. With the computing resources available today, one
must still sacrifice specificity in the model to predict larger-scale
properties that result from many-body dynamics.

At the most basic and complex level is the quantum
mechanical models that take into account all the nuclear and
electronic degrees of freedom of the system. These utilize the
quantum mechanical wave functions of the exact atoms in the
polymer to solve the Hamiltonian operator and ‘predict’ para-
meters like bond strengths, torsional potentials, and both
intermolecular and intramolecular interaction potentials from
first principles. These quantum mechanical models lead to the
most detailed and complicated descriptions of the polymer
system. They can be used to predict not only the
high-frequency, local atomic vibrations and modes in the
chain, but also qualities such as chemical reactions and elec-
trical properties. A more simplified approach comes from
classical atomistic models where the quantum effects are
ignored and the parameters like bond strengths, torsional
potentials, and intermolecular and intramolecular interactions
are simply assigned reasonable values. This helps simplify sub-
sequent simulations, enabling the modeling of larger-scale or
more complicated systems. However, the utility of these classi-
cal atomistic models depends strongly on the quality of the
model; considerable efforts are spent in trying to validate and
refine the force fields and interaction parameters in the model.
These atomistic models are typically used to predict dynamics
and local atomic fluctuations on the picosecond timescale and

angstrom to tens of nanometers length scale. At these length
scales, the motions start to become more collective in nature.

The next level of simplification comes from essentially
ignoring the hydrogen atoms in the system and treating che-
mical moieties such as a methyl or methylene group as a single
united atom with a single effective force field. This reduces the
complexity of the system and allows the prediction of a slightly
larger-scale response. Depending on the computing power of
the type of simulation method used, united atom models are
typically useful for predicting polymer dynamics on the nano
to micrometer length scale, over timescales from approximately
nano to microseconds. Further simplifications are made possi-
ble by coarse graining the system in different ways. This could
be restricting the number of sites available through lattice or
off-lattice locations, or introducing coarser binning of the chain
into multi-carbon atom beads or repeat units, the so-called
bead-spring models. These coarser grain models start to lose
molecular specificity, such as hydrogen bonding, specific
dipole interactions, or bond stiffness effects, but enable one
to increase the size of the system and number of molecules that
can be efficiently simulated. They typically use simplified
Lennard-Jones (LJ) potentials to describe the nonbonded inter-
actions between particles. This is needed to predict larger-scale
dynamics on the scale of Rouse- or reptation-type motions.

At the largest length scales, field theoretic and continuum
mechanics models are able to predict the equilibrium structure
of multicomponent systems and macroscopic flow response of
a polymer system. However, these models do not contain
molecular detail. They are based either on a phenomenological
description of the free energy of the system, such as the Flory-
Huggins or Landau free energies, or on actual hydrodynamic
parameters such as viscosity.

There are also several different kinds of simulation methods
that can be used to predict the response of polymers under
confinement. The so-called ab initio methods are used with the
quantum mechanical models to minimize the free energy
Hamiltonian and find the optimum configuration of the local
bond lengths, orientations, and inter and intramolecular con-
figurations. In most of these methods, the electronic states of
the polymers are accounted for and the simulations are the
most complicated. Ab initio methods are able to accurately
predict the response of a polymer from first principles on a
timescale on the order of femto to picoseconds at
sub-angstroms to nanometer length scales. They are the most
detailed and local form of simulation. The next level up in
terms of time and length scale is the MD simulation technique.
The MD simulation method entails solving the classic equa-
tions of motion for all the particles in the system. The atoms,
molecules, or particles move under the action of conservative
forces that are additive and symmetric, derived from the inter-
action potentials or force fields that are inputs for the model.
MD methods can be implemented with full atomistic, united
atom, and particle-based models; the technique is quite generic
in this respect. To extract dynamics, the MD technique inte-
grates the time rate of change in the momentum in the system
and equates that sum of the forces acting on it. The time and
length scale probed by MD methods depend on the details of
the model. Full atomistic simulations are more local while
coarse grained simulations reach longer time and length scales.
General speaking MD methods probe dynamics on timescales
of a femto- to tens of nanoseconds, up to length scales of tens
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to hundreds of nanometers. Given the nature of the MD
method, it is straightforward to impose a small distortion
(strain or stress) to the system and watch how the system
re-equilibrates. However, MD methods are generally poor at
establishing what that initial equilibrium structure is.

Both the MD and the ab initio methods minimize the free
energy of the system by watching the system move across the
potential energy surface into the lowest energy configuration.
With these path integral methods, it is easy for the system to
get caught in a local minimum that is not representative of the
actual system. To circumvent these problems, Monte Carlo (MC)
simulation methods are routinely applied to polymeric systems.
With the MC approach, the system is randomly placed in a large
number of different possible configurations. The total free energy
of the system is calculated for each possible configuration and
statistical mechanics are used to calculate the probability for each
of the different possibilities. This approach is generally much
better at establishing the equilibrium structure and less likely to
get caught in nonphysical local energy minima. For this reason,
MC and MD methods are often integrated together when simu-
lating polymer dynamics. MC methods can be used as an
annealing technique to establish what the equilibrium chain
conformation is. Once equilibrium is reached, MD methods
can be used to better quantify dynamics. Solving the equations
of motion is admittedly superior for quantifying the dynamic
behavior over the equilibrium statistical mechanics approach.
However, one can also establish transition probabilities for mov-
ing between different states to predict kinetic or dynamic
processes using MC simulations. The quality of these data is
highly dependent on the validity of the update criterion for
when a transition is allowed. These update criteria are phenom-
enological, because real polymers do not randomly ‘hop’
between different configurations, and therefore need to be vali-
dated. For dynamical process, MC methods extend the accessible
timescales out to the microsecond range and the length scales to
approximately micrometer. Again, the exact time and length
scale depend on the nature of the model being used. Atomistic
classical models tend to be more local and detailed than the
coarser united atom or bead-spring models.

The molecular insight into polymer dynamics under con-
finement is essentially lost when moving to these
coarser-grained models. Polymers begin to feel strong states
of confinements at length scale of approximately 100 nm or
less. Simulation methods that treat the entire system as an
effective medium do not provide insight into why the
dynamics are changing. There are a host of simulation techni-
ques that are suitable for larger-scale systems, including lattice
Boltzmann methods, field theoretic simulations, dynamic den-
sity functional theory methods, multiscale simulations, and
finite element methods. However, these techniques are rarely
used to study polymers under confinement unless they are
coupled with other simulation methods®?® and beyond the
scope of this review. Most of the simulations of polymers
under confinement are MC and/or MD in nature, using fully
atomistic, united atom, or bead-spring representations of the
polymers. The ab initio methods generally focus on time and
length scales too local for polymer dynamic studies. However,
Grant Smith and co-workers have been very successful in incor-
porating quantum mechanically accurate force fields into their
atomic MD simulations of confined polymers.*2°~3%°

The body of literature on using modeling and simulation to
quantify the dynamics of confined polymer systems is consider-
able. While our references are far from exhaustive, this body of
literature includes studies on thin film,88 104:282:325,330-352
particle,**?>3-357 and volumetric or nanopore states of
confinement. There are also a large number of publications
focusing on the structure and dynamics of polymers near free
surface and solid interfaces that are also relevant to understand-
ing polymers in confinement.>?”32%3¢1=37! There have been
several recent reviews summarizing the common themes that
have emerged from this body of research.*?*2333%7 It is now
generally recognized that density profile of the chain segments
near a surface or interface experiences an interfacial layering
effect323:327,332,347,351 355,367.369.372 Thjg layering is a natural
consequence of the geometric constraint of chain segments
near the surfaces since they are forced to predominantly lie
parallel to the interface. This results in a layering effect, with a
layer thickness equal to the molecular diameter of the polymer
chain that extends to approximately 5-10 molecular diameters
into the film. At longer length scales, the disorder in the amor-
phous material randomizes the system and the density profile
becomes uniform. For most polymer chain diameters, this
layered interfacial region is no more than 5-10nm thick.
Considering that a thin film will have two interfaces, these
length scales are reasonably consistent with experimental thin
film studies that report deviations in dynamic properties for
films thinner than approximately 50 nm. It should be noted
that this layering is purely a geometric effect and occurs near
free surfaces, surfaces with strongly attractive interactions with
the chain segments, and surfaces with weak or repulsive interac-
tions with the chain segments.

The nature of the interactions with the surface, however, does
have a significant impact on the change of the polymer dynamics
on confinement. For both the nanoparticle and thin film states
of confinement, it has been shown that dynamics of the polymer
are facilitated or speed up near a surface with repulsive or weak
interactions, whereas the dynamics slow down near a strongly
interacting surface 323328334342.344,345,348,353,355-357 Thyjg g
been shown for both the high-frequency local mean square
displacements of the atoms vibrating in their potential energy
wells, the so-called caged motions, and the larger-scale anhar-
monic or diffusive motions where the atoms or particles jump
out of the cages established by their nearest neighbors. For chain
segments near a free surface, it is generally observed that the
overall polymer dynamics are facilitated.***?**3%* However, it
has been shown that segmental motions near the surface can be
anisotropic. Diffusive motions perpendicular to the free surface
tend to slow down whereas motions parallel to the surface are
facilitated >3¢3473%43% gimulation and modeling have also
been helpful in developing and validating various theoretical
descriptions or arguments for the origins of confinement effects,
including mode coupling theory,8324:333:348-350352360,373,374

the coupling model,**7338341375376¢  qynamical heterogene-
ities/282,327,328,343,346,377 or CRRS'104,340,342,358,378

nano-
358-360

7.18.4 Physical Mechanisms of Confinement

Now that we have discussed some of the different ways in
which polymer dynamics can be quantified under strong states
of confinement, we briefly turn our attention to the
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interpretation or analysis of the data. As have alluded several
times through this text, the community still does not have a
comprehensive and predictive understanding of the dynamics
of polymers under confinement. The literature still contains
contradictions and there are definitely gaps in our understand-
ing of this complicated topic. A unified and predictive
understanding of polymer dynamics in confinement is still
beyond our reach. For a detailed understanding of the state of
this field, we refer the reader to several competent reviews on
this topic."'™'® In this section, we identify some of the key
physical mechanisms or fundamental questions that are
actively being discussed within this community. These are the
key topics of interest in this field and subject of the current
debates. We can bring some of these concepts to the reader’s
attention, but unfortunately we cannot answer all the outstand-
ing questions.

7.18.4.1 Finite Size versus Surface Interactions

A topic of considerable debate right now in the confinement
community relates to the difference between true finite-size
effects versus interface- or surface-driven interactions. In this
context, a finite-size effect would result from the low or reduced
dimensionality of the system. For polymeric molecules, these
are typically a confinement-induced change in the configura-
tion of the macromolecule, a loss of configurational entropy in
the confined system, or change or frustration in the density or
packing of the molecules in the confining space. These would
be changes that if present in the ‘bulk’ material would lead to
dramatically different properties. The other emerging school of
thought is that most of the ‘confinement’ effects are really just
surface effects. This concept appears consistent with a number
of experimental observations that the polymer dynamics near a
rigid interface with favorable or attractive interactions are hin-
dered whereas the mobility near an interface with repulsive or
nonfavorable interactions is facilitated. However, in practice it
is difficult to clearly distinguish between these two schools of
thought. It is reasonable to expect that the conformation of a
macromolecule near an interface that has either strongly attrac-
tive or repulsive interactions with the surface is different from
the bulk where the molecules are essentially bathed in a neutral
environment. Likewise, there is also the issue of the extent of
the surface interactions. How far away from the interface do
surface interactions propagate? It is difficult to cleanly separate
these schools of thought. To illustrate this by an example, one
of the classically recognized confinement effects is reduction of
the melting temperature in nanosized crystals. Crystalline
nanoparticles can have melting temperatures several hundred
degrees lower than their bulk counterparts, commonly referred
to as the Gibbs-Thompson effect; this is considered a funda-
mental finite-size effect. However, in reality, the lower melting
point comes from the increased chemical potential of the sys-
tem that arrives from the dominance of the surface energy and
radius of curvature in the free energy of the system; it is also
fundamentally an interfacial effect.

Another issue that has received considerable attention is the
difference between free-standing, supported, and capped (rigid
contacts on both sides) thin films. It is now widely believed
that the mobility of the polymer near an air interface is greater
than that near an interface with a more rigid material. There are
several different examples of how relaxations near a free air

surface proceed at a faster rate than those in the bulk material.
This is largely consistent with the thin film T, literature which
seems to indicate that the T, depressions in a free-standing film
are more significant than those in either a supported or capped
film. Quite often, the theoretical predictions of enhanced chain
end segregation near a free surface are invoked to describe this
observation and there have been dynamic AFM measurements
of the polymer viscosity as a function of molecular mass that
support this argument; higher molecular mass chains have
fewer chain ends to segregate and less significant reductions
in the surface viscosity over the bulk. There have also been
theoretical predictions by de Gennes of enhanced chain slide
or reptation motions near the free surface of the polymer.>””
His theory predicts a decrease in the Ty of the thin film when
the thickness of the film approaches the natural dimensions of
the polymer coil. However, contrary to these predictions of
enhanced mobility near a free surface, XRR and positron anni-
hilation lifetime spectroscopy measurements always show a
reduced thermal expansion coefficient as the film thickness
decreases. Inelastic neutron scattering measurements also sup-
port this notion of reduced mobility in thin films, regardless of
the nature of the interface. A comprehensive understanding
remains elusive.

7.18.4.2 Chain Conformation and Molecular Mass

Intuitively, polymers are very intriguing materials to study
under confinement. The R, of a single polymer coil, depending
on its molecular mass, can be anywhere from a few up to 30 or
40 nm for high molecular mass polymers. These are very large
length scales compared to the fundamental structural units of
other types of materials. For this reason, it is intuitive to think
that finite-size or confinement effects occur at much larger
length scales in polymers relative to other types of materials.
To a first approximation, this notion seems to be true. Seminal
measurements by Dalnoki-Veress and co-workers'* *5° showed
that reductions of the apparent glass transition temperature in
PS films were somewhat independent of molecular mass,
becoming significant for films nominally thinner than 50 nm
for polymers below a critical molecular mass of approximately
378 kgmol™". At this molecular mass, the R, of the polymer is
certainly becoming comparable to the thickness at which the
deviations are evidenced. Furthermore, for larger molecular
masses the onset of the apparent thin film T, systematically
shifted to thicker films with increasing molecular mass. These
data, presented in Figure 8(a), strongly suggest that under
certain circumstances the length scale of the unperturbed mole-
cule relative to the film thickness is an important factor in
establishing the glass transition of the thin film. However,
Figure 8(b) also shows the experimental data and Gibbs-
Thompson melting point reductions of tin nanoparticles as a
function of particle diameter.*®' What is striking in this plot is
that the melting point suppressions do not become dramatic
until the radius of the particle drops below 50 nm. This is
almost exactly the same length scale for the T, reductions in
the lower molecular mass PS films in Figure 8(a). Concepts of
macromolecular length scales do not apply to gold atoms. It is
actually quite remarkable that the length scale of 50 nm shows
up repeatedly in a range of material systems for the onset of
finite-size deviations. The nature of this is not clear but it is
clear that perturbations of chain conformation are not
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Figure 8 (a) Measured T values for free-standing PS films with M,
from 120 to 9100 kg mol". Reproduced with permission from Wu, W. L.;
Vanzanten, J. H.; Orts, W. J. Macromolecules 1995, 28, 771.°

(b) Measured melting temperature of tin nanoparticles as a function of
their particle diameter. The solid line is a modified Gibbs—Thompson
model.Reproduced with permission from Lai, S. L.; Guo, J. Y.; Petrova, V.;
et al. Phys. Rev. Lett. 1996, 77, 9.3

required. It appears that for extremely large chains, conforma-
tional distortions might be an issue, but for shorter ones it is
not required to evidence finite-size effects.

To help clarify these issues, there have been attempts to
measure the R; of the polymer under different states of con-
finement. Several simulations have predicted that R, changes in
thin films upon confinement, generally leading to a flattening
of the coil in the thickness direction and nominal spreading of
the coil in plane.?*??%273%¢ Experimentally, there have been
attempts to quantify the R, in thin films using small-angle
neutron scattering. Early reports did indeed evidence this flat-
tening of the random coil in stacks of thin films that were cast
on water.>®” However, Jones and co-workers found that the Rg
in the plane of the film remained bulk-like, even in films whose
thickness was less than unperturbed dimensions of the
coil. #8391 The state of thin film confinement did not flatten
the random coil configuration of the molecule. Similar mea-
surements were repeated with PS imbibed in the nanochannels
of an AAO membrane. Even when the diameter of the pore
became significantly less than the unperturbed dimensions of
the polymer coil, the R, remained bulk-like.”!' There really
only appear to be two possible explanations for these observa-
tions. The first relates to the true nature of a random walk in a

polymer coil. Most people assume that the geometry of the coil
can be approximated by a sphere in three dimensions. This is
actually not true and early works show that the random walk of
a linearly connected chain leads to high aspect ratio ellipsoids
or cigar-shaped objects.*? It is within the realm of possibility
that the ellipsoids simply lay down in the plane of the film or
align themselves down the axis of the AAO nanopores. These
molecular orientations would not require distortions of the
coils. The cigars could still be randomly oriented in the plane
of the film and could explain why transmission ‘sans’ measure-
ments reveals an Ry that is still very close to the bulk value.

7.18.4.3 Entanglement Density

The explanation of the R, measurements above does not
strongly relate to dynamics. However, there is a second possible
explanation that would have an impact on the dynamical
response of the polymer. It is well known that dynamic proper-
ties like flow, viscosity, and other relaxation processes are
influenced by the entanglement density of a polymer.
Entanglements are constraints that resist viscous flow. The
observation above of an average chain diameter in the plane
of the film that does not flatten out and expand with decreasing
film thickness also suggests that interfaces of the film act as
reflecting interfaces. When a random walk approaches an inter-
face, it simply changes directions and reflects back on itself. We
know that chains of an amorphous polymer are highly
entangled and interpenetrating. This has to be true to generate
the well-understood intermolecular entanglement junctions
that are evidenced in rheological experiments. If in extremely
thin films the chains are forced to fold back in on themselves,
the result would be that intermolecular penetration and entan-
glements are lost.**** This is an attractive concept, depicted
schematically in Figure 9, to explain dynamic observations
where increased molecular mobility is evidenced in thin
films. However, it is difficult to quantify the degree of entangle-
ment in a thin polymer film as quantitative rheology
measurements are difficult. There are now a few measurements
starting to address this issue. Si and co-workers recently used
the degree of necking in the thickness direction that occurs in a
polymer film under tensile deformation to predict a reduced
thin film entanglement density.**® These measurements were
supported by Rowland and co-workers who saw a decreased
resistance to viscous flow of the polymer melt under a nanos-
cale punch in high molecular mass polymers when the
thickness of the film became less than the R of the polymer.
However, recent bubble inflation'?®'2*3°¢ and surface forces
apparatus®”'?® measurements of polymer melts evidence a
‘stiffening’ in very thin films that would seemingly not support
a reduced entanglement density. A clear understanding of the
nature of the entanglement density in confined polymer sys-
tems remains an issue of debate.

7.18.4.4 Cooperative and Collective Motions

The notion of collective or cooperative motions in glasses and
liquids has been around for many years, stemming back to the
original Adam-Gibbs theory.**” Their concept is based on the
argument that configurational entropy is required for diffusive
motions in a polymer. There are CRRs of molecules or polymer
segments in a melt that grow in upon cooling and make
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configurational transitions more difficult. When the CRRs grow
to be the size of the entire system, there is no configurational
entropy left since the system is frozen. There have been several
attempts to quantify the size of the CRRs in bulk polymer
system using different models and measurements such as
calorimetry,®*8*°" NMR,*°?7% and dielectric spectroscopy;®*
typically estimates of the CRRs are on the order of 1-7 nm in
diameter at the glass transition. It is then natural to think about
this model in terms of confinement where the length scales
of the system at a given temperature can approach the size
of the CRRs, thereby affecting the dynamics of the sys-
tem.23,25,63,84,90, 104,110,142,225,241,243,244,246,256,261,304,340,358,373,375,
376,380,400,401,406-413 If the size of the system becomes smaller than
the CRRs, then the extent of the CRRs become saturated and
additional cooling is not as effective at suppressing dynamics as
compared to the bulk. In this case the dynamics over the bulk
would be enhanced. We note that estimated CRR length scales of
approximately 1-7 nm are much smaller than the approximately
50 nm length scales for the apparent T, deviations in thin polymer
films. However, the CRR length scales are much more consistent
with the dynamic confinement effects when the polymer is con-
fined either by nanoparticles (especially when the particles are
sheet or flake-like particles like clay) or in a nanoporous matrix.
It is also common to discuss the physics of polymer glasses
and liquids in terms of spatially heterogenous dynamics
(SHDs). Modeling and simulations have shown that the
dynamic processes are highly localized and collective.*'*~#!¢
The dynamic processes of a disordered glass or liquid are
dominated by a small fraction of the atoms, segments, or
molecules that execute collective motions. These SHDs often
have string-like shapes and, like the CRRs from the Adam-
Gibbs theory, grow in length as the system is cooled.
Theoretical comparisons have suggested that the CRRs and
SHDs are largely equivalent.*'”*'® As with the CRRs, the nat-
ural question here is how the length scales of confinement in
turn affect the SHDs and the dynamic response of the polymer.
These efforts include theoretical predictions,*'~*?! computer
simulation and modeling*7??%3%° and experimental

,90,213,231,232,278,280,289,295,297,41 7 1
methods.6790213:231,:232,278,280,289,295.297.410 " Qe interesting

development here has been computer simulations that suggest
both thin film confinement and the addition of diluents or
plasticizers to bulk materials effectively reduce the level of
SHD.34° This, when combined with experimental observations
that the deviations apparent in the T, of thin polymer films can
be eliminated by the addition of plasticizers to the film, seems
to suggest that the SHDs are indeed important.®**2>7

7.18.4.5 Nonequilibrium Effects

As mentioned several times throughout this review, there has
been difficulty in building consensus on the effects of confine-
ment on polymer dynamics. This can in part be traced to the
fact that a wide range of nonequilibrium or nonintuitive
responses have made the interpretation more difficult. There
is still a large amount that we do not understand regarding
polymer dynamics under strong states of confinement and this
has undoubtedly complicated the interpretation. Some of the
earliest reports in this field suggested that spin-cast thin poly-
mer films are metastable states,?°® exhibiting isothermal
expansion even deep in the glassy state. Since these early
results, there have been others identifying confined polymers
as metastable”37"*?2 or nonequilibrium!80240-399408423,424
systems. This can lead to a nonintuitive response of the mate-
rial such as an apparent negative thermal expansion coefficient
or a film that expands upon cooling.?°®?3!425=428 There are
a number of reports now indicating that both the ther-
mal’>117135:206303.429  and  processing®*? history of the
samples will have an impact on the dynamical properties.
People are starting to pay more attention to how parameters
like residual solvent?0®207290:423:430431 = and/or  residual
stress!87/190,205-207,256:423,432-437 impact the response of the
material. The bottom line is that there are many complications
in highly confined systems relative to bulk polymers. We do
not fully understand the nature of these complications at this
time. This is precisely why this review has focused primarily on
the different types of measurement and the aspects of the
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polymer dynamics to which they are sensitive. To help unravel
the mystery of polymer dynamics under confinement and help
resolve many of the existing controversies, it is important to
better understand the physics behind measurement. This chap-
ter is intended to be a resource for those seeking such an
understanding.
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