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ABSTRACT: The nature of the structural ordering within semicrystalline poly(3-dodecylthiophene) films
has been analyzed using a Warren-Averbach line-shape analysis which includes up to five orders of the
(h00) lattice reflections. This analysis yields a semiquantitative measure of the volume averaged crystallite
sizes, the lattice parameter variations, and the disorder fluctuations. The progression of these quantities
has been followed through a liquid crystal polymer (LCP) phase transition which occurs in the vicinity
of 60 °C. The pronounced peak width narrowing of the low-order (h00) reflections, observed on heating,
is found to be essentially uncorrelated with a theorized annealing-induced increase in average crystallite
size. The major contribution to this narrowing arises from systematic variations in the microscopic
heterogeneities and fluctuations. Moreover, we observe an anomalously large increase in the higher-
order (h00) (h ) 3-5) peak widths at temperatures spanning that of the thermotropic LCP transition.
This effect is found to be strongly correlated with a maximum in the disorder fluctuations, and this
relationship suggests an underlying mechanism for the nature of the LCP transition.

Introduction

The increasing molecular-level complexity of poly-
meric materials, in the pursuit of specific nanoscale
architectures and properties, has created a vastly
expanding litany of possible structural forms possessing
a wealth of subtle, contradictory, and often interrelated
structural characteristics. In addition to the overall
organizational features of the fundamental base struc-
ture, these systems often contain pronounced micro-
scopic inhomogeneities indicative of paracrystallinity,
structural defects, and/or systematic disorder. In many
instances these secondary effects are an integral com-
ponent of the molecular-level structure and, as such,
necessarily play a fundamental role in defining a
material’s properties and limitations.

The poly(alkylthiophene) (or PAT) family of conduct-
ing polymers is a widely studied model system, and
these hosts exhibit a diverse range of physical traits.1-3

Much of this behavior can be traced directly to the side-
chain addition which fulfills a number of technologically
important roles. Foremost is the creation of soluble and
fusible materials which retain the electroactive nature
of the conjugated polymer backbone. However, there is
an array of secondary effects that are both electronic
and structural in nature. The chemical incompatibility
between the polar π-conjugated thiophene main chain
and nonpolar alkyl side chains effects a constrained local
phase separation whereby layered stacks of the main
chains are separated by well-defined layers of the side
chains. Thus, a series of evenly spaced reflections at low
angle are clearly observed in diffraction studies, and
these represent the first-, second-, and higher-order
reflections of the lamellar d-spacing.4 This close stacking
of the polythiophene backbones enhances the interchain
transport and dramatically improves the measured

conductivities, especially in polymer compounds which
are regioregular.5

The lamellar construction of these PATs also mani-
fests a number of scattering attributes indicative of local
disorder and strong structural heterogeneities, including
paracrystallinity. These irregularities may be intrinsic
(the presence of gauche conformations and side-chain
packing disorder) or extrinsic (the extent of regioregu-
larity of the side-chain anchoring). This disorder can be
random in origin (i.e., uncorrelated), leading to the well-
known Debye factor exponential drop in intensity with
respect to higher order, or far more complex, as indi-
cated by a systematic increase in the observed peak
widths with higher-order index.6

A general procedure for analyzing the complex evolu-
tion of individual peak line shapes (including widths)
was proposed by Hosemann assuming that polymers
and other materials exist with a solid-state structure
different than that of a perfect crystal.7-10 Instead of
describing a solid as being composed of a three-
dimensional (3D) crystalline lattice with statistical
variations from the equilibrium positions, a better
description is to employ an ordered array of unit cells
that exist as distorted parallelograms. These paral-
lelograms essentially retain the row and column struc-
ture but include significant amounts of distortion. The
lattices of these “paracrystals” have distance statistics
which can then be generated as shown by the specific
examples cited in Hindeleh and Hosemann.7 As a result,
imperfect materials often exhibit systematic effects in
their Bragg scattering profiles which can be quantified
through a detailed line-shape analysis of the individual
Bragg reflections.11

In a traditional line-shape analysis, the observed
profiles result from a convolution of various broadening
mechanisms including a distribution of finite crystal
sizes (coherently diffracting domains or CDDs), varia-
tion in lattice parameters from CDD to CDD, and
displacement disorder within a CDD. The effects of
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crystal size are independent of the order for a given
series of reflections, whereas lattice parameter fluctua-
tion and displacement disorder both impart a functional
dependence with respect to the order for a given set of
reflections. For materials whose x-ray diffraction pro-
files exhibit multiple orders of a given reflection [such
as (100), (200), ...], the effects of crystal size and disorder
can, in principle, unambiguously be separated. In
practice, the problematical nature of polymer scattering
often makes this approach a difficult proposition. The
basic origins of this technique are credited to Warren
and Averbach (WA) who applied this analysis to metals
having undergone mechanical deformations.6,12-14 This
analysis continues to be applied to scattering from
metals and superconductors,15-23 ceramics,24,25 and
other materials.26 These systems tend to have large
CDDs and relatively small, unambiguous scattering
backgrounds as compared to most polymers. In these
materials, corrections for instrumental effects are the
primary difficulty and erroneous background subtrac-
tion is a secondary concern limiting the final accuracy
of extracted quantities.

Application of the WA approach to polymer systems
has had some limited successes.11,27-29 The difficulties
in determining the correct noncrystalline background,
which can account for an appreciable component of the
scattering, and a pronounced lack of multiple diffraction
peak orders are the two major factors limiting a direct
application of the WA method to analyzing polymer
microstructure. Layer-forming polymers, especially those
with a well-defined layer d-spacing are potentially
useful candidate materials in this respect because the
Bragg reflections arising from the large d-spacing can
be reasonably well-segregated from other reflections and
each other. Poly(3-dodecylthiophene) (P3DDT), which
has a nominal 26.2 Å layer room temperature d-spacing,
five (or more) distinguishable (h00) orders, and pro-
nounced signatures of local disorder, is an attractive
system for a rigorous separation of size and disorder
effects via the WA analysis.

The semicrystalline nature of P3DDT (and many
other PATs) has been studied extensively by x-ray
diffraction;2,30 as well as by many other techniques1,31-34

[including UV absorption, differential scanning calo-
rimetry (DSC), and infrared spectroscopy], and the
thermotropic evolution of the semicrystalline poly(3-
alkylthiopene) (P3AT) films is qualitatively understood.
DSC studies have revealed that P3DDT samples similar
to those used in this study have two broad endothermic
peaks at intermediate temperatures of ∼30 and ∼60 °C
and then melt completely above 130 °C. The 30 °C peak
has been attributed to a melting of the side-chain
crystallinity, whereas the 60 °C transition is liquid
crystalline in nature, whereby the “out-of-phase” stag-
gering (parallel to the chain axis) by nearest-neighbor
P3AT chains is lost, creating a nematic, free-floating,
intrastack ordering. X-ray diffraction studies probing
this transformation observe a progressive loss in scat-
tering intensity in the (002) meridional peak35 and a
systematic merging of the various (h20) reflections36 into
a single broad scattering feature. The melting transition
of the side chains and the loss of chain-to-chain stacking
order appear to be correlated.

The majority of the above-cited x-ray studies are
consistent with P3DDT adopting, at temperatures below
30 °C, a well-defined lamellar structure in which both
the skeletal backbone and the alkyl side groups have

almost fully extended trans conformations. Detailed
model calculations36 support a structure in which the
side chains are strongly tilted with respect to the layer
repeat direction so that the side-chain nesting ap-
proximates a 4.5 Å hexagonal close-packing in close
correspondence to the average packing of pure alkanes37

or polyethylene.38 Evidence for a secondary crystalline
ordering of the side chains is seen in the methylenes
farthest from the backbone. P3ATs with side-chains of
octyl and shorter do not show this side-chain crystal-
lization. This is evident from DSC and x-ray diffraction
studies of P3ATs with various lengths of side chains.
Earlier studies of other side-chain-substituted polymers
support a model in which side-chain crystallinity begins
at or near the 10th methylene group within the side
chain.39

In many instances, the (100) and higher-order (h00)
reflections narrow somewhat at temperatures just above
those spanning the thermotropic liquid crystal phase
(LCP) transitions.35,36,40 For P3DDT, a claimed ∼15%
increase in crystal size (over the temperature range of
10-120 °C) is obtained by applying the methodology of
Scherrer41 which simply examines the individual peak
full width at half-maximum (fwhm). However, it is
important to emphasize that this often-used Scherrer
analysis is known to constitute only a rough measure
of this quantity and, as a result, many claims of the
measured CDD dimensions are actually overestimates
(up to a factor of two).

In this paper, after a brief review of WA line-profile
analysis theory and necessary methodology, we apply
this method to analyze the (h00) reflections observed
in uniaxially stretch-oriented P3DDT as a function of
temperature. This WA analysis clearly demonstrates
that the vast majority of observed narrowing in any of
the (h00) diffraction profiles is not associated with
increases in the mean crystallite size. In fact, much of
the inferred narrowing is actually correlated with a
pronounced (h00)-order-dependent peak broadening
anomaly which spans the temperatures between the
broad DSC endotherms observed at ∼30 and ∼60 °C.
This structural evolution is overwhelmingly dominated
by a singular and systematic reduction in the lattice
parameter fluctuation and a pronounced increase in the
disorder fluctuations at temperatures near the LCP
transition temperatures. Changes in side-chain disorder
are inferred by considering the disordering mechanisms
present in P3DDT in a direction perpendicular to the
polythiophene polymer axis and that of the polymer
layers (i.e., along the layer repeat direction). A possible
explanation for this increase in the disorder fluctuations
at intermediate temperatures appears to be rooted in
the existence of a highly heterogeneous melting of the
alkyl sidechains and, as such, may be a general at-
tribute of LCP transitions in other structurally related
polymer materials.42

Experimental Section

The P3DDT samples utilized in this study were
obtained by a direct oxidative coupling of 3-dodecylth-
iophene with FeCl3.43 After synthesis, the FeCl3 was
extracted, and the films were dissolved in chloroform.
These solutions were then filtered and immediately
poured directly onto glass slides. After solvent evapora-
tion, the films were lifted by methanol and clamped into
a simple stretching device. Uniaxial stretching ratios
approaching 4:1 were achieved at drawing temperatures
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of ca. 100 °C, producing film thicknesses of approxi-
mately 40 µm.44,45 These samples were then stored in a
clamped state at room temperature for a number of
months. Both casting and uniaxial stretching introduced
anisotropy in the spatial distribution of the crystallite
fractions so that a full 3-dimensional texturing is
obtained.36 Because regioregularity of a side-chain
anchoring site can be an important issue, we note that
these P3DDT samples exhibit an approximate 75%
head-tail coupling of the 3-alkylthiophene monomers
to the main chain.46

The primary x-ray instrumentation utilized in this
study included a rotating anode generator with a copper
target (λKR ) 1.542 Å), an elastically bent LiF mono-
chrometer, an INEL CPS120 “wire” detector designed
around a blade anode (which allows for a simultaneous
120° 2θ of data acquisition with 0.015° readout resolu-
tion), and full helium beam paths to minimize “air”
scatter.47 The polymer sample was mounted in trans-
mission geometry and placed in a heater cell assembly
stabilized to better than (2 °C. Initially, the sample was
cooled to 10 °C using a water-cooled peltier stage
(Melcor Frigichip CP1.0-31-05C). Temperatures were
increased in a stepwise fashion (from 10 to 30, 50, 60,
70, 80, 100, and finally 120 °C). At each temperature,
the sample was allowed to equilibrate a minimum of
∼15 minutes before the continuation of data acquisition.
Acquisition times varied from 4-8 hours, with typically
2 × 107 counts recorded across the entire detector array.

Subsequent long-term detector background studies
using a Fe57 source revealed systematic and reproduc-
ible pixel-to-pixel relative intensity variations of up to
0.5%. This nonlinearity of response has been found to
drift very slowly over long time frames and thus limits
the ability for a full retroactive correction of this effect.
At the time of data acquisition, a reliable method for
correction of this systematic error had not been fully
implemented, thereby limiting this component of rela-
tive standard uncertainty to 0.5% (or less).

Data sets were corrected for instrumental broadening
by the method of iterative unfolding.48 A zeolite powder
sample, Y-52, was used as an instrumental standard.
Resulting scattering profiles exhibited 13 strong, non-
overlapping peaks in the range 6.0°-32.0° 2θ. The
absence of a zeolite peak near ∼3.3° 2θ required an
extrapolation of instrument peak parameters to this
scattering region.

Each zeolite reflection was fit with two pseudo-Voigt
shaped peaks, ηG + (1 - η)L (where G and L are
Gaussian and Lorentzian peaks with the same full
width at half-maximum), to reproduce the partially
superimposed KR1,R2 character for each instrumental
peak. The measured peak widths were then fit49,50 to
fwhm2 ) U tan2 θ + V tan θ + W, with average values
of ηR1 ) 0.60, ηR2 ) 0.74, and R1/R2 intensity ratio of 3.33,
remaining relatively constant over the region of interest.
This procedure allows one to approximate the “instru-
mental” broadening effects present at every 2θ position
in the data sets.

Line-Shape Broadening

A. General Overview. In the absence of instrumen-
tal contributions, all observed diffraction profiles must
be representative of a convolution of at least three
nominally independent broadening mechanisms: the
CDD size (i.e., crystal size), “long-range” disorder in-
cluding lattice parameter fluctuations, and paracrys-

talline displacement disorder (of the second kind). Each
of these attributes imparts a different order-dependent
functionality and, in the presence of at least two or more
resolved orders of reflection, can be uniquely specified.
The exact microscopic origin of the latter two displace-
ment fluctuations are varied and have been the subject
of much debate but, for the purposes of this work, are
not a priori specified in any overt fashion. The actual
process of deconvoluting these peak broadening mech-
anisms is further complicated by moments in the
broadening mechanism distributions which give rise to
pseudo-Voigt line-shapes. Although cumbersome, the
general methods of WA,6,12-14 and more specifically the
methodology utilized by Crist and Howard in a poly-
ethylene study,29 allow these effects to be individually
resolved.

Displacement disorder of the first kind can be char-
acterized as displacement defects or physical defects
that disturb the “short-range” order within a crystallite.
This type of disorder manifests itself as thermal vibra-
tions, frozen displacements, or other phenomena that
do not alter the actual shapes of any Bragg diffraction
peak but do influence the intensity as a function of
scattering angle.41

Prior to implementing a WA line-shape analysis, all
data must be first corrected for effects not reflected in
the internal structure of the material. Examples of these
include instrumental broadening, Lorentz-polarization
factors, and variations in atomic scattering and absorp-
tion. After the appropriate correction procedure, the nth-
order Fourier cosine transform coefficient of a specific
h-order diffraction peak has the form6,29,51,52

where AS(n), Ah
e (n), Ah

D(n) are the normalized [Ah(0) ≡
1] Fourier cosine coefficients for, respectively, the crys-
tallite size, lattice parameter fluctuation, and displace-
ment disorder. The Fourier coefficients with n ) -N/2,
-N/2 + 1, ..., N/2 contain information on a length scale
L(n) which is dependent on the angular distance be-
tween scattering points, ∆q, and number of scattering
data points, N, considered for a given Bragg peak.

The line broadening problem has been traditionally
considered using an arbitrary distribution of crystal-

Figure 1. Representation of the poly(3-dodecylthiophene)
crystal packing by considering it to be composed of columns
of unit cells parallel to the a-axis.

Ah(n) ) AS(n)Ah
e (n)Ah

D(n) (1)

L(n) ) n/N∆q (2)
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lites,14 whereby each crystallite can be represented in
terms of a 2-dimensional array of columns of unit cells
along some ab direction (see Figure 1). The statistical
description of the various broadening mechanisms is
straightforward and is throughly discussed by Crist and
Howard.29 The lattice parameter d ) |ab|, which defines
the average lattice spacing within a particular crystal-
lite, and 〈d〉 which defines the average lattice parameter
value averaged over all crystallites, allows one to define
the lattice parameter fluctuation reduced variance as

Likewise, Zn describes the displacement between two
unit cells within a column that are n unit cells apart,
with an ideal separation of nd and an actual separation
of ndh. Takahashi51 has argued that strain distributions
with identical particles and independent displacements
of unit cells can be regarded as the sum of a finite
number of random variables with the following relation
expected:

The linear dependence of 〈Zn
2〉 on n can be shown to

result from various types of displacement disorder of
the second kind.51,53-55 The fact that the reduced
positional uncertainty increases with separation is the
signature of this type of disorder.

The normalized Fourier cosine coefficients should
then be of the following form:14

where N(n) is the average number of crystal cells L(n)
apart per column of cells (each cell extends parallel to
the layer normal direction ab). N3 is the volume-averaged
column length, or the effective average crystallite size.
Equations 6 and 7 can be expanded with no loss of
generality

with approximated eqs 9 and 11 being valid for small
fluctuations or exact for fluctuations obeying Gaussian
statistics.

Following the graphical method of WA6,12 and Crist
and Howard29 (see Figure 2), one can separate size and
distortion effects by taking the natural logarithm of eqn
1:

Applying linear regression to a “Guinier” plot of ln Ah-
(n) versus h2, while holding n constant, determines the

terms ln N(n)/N3 and -2π2f(n) from the y-intercepts and
slopes, respectively. Thereafter, one can further sepa-
rate the effects of lattice parameter and displacement
disorder by a linear regression analysis of f(n) versus n
or, equivalently, f(L) versus L, where L is given by eq
2.

Errors in background determination and Fourier
transformation, especially those resulting from the
truncation of experimental diffraction peak tails, can
lead to misrepresentation of the lowest-order Fourier
coefficients. Regrettably, these are the same coefficients
that are the most accurately approximated by eqs 9 and
11. These errors are evident when a plot of ln AS(n)
versus n possesses any negative curvature. This “hook
effect” is not physically allowable because the volume-
weighted distribution of column lengths, pv(n), is related
to the second derivative of the crystal size coefficients,
AS(n), by the relation56-59

In general practice, when the hook effect is present, the
lowest-order coefficients are ignored (in our case, for n
e 3), and a linear fit of f(n) versus n returns the values
for 〈e2〉 and g2.

When disorder fluctuations are not small or when
distributions do not exhibit Gaussian statistics, eqs 9
and 11 may not remain reliable approximations. This
problem can be overcome with the availability of more
than two orders of reflection, allowing for the imple-
mentation of the more general expansion

〈e2〉 ) (〈d2〉 - 〈d〉2)/〈d〉2 (3)

〈Zn
2〉 ) n〈Z1

2〉 ) n(〈dh2〉 - 〈d〉2)/〈d〉2 ) ng2 (4)

AS(n) ) N(n)/N3 (5)

Ah
e (n) ) 〈cos(2πhne)〉 (6)

Ah
D(n) ) 〈cos(2πhZn)〉 (7)

Ah
e (n) ) 1 - 2π2h2n2e2 + O(∆) - ... (8)

≈ e-2π2h2n2e2
(9)

Ah
D(n) ) 1 - 2π2h2〈Zn

2〉 + O(∆) - ... (10)

≈ e-2π2h2〈Zn
2〉 (11)

ln Ah(n) ) ln N(n)/N3 - 2π2h2nf(n) (12)

f(n) ) g2 + n〈e2〉 (13)

Figure 2. Schematic of peak profile analysis methodology.

npv(n) )
d2 AS(n)

dn2
(14)
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Alternatively, fitting Ah(n) to an - bnh2 + cnh4 - ... also
allows for the separation of size and distortion effects
from peak profiles,60 where N(n)/N3 ) an and f(n) ) bn/
2πh2nan.

B. Procedure for Polymer Peak Analysis. After
iteratively unfolding the instrument profile from the
diffraction spectra, the raw data sets (shown in Figure
3) were corrected for Lorentz polarization, absorption,
variations in atomic scattering, and Debye-Waller
effects.41 Conversion from 2θ to wave vector, q )
(4π/2)(sin θ)/λ, was immediately followed by subtraction
of an appropriate background. Each data set was fit
with a linear superposition of pseudo-Voigt peaks that
approximated scattering by both “amorphous” and
crystalline scattering sources (the background profile
for the 10 °C P3DDT data is illustrated in Figure 4). To
obtain a single peak line-shape, a composite of the
amorphous background profile and all other fitted
crystalline peaks was subtracted from the experimental
data. Thus, the overlapping effect of neighboring dif-
fraction peaks was addressed by effectively treating
them as a background feature in extracting the par-
ticular peak profile of interest.

The choice of an appropriate background is especially
important. Some studies have used profiles from samples
quenched from the melt as a background for subsequent
line-shape analysis. The overall efficacy of this method
in polymers is suspect because of the sensitivity of
polymer structure to forming conditions. For these
P3DDT samples, this approach could not be imple-
mented.

To place some constraints on the actual backgrounds
used, two considerations were emphasized. First, a prior
structure factor modeling study was used to formulate
acceptable crystalline and amorphous scattering frac-
tions,36 and second, the known existence of a second
structural polymorph (a type-II phase) provided for the
inclusion of additional narrower features in the back-
ground profile.61 These features have been observed in
a variety of P3AT samples.61-65 The presence of this
minority phase impurity produced three modest inten-
sity localized features, centered at 2θ values of 4.75°,
9.5°, and 14.2° (identified by arrows in Figures 3 and
4).

One final experimental artifact, arising from a com-
bination of the broad character of the (h00) diffraction
peaks, the large interlayer d-spacing, and the associated
small angle of the (100) reflection, created an unavoid-
able “shadowing” of the beam stop over the low-angle
portion of the (100) peak. Corrections for the (100) peak
intensity at 2θ angles less than 3° were obtained by
simply mirroring the unaffected line-shape from the
high-angle side.

A fast Fourier transform (FFT) algorithm66 was
implemented to perform the necessary transforms. To
minimize the introduction of truncation effects for the
Fourier coefficients of interest, tails were added to the
resulting peak profiles.60 Each peak was fit to a pseudo-
Voigt line-shape, and the tails from this function were
added where data values approached 0 to within the
error of the data (an example is illustrated in Figure
5). All imaginary parts of the resulting transforms (sine

coefficients) were within expected limits due to counting
statistic limitations and therefore negligible, but to
insure that the above manipulations of the various
diffraction profiles had not resulted in an unphysical
peak shape (assuming mirror symmetry of the peaks),
the real part of the transforms was inverse-transformed
and subtracted from the original data, revealing what
can be considered as the “true” background used in this
analysis. The resulting transforms were then fit by both
eqs 12 and 15, yielding numerical values for the
aforementioned broadening parameters.

Results and Discussion
A stepwise thermal progression of eight equatorial

P3DDT scattering profiles, before application of any

Figure 3. Plot of equatorial P3DDT scattering data showing
the relative intensity variation for the first five (h00) orders
of the interlayer repeat. Arrows indicate positions of parasitic
secondary peaks from crystalline structural polymorph (type-
II).

Figure 4. Corrected 10 °C data set before and after back-
ground removal. Relative uncertainties are less than 0.5%.
Note: In this instance q ≡ 2(sin θ)/λ which is conventional in
peak shape analysis.

Ah(n) )
N(n)
N3

[1 - 4π2h2n
2!

(g2 + n〈e2〉) +

16π4h4n2

4!
(g4 + 2n〈e2〉g2 + n2〈e4〉) - ...] (15)
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corrections or background subtraction, is shown in
Figure 3 using a log10 scale. In these curves, the first
five (h00) Bragg reflections are clearly discernible, and
the qualitative changes in the peak behavior are evi-
dent. With respect to the two limiting temperatures, 10
and 120 °C, the systematic narrowing on heating is
clearly demonstrated.

To emphasize the systematic complexity in the evolu-
tion in response to thermal heating, every peak full
width at half-maximum for the first four (h00) reflec-
tions is plotted in Figure 6. The (100) reflection tends
to narrow smoothly with increasing temperature so that
a simple Scherrer analysis suggests a modest increase
in the average crystallite size from 270 to 310 Å. With
the exception of the (100) reflections there is a dramatic
temperature-dependent broadening of the high-order

reflections at temperatures from 30 to 60 °C; the higher
the h index, the more pronounced the broadening
becomes. In the case of the (500) reflection, labeled in
Figure 3, this peak is only marginally discernible over
the background in the 50 °C scan.

With respect to the WA analysis, the elimination of
effects arising from the unwanted type-II minority
phase peaks was, in certain instances, especially trouble-
some. Although the first of these peaks was located
almost halfway between the (100) and (200) reflections,
making its removal straightforward, the second- and
third-order type-II phase peaks are positioned im-
mediately adjacent to or underneath the (300) and (400)
profiles. Because of differences in the thermal expansion
of these two phases, the second-order background peak
(indicated by the arrow at ∼9° 2θ) starts out on the low-
angle shoulder of the (300) peak at 10 °C and effectively
shifts toward the higher 2θ angle, until it has nearly
the same scattering angle as the (300) peak, at 60 °C.
This systematic behavior strongly inhibited an unam-
biguous determination of the peak profiles in the (300)
reflection over this temperature range. Still, the line-
shape progression with increasing order specified by eqs
12 and 13 allows one to choose only backgrounds which
give rise to physically meaningful parameters. Without
this limiting constraint, the resulting crystal size and
disorder parameters became intolerably large, and the
lattice parameter fluctuations appeared unphysical (i.e.,
negative). For temperatures above 60 °C, the type-II
phase transforms into the majority phase, thereby
significantly simplifying the background-fitting proce-
dure. Moreover, at these higher temperatures, the 5th-
order peak was sufficiently well-resolved for inclusion
in the WA analysis.

Despite these difficulties, the presence of multiple,
resolvable (h00) reflections both lessens the negative
impact that an inaccurate peak profile imparts on final
disorder parameter values and, simultaneously, pro-
vides insight as to the correct peak profile by imposing
a self-consistent progression of peak profiles with
respect to increasing h-order. Table 1 contains the
extracted pseudo-Voigt functionally of various peak line-
shapes, η, as a function of temperature and increasing
h-order. Although the relative fluctuations in η are
significant, especially those of h ) 3 and 4, there is
ample evidence for systematic behavior. In the case of
the (100) reflection, η is essentially temperature-
independent with an average value of approximately
0.60 (a more Gaussian-like line-shape). With respect to
fixed temperature and increasing h-order, there is a
gradual evolution towards a predominantly Lorentzian
character at temperatures above 70 °C and a weak
tendency towards increased Gaussian character for
temperatures below 50 °C. In the two intermediate
temperature scans, there is a rapid drop to a Lorentzian
dominated profile on stepping from the (100) to the (200)
reflection.

Figure 5. Two 10 °C (h00) experimental curves in combina-
tion with added “wings” (or “tails”) for reduction of FFT
artifacts. Error bars represent 95% confidence levels based on
combinations of the counting statistics.

Figure 6. Variations in measure peak full width at half-
maximum for the indicated (h00) reflections.

Table 1. Table of Relative Gaussian/Lorentzian
Line-Shape, η

temp (°C) h ) 1, η h ) 2, η h ) 3, η h ) 4, η

10 0.60 0.77 0.83 0.63
30 0.61 0.74 0.81 1.00
50 0.61 0.16 0.33 0.38
60 0.58 0.10 0.30 0.06
70 0.58 0.63 0.25 0.84
80 0.64 0.78 0.45 0.02

100 0.59 0.64 0.45 0.36
120 0.62 0.57 0.45 0.00
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The presence of five orders of reflection also highlights
the potential problems implicit in studies that include
only a small number of reflection orders. When applying
the Warren-Averbach/Crist-Howard method to P3DDT
diffraction spectra using only the first two orders of
reflection, the separation of size and fluctuation effects
is trivial (two points make an unambiguous line). When
the (300) peaks are considered, a plot of ln Ah(n) versus
h2 quite frequently appears nonlinear, nondecreasing,
or both (see Figure 7); although this is consistent with
studies of other materials.12,67,68 If higher-order peaks
are utilized, the break from nonlinearity is even more
pronounced. This suggests that the approximations used
in eq 12 may be breaking down even before the 3rd-
order reflection and that higher moments of Zn are
becoming important or, possibly, that errors in back-
ground subtraction have occurred. Few authors have
commented on deviations from the expected linear
relationship between peak shape and peak order cor-
relations, and we are aware of only two prior polymer
studies which include three67 or more68 orders within a
family of reflections.

Using all available data from the Figure 7, four orders
for temperatures below 60 °C and all five orders
otherwise, and separating size and distortion according
to the approximations implicit in eq 12 results in size
coefficients with little or no hook effect. Estimates of
Fourier coefficient uncertainties were consistently de-
termined and used so that, in effect, the higher-order
coefficients (h > 2) often had only a limited impact on
the final results. The resulting plot of f(L) versus L, as
shown in Figure 8, produced a linear relationship
(except, as expected, for the lowest n-order coefficients),
making separation of g and e straightforward and
unambiguous. Fitting only the first three orders with
eq 12 had little effect on N3 but had some influence on
the values of e and g.

When more than two orders of reflection are consid-
ered, higher-order terms are also available for separat-
ing the size and fluctuation coefficients through eq 15.

Moreover, if the coefficients are small, then both should
yield similar results. Using this alternate method by
fitting the data to eq 15 produced a better multiorder
fit, but this is expected at the onset because this step
introduces an additional fitting parameter. We note that
the two representative Fourier coefficient versus the h2

plots of Figure 7, at 30 and 80 °C, present somewhat
different functional forms. In general, this method
yielded size coefficients similar to those of the first
scheme but typically gave comparatively smaller values
of e and g. For some temperatures, the values of e and
g simply could not be determined because plots of f(L)
versus L, as shown in Figure 9, possess a significant
negative slope. Without improved scattering data, in-
creased accuracy, or both in the background determi-

Figure 7. P3DDT Fourier cosine coefficients for the first four
or five orders of the (h00) reflection vs h2 for temperatures of
30 (top) and 80 °C (bottom).

Figure 8. Plot of f(L) vs L as obtained from eq 12. The slope
and the y-intercept give 〈e2〉 and g2, respectively.

Figure 9. Plot of f(L) vs L as obtained from eq 15. The slope
and the y-intercept give 〈e2〉 and g2, respectively.
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nation, this approach will not yield additional improve-
ments in the derived parameters.

The temperature dependence of the lattice parameter
fluctuations, 〈e2〉1/2, the disorder fluctuations, g, the CDD
(N3), and lattice repeat spacings (d) are all simulta-
neously displayed in Figure 10 and Table 2. When all
broadening effects are taken into account, the Scherrer
formula derived [Lhkl ) 0.89λ/∆2θ cos θ from the (100)
data] average crystal size of 270 Å, at room temperature,
drops to a nominal value of 170 Å. This disparity
between the two methods can be attributed to a dispro-
portionately high proportion of small crystallites within
the polymer film. The scattering from these smaller
crystals tends to produce contribution in the tails of the
diffraction peaks without broadening the peak width
proportionally. In fact, after the actual thermal expan-
sion of the polymer unit cell is considered, this average
270 Å crystallite size remains a relatively constant
function of temperature at approximately 10.5 lattice
repeats. Thus, the narrowing in the observed (100)
P3DDT peak width on increasing temperature, which
has been attributed to an increase in crystal domain
size,35 appears be a misleading conclusion.

The WA peak profile analysis presented here suggests
a very modest increase in N3 on moving from 10 to 50
°C. This may indicate an increase in crystal size from

6.5 to 7.5 unit cells although the subsequent drop in N3
at even higher temperatures (where the background
determinations are best) tend to implicate artifacts in
the analysis procedure. In a more general setting, it is
likely that analogous observations in other polymer
hosts has led to similar misinterpretation of “annealing”
in other polymer systems. Thus, many claims of in-
creased or decreased crystal domain size may actually
arise from irreversible (or possibly even reversible)
reductions in the intrinsic disorder.

In contrast, the overall progression in the lattice
parameter and disorder fluctuation is quite remarkable.
As the temperature increases past the lower tempera-
ture DSC endotherm (∼30 °C), the disorder fluctuations
increase rapidly reaching a maximum near the higher
temperature endotherm (∼60 °C) which is nearly 3
times that measured at 10 °C. Further temperature
increases are correlated with only gradual decreases in
g. On the other hand, the lattice parameter fluctuation
value remains relatively constant until after 60 °C and
then drops to essentially zero before increasing once
again. We stress that the results obtained at the highest
temperatures are particularly free from uncertainties
in the background determination and are therefore
expected to be most accurate.

Without referring explicitly to this WA analysis, the
simplest phase-transition sequence which could ad-
equately explain the anomalously large increase in peak
width as a function of increasing h-order, at 50 and 60
°C, would be that individual crystallite domains sequen-
tially undergo a transformation to the LCP mesophase.
In this case, these P3DDT samples would yield hetero-
geneous system having a two-phase coexistence of both
the high- and low-temperature phases over an extended
temperature range. Thus, the scattering profiles should
be represented by a superposition of monotonically
increasing/decreasing contributions of the two relative
phase fractions possessing two different thermal expan-
sion rates (see the top panel of Figure 10). The experi-
mental data clearly contradicts this theorized scenario
because only a single well-defined set of multiple higher-
order peaks is ever recorded. The relatively narrow
width of the the peaks at temperatures straddling the
two phase transitions in combination with the rather
large difference in measured d-spacings would invari-
ably create higher order (h00) reflections with a pro-
nounced double-hump character.

Hence, we suggest the following sequence of events.
At temperatures above the side-chain melting temper-
ature (i.e., ∼30 °C) there is a progressive loss of layer-
to-layer coupling, and in addition, there is the onset of
the chain-to-chain intrastack disordering transition.
With respect to the first process, there appears to be a
localized, uncorrelated melting of the side chains within
each and every P3DDT crystallite. These local inhomo-
geneities apparently play a highly disruptive role in the
development of periodic long-range order and, as such,
would be expected to generate an extremely strong
signature indicative of fluctuation disorder, especially
with the approach of the second structural transition.
At temperatures exceeding 60 °C, the nematic free-
floating nature of the LCP system would tend to
completely minimize any nonlocal impact of any re-
sidual inhomogeneities, thus allowing for a rapid de-
crease in the measured lattice parameter fluctuation
and displacement disorder coefficients, at least until the
onset of the higher temperature melting transition. This

Figure 10. Plots of various parameters as a function of
temperature for (at top) interlamellar d-spacing (9); (at middle)
crystal size according to Scherrer formula (+) and WA analysis
(]); and (at bottom) displacement disorder, g (b), and lattice
parameter fluctuation, e (O). Error bars represent 95% confi-
dence levels based on a Monte Carlo bootstrap procedure.

Table 2. Peak Profile Analysis Results

temp (°C) d (Å) N3 (Å) g e

10 26.1 171 0.016 0.017
30 26.3 183 0.024 0.018
50 26.9 222 0.046 0.023
60 27.5 213 0.043 0.019
70 28.2 202 0.038 0.005
80 28.6 218 0.034 0.000

100 28.8 179 0.022 0.010
120 28.9 190 0.027 0.008
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process is probably rather general to lamellar LCP
systems (including Langmuir-Blodgett multilayers),
but we are presently unaware of any other studies
attempting to obtain a rigorous result.

Conclusions

Although peak profile analysis has not been exten-
sively applied to analyzing disorder in polymer struc-
ture, the lack of other available methods capable of
quantitatively evaluating microstructure at this length
scale suggests that more frequent use of a WA-like
analysis is warranted. Although the topic of paracrys-
tallinity and disorder in these less perfectly ordered
systems (i.e., polymers) has been extensively discussed
in theory, many discrepancies between theory and
practice are still evident. In particular, the inability to
obtain, independent amorphous background profiles for
subsequent peak profile determination does lend some
doubt as to the reliability of this technique for studying
semicrystalline polymers. Yet, the present study has
demonstrated that many of these difficulties can be
overcome when suitable conditions exist.

The Fourier analysis of multiple peak profiles pro-
vides a straightforward procedure for separating the
major peak broadening mechanisms, namely the effects
of crystal size and disorder. This analysis has shown
that crystal size, lattice parameter fluctuation, and
displacement disorder of the second kind are all impor-
tant factors in determining the peak shape of P3DDT.
Although this parameterization is a convenient ap-
proach, there are important caveats. Polymers can be
highly disordered heterogeneous systems. Hence this
simplistic description of three generic line broadening
processes ignores much of the microscopic realities of
polymer structure. For example, distortions within
crystallites would be expected to increase when travers-
ing from the interior to the exterior of a crystallite
although the actual point at which the crystallite ends
(and amorphous region begins) may not be clearly
differentiated. Nonetheless, more studies on similar
polymer systems should be done to verify whether or
not other materials exhibit analogous variations in these
parameters. Obvious candidates are side-chain substi-
tuted materials, similar to P3DDT, that have increased
side-chain crystallinity. These large d-spacings provide
for multiple peak profiles that are relatively easy to
distinguish from the amorphous background.

This peak profile analysis has revealed much about
the variation of crystal size, lattice parameter fluctua-
tion, and displacement disorder within P3DDT as a
function of temperature. The significant overestimation
of crystal size by applying Scherrer methodology has
been demonstrated, with changes in crystal size being
best described as a thermal expansion of the average
6.5 unit cell crystallite dimension, with little or no real
change in crystal size. Relative lattice parameter fluc-
tuations have been shown to decrease significantly
through the LCP phase transition from a value near 2%
to a value well below 1%. It may even be possible to
relate this feature to an order parameter. The variations
in displacement disorder also contribute to the observed
peak profiles. Displacement disorder has been shown
to peak near the LCP phase-transition temperature,
suggesting a heterogeneous phase transition which
occurs in all crystalline domains. Starting out with a
relative minimum displacement disorder of 1.5% for 10
°C, having a maximum of ∼4% near 55 °C, and then

approaching another local minimum of 2.5% before
melting near 120 °C, these fluctuations in displacement
disorder suggest that local structural inhomogeneities,
in the form of side-chain melting, produce signatures
of paracrystallinity.
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