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Abstract

The stress corrosion cracking behavior of precipitation hardened alloys may depend on a
large number of microstructural parameters that vary during fabrication and heat treatment
such as grain size, grain boundary solute segregation, matrix precipitate size, grain
boundary precipitate size, precipitate free zone size, and matrix slip character.  All of these
factors vary simultaneously during normal heat treatments.  As a result, it is difficult to
assess independently the contribution of each microstructural factor to the SCC behavior of
an alloy.  To enable evaluation of the influence of grain boundary precipitate size
distribution on the deformation, fracture, and stress corrosion cracking behavior of Al-Li
and Al-Li-Cu alloys independent of these other factors, a series of experiments were
designed where the matrix yield strength (and therefore, the matrix precipitate size
distribution, etc.) was held constant while the grain boundary precipitate size was
systematically varied.  The relative SCC resistance of the heat treatment conditions was
evaluated by conducting slow strain rate tests and the deformation and fracture behavior of
these alloys was evaluated by scanning electron microscopy.
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Introduction

The beneficial influence of overaging on the intergranular stress corrosion cracking (SCC)
resistance of precipitation hardened aluminum alloys has been studied extensively and has
been the subject of numerous reviews (1-4).   Overaging has also been noted to have a
beneficial influence on the SCC resistance of nickel alloys (5,6).  The beneficial influence
of overaging on aluminum alloys has been attributed to changes in number of different
microstructural features including segregation of chemical species, precipitate size
distribution, matrix slip character (planar or wavy), grain boundary solute segregation,
grain boundary precipitate size distribution, and precipitate free zone (PFZ)  (3,4).  In
addition, the galvanic relationship between different intermetallic precipitate phases and the
crack tip has received renewed attention recently (1,2,7).  In most investigations, the effect
of heat treatment is studied by varying the aging time (or temperature) and quantifying the
changes in microstructure and SCC resistance.  Since a number of microstructural features
are varying simultaneously for these heat treatments, identification of the relative
importance of any one of them is difficult and subject to speculation. In addition, since
aluminum is a relatively active metal, hydrogen is always present during dissolution
causing uncertainty with respect to the cracking mechanism and increasing the range of
possible interactions that can influence SCC.  As a result, while a great deal of excellent
work has been conducted on this subject, relatively little can be concluded unequivocally
about any one microstructural feature.  Therefore, experiments were designed that would
enable isolation and evaluation of the influence of a single microstructural feature on SCC
behavior.

The microstructural feature selected for this study was grain boundary precipitate size.
Figure 1(a) is a phase diagram for the Al rich end of the Al-Li phase diagram with the δ
(AlLi) and δ′ (Al3Li) solvus lines as determined by Jensrud and Ryum (8).  By examining
this figure, it can be seen that there is a relatively large difference in the solubility of these
phases, but due to the significant difference in the coherency of these phases with the

Figure 1.   Binary phase diagram with Al3Li solvus determined by Jensrud and
Ryun (8) and schematics of microstructures for different heat treatments.



matrix, δ (AlLi) precipitates at the grain boundaries while δ′ (Al3Li) precipitates in the
matrix (9).   This coupled with the higher aging temperatures typically used for Al-Li
alloys results in significantly greater amounts of grain boundary precipitation in these
alloys than other precipitation hardened Al alloys.  Grain boundary fracture was a
problem with these alloys that was not completely eliminated by removal of harmful
impurities that segregate to the grain boundaries causing brittle grain boundary fracture
(10).  In alloys free of these harmful impurities, the grain boundary fracture surfaces have
a dimple morphology indicative of a ductile microvoid coalescence type of fracture.  The
influence of aging on this grain boundary ductile fracture (GBDF) was attributed to
similar mechanisms and microstructural features as SCC until Vasudevan and co-workers
demonstrated that the fracture toughness of a binary Al-Li alloy decreased with
increasing grain boundary precipitate size even when the matrix yield strength, and other
microstructural features were held constant (11-13).  They accomplished this by
quenching solutionized samples of this Al-Li alloy to produce microstructures like that
illustrated in Figure 1(b) and then aging these samples to yield different grain boundary
precipitate size distributions as illustrated in Figure 1(c).    Then, the matrix δ′ (Al3Li)
precipitates were redissolved by heating the sample to a temperature above the δ′ (Al3Li)
solvus, but below the δ (AlLi) solvus, as indicated in the phase diagram of Figure 1(a),
followed by quenching to produce a microstructure where the grain boundaries retain the
precipitate microstructure of the initial aging treatment while the matrix has been reverted
to the solutionized and quenched condition as illustrated in Figure 1(d).  The samples
were then given identical aging treatments to yield samples with identical matrix
precipitate size distributions, yield strengths, PFZs, and slip characters, but with
significantly different grain boundary precipitate size distributions.  The objective of this
work is to evaluate the role of grain boundary precipitate size and area fraction of grain
boundary precipitates (Af) on the SCC of Al alloys by conducting slow strain rate  (SSR)
tensile tests on samples of an Al-Li alloy given the same heat treatments.  Since the δ
(AlLi) precipitates on the grain boundaries of this alloy will be anodic with respect to the
Al matrix, a ternary Al-Li-Cu alloy was added to this study so that the influence of
copper containing grain boundary precipitates, which would provide surfaces that
stimulate cathodic reactions, could be evaluated.  In this ternary Al-Li-Cu alloy, δ′
(Al3Li) and T1 (Al2CuLi) precipitates form in the matrix while T2 (Al6Li3Cu) precipitates
form at high angle grain boundaries  (14).  During δ′ (Al3Li) reversion, the matrix T1 as
well as the grain boundary T2 are retained, so the subsequent aging treatments cannot
return the matrix to exactly the same conditions as is possible with the Al-Li binary alloy.
Therefore, it was assumed that aging these samples to produce samples with the same
yield strength would produce samples with similar matrix deformation characteristics.

Experimental

A binary Al-3% Li alloy with 0.5 % Mn and a ternary Al-2% Li-1% Cu alloy were
provided by Alcoa for these experiments (in these alloy designations, percent refers to mass
fraction).  The compositions of these alloys and the heat treatment temperatures are
indicated on the binary Al-Li phase diagram of Figure 1(a).  The binary alloy samples were
solution heat treated at 550°C for an hour, cold water quenched and aged at 204°C for 250,
48, 8 and 0 hours.  Reversion of the matrix δ′ (Al3Li) precipitates was carried out by
heating to 338°C for one minute in a molten metal bath followed by cold water quenching.
The samples were then reaged for 1 hour at 177°C to produce samples with essentially
identical matrix microstructures and yield strengths (173 MPa). The ternary Al-Li-Cu alloy
samples were also solution treated at 550°C for one hour, cold water quenched and then



aged at 177°C for 32, 16, 4 and 0 hours.  The δ′ (Al3Li) precipitates in this alloy were
reverted by heating at 288°C for one minute in the molten metal bath followed by cold
water quenching.  To accommodate the fact that T1 precipitates in the matrix were not
redissolved by the reversion heat treatment, these samples were reaged for different times
to produce nearly identical yield strengths (163 MPa), and therefore, similar matrix
deformation behavior: 0, 10, 30 and 30 minutes at 177°C.

The SSR tensile tests were conducted on cylindrical samples prepared with their axis
parallel to the rolling direction 15 mm long with a gage diameter of 2.0 mm.  The
environment was contained in a closed polytetrafluoroethylene (PTFE) environmental
chamber through which nitrogen gas was bubbled.  The samples were deformed in tension
at a constant cross head speed of 2.54x10-8 m/s.  Two different aqueous solutions were used
for these tests:  (1) 0.5 mol/L NaCl and (2) a 0.5 mol/L NaCl solution with 0.05 mol/L
NaHCO3, 0.05 mol/L Na2CO3 and 0.1 mol/L LiCl.  The inert reference environment tests
were conducted at the same strain rate in the environmental chamber with flowing nitrogen
gas.  The potential of the samples was monitored continuously with a glass capillary and a
calomel reference electrode.  The grain boundary precipitate size distribution for the binary
alloy was determined as part of an earlier study (11-13).  The quantity and size of the
precipitates was reduced to a grain boundary area fraction of precipitate (Af) using the
relationship derived by Vasudevan and Doherty (11).

Results and Discussion

Figures 2(a) and 2(b) show the strain-to-failure in the SSR tests for the alloys and heat
treatments as a function of the total grain boundary precipitate aging time (the sum of the
before and after δ′ (Al3Li) reversion aging times).  By examining these figures, it can be
seen that increasing the grain boundary aging time; and therefore, the size and area fraction
of grain boundary precipitates, reduced the strain to failure in nitrogen for both alloys.
This trend for the binary alloy in nitrogen is essentially identical to that observed
previously for this alloy in laboratory air at a strain rate about two orders of magnitude
faster (11-13).  In addition, this figure shows that the deviation between the strain-to-failure
in the aggressive environments and nitrogen decreases as grain boundary aging time
increases with almost no difference being observed between the environments for the two
longest heat treatments.  While both alloys indicated similar trends, the magnitude of the
reduction in the strain to failure for the binary Al-Li alloy was greater than that observed
for the ternary Al-Li-Cu alloy.  Since the strain-to-failure in the inert reference
environment is decreasing significantly with grain boundary aging time, a ratio between the
strain-to-failure in the aqueous environments and the reference is not a good incidactor of
susceptibility.

Figure 3 shows the area fraction of grain boundary δ (AlLi) for the binary alloy determined
by Vasudevan and Doherty (11) by measuring the grain boundary precipitate size and
density, as a function of square root of the total grain boundary aging time with a line
through the data determined by linear regression.  Since Embury and Nes (15) developed a
simple model for the initiation of voids by grain boundary particles that predicts that the
fracture strain should vary with the inverse square root of the grain boundary particle area
fraction (1/√Af), the strain to failure for the binary alloy was plotted as a function of 1/√Af

in Figure 4 and a linear dependence (with a correlation coefficient of 0.97) was found for
the nitrogen results similar to that reported previously (11-13).  Examination of the strain to
failure data for the aqueous solutions indicates that for the two aging conditions with larger



 

Figure 2.  Strain-to-failure as a function of grain boundary aging time for the
alloys and testing environments.

grain boundary particles (1/√Af <2.3), the strain to failure follows the line determined by
linear regression for nitrogen, but then follows a line with a lower slope for larger values of
1/√Af .  Linear regression of the strain to failure data against 1/√Af for the three heat
treatments that fall on this line in both solutions yields a slope of 0.030 ±0.005 with a
correlation coefficient of 0.95 which compares to the slope determined for the nitrogen
results of 0.101 ±.018.  This change in slope is probably due to the change from the GBDF
mechanism to the SCC mechanism, but the fact that the slope is not zero indicates that the
grain boundary precipitate area fraction also has an influence on the SCC mechanism.

Figure 3. Grain boundary area fraction of
δ (AlLi) in Al-Li alloy determined by
(11).

Figure 4.  Strain-to-failure for the Al-
Li alloy as a function of area fraction
of grain boundary δ (AlLi).

Figures 5 and 6 show the fracture and deformation behavior the binary Al-Li and ternary
Al-Li-Cu alloys observed in this study respectively.  Figures 5(a), 5(b), 6(a), and 6(b) show
the deformation behavior observed on the polished sides of tensile samples after fracture in
nitrogen.  Samples with smaller grain boundary particles had less evidence of secondary
cracking when slip intersected grain boundaries which can be seen by comparing Figure
5(a) and 5(b) for the binary alloy and Figures 6(a) and 6(b) for the ternary alloy.  Mixed
intergranular and transgranular fracture was observed on all of the fracture surfaces.  Since
these samples are fully recrystallized with high angle grain boundaries and have a
propensity to exhibit GBDF in the age hardened condition, ductile intergranular fracture
with dimples on the grain boundaries, as shown in Figures 5(d) and 6(d), is to be expected
in the inert environment and in the aggressive environments as shown in Figures 5(d) and



Figure 5.  Micrographs of Al-Li samples:  (a) N2(g) low Af(δ), (b) N2(g) high
Af(δ), (c) 0.5 mol/L NaCl  low Af(δ), (d) 0.5 mol/L NaCl high Af(δ).

6(d).  Since the samples were tested in the rolling direction and the grains are elongated in
this direction, some transgranular fracture was observed in all samples, but the extent of
intergranular fracture was observed to increase with decreasing ductility.  In the aggressive
environments, the grain boundary fracture surfaces became smooth and undulating in the
binary alloy for heat treatments where ductility was reduced, as shown in Figure 5(c), but
retained a dimpled morphology for the heat treatments unaffected by the environment as
shown in Figure 5(d).  Similar results were obtained for the ternary alloy, shown in Figures
6(c) and 6(d), except that small bright particles were observed on the intergranular fracture
surfaces, as shown in Figure 6(c), which presumably are the Cu rich grain boundary
particles or the Cu rich residue left after corrosion of these particles.  Since these grain
boundaries are high angle boundaries, the grain boundary particles in this alloy should be
T2 (Al6Li3Cu), but the lithium in this phase is probably still active with respect to the open
circuit corrosion potential of the alloy or even the bare suface potential of the crack tip, so
the lithium in this phase will tend to dissolve from the surface of this intermetallic phase
leaving behind a Cu rich sponge (7, 16)

For both alloys to exhibit the same trend with increasing grain boundary precipitate area
fraction in nitrogen gas is to be expected based on the previous work of other investigators
even though their work was conducted in laboratory air at higher strain rates  (15, 11-13).
However, for similar behavior with increasing grain boundary precipitate area fraction to
result in the aggressive environments (or similar deviation from the behavior in the inert
environment)  when the second phase particles in one alloy are anodic while cathodic in the
other alloy, is contrary to the predictions of the intergranular dissolution mechanism of



Figure 6.  Micrographs of Al-Li-Cu samples:  (a) N2(g) low Af(Τ2), (b) N2(g) high
Af(Τ2), (c) 0.5 mol/L NaCl low Af(Τ2), (d) 0.5 mol/L NaCl high Af(Τ2).

SCC as put forward by Dix (1, 2).  In this and similar dissolution based models for SCC, a
logical first order assumption would be that increasing the grain boundary area fraction of
an anodic phase will promote cracking while the reverse should be case for cathodic
phases.  Dix (2) postulated this mechanism to explain why precipitation of grain boundary
phases reduces SCC susceptibility in Al-Cu alloys.  Clearly, a continuous or nearly
continuous anodic phase could result in intergranular corrosion, but a cracking mechanism
that requires stress may behave differently. Also, while one may postulate that lithium
dissolution increases the crack tip solution pH, since lithium will not hydrolyze in the crack
tip solution, and that cathodic particles stimulate hydrogen evolution, both increasing pH
and stimulating dissolution at the crack tip, it seems unlikely that these and other second
order effects could dominate behavior.  A more likely explanation would be a combination
of that put forward by Bruemmer et al. (5) for the influence of second phase grain boundary
particles on the SCC of an Ni-Cr-Fe alloy and by Embury and Nes (15, 11-13) for the
influence of second phase particles on the normal ductile fracture behavior of these alloys
(GBDF).

If one assumes that the SCC mechanism and the GBDF mechanism are competing to
produce the final fracture, then one would expect a sudden transition in the strain to failure
trend with respect to grain boundary area fraction and fractography when the dominating
mechanism changes as shown in Figures 4, 5, and 6.  Since these samples are heat treated
to have the same yield strengths, the stresses in the samples at the onset of deformation are
the same, but since increasing the area fraction of grain boundary phases reduces the strain
to failure in the inert environment, it is clear that increasing the grain boundary area



fraction of these phases stimulates the deformation and microvoid nucleation that is
responsible for GBDF which is in accordance with the TEM study of Bruemmer et al. (5).
If one assumes a cracking mechanism for SCC that depends on strain to promote crack
propagation (e.g. slip-dissolution), then increasing the area fraction of grain boundary
particles, which promotes deformation at grain boundaries and GBDF, should not suppress
this form of cracking.  On the other hand, if the SCC mechanism requires a critical stress to
operate, then promoting local grain boundary deformation, which reduces these stresses,
will suppress SCC.  Therefore, these results indicate that the mechanism responsible for
SCC is not slip activated, but depends on the hydrostatic stress at the grain boundary.  That
is, if one assumes that the properties and the size of the PFZs are identical, or nearly
identical for these heat treatments as previous studies indicate (11-13), then one must
conclude that the shear stress required to nucleate slip by dislocation motion is also the
same.  This leads one to the conclusion that increasing the grain boundary particle size
increases the elastic incompatibilities between the particle and the matrix increasing shear
stresses; and thereby, reducing the amount of macroscopically applied strain required to
produce the same amount of deformation at the grain boundary.  This also serves to lower
the applied load at fracture and the ultimate tensile (engineering) stress.  More importantly,
it will lower the maximum value reached by the hydrostatic component of the stress tensor,
particularly at the grain boundary, which appears to stop the SCC mechanism.  Therefore, it
appears that the SCC mechanism depends on the magnitude of the hydrostatic stress which
is consistent with mechanisms proposed to explain hydrogen embrittlement, but does not
completely rule out anodic induced brittle fracture mechanisms.

Conclusions

A carefully designed set of experiments were conducted on samples of two Al alloys where
the area fraction of second phase grain boundary particles were varied keeping all other
microstructural features as constant as possible.  While the design of this experiment does
not enable concluding anything about the relative importance of this microstructural feature
compared to others, it does enable concluding unequivocally that increasing the grain
boundary area fraction of second phase particles reduces susceptibility of these alloys to
SCC under these conditions.  It also implies that to understand the influence of any other
microstructural feature, the influence of this feature must be taken into account.
Comparing the behavior of the two alloys indicates similar trends for both even though one
alloy forms an anodic phase at the grain boundary while the other forms particles that will
stimulate cathodic reactions.  Therefore, it is concluded that the mechanism of the
beneficial influence is primarily mechanical rather than electrochemical and that the
mechanism of intergranular SCC in these alloys depends more on a critical stress state at
the grain boundary rather than on critical strains or strain rates.
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